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THE QUESTION OF THE ANISOTROPY OF ELECTRICAL CONDUCTIVITY 
IN FERROMAGNETICS * 


K.P. RODIONOV and V.G. SHAVROV 
(Received 18 June 1956) 


On the basis of the concrete form of energy spectrum in conduction electrons, obtained 
by Turov [8] within the framework of an s-d exchange model with calculation of the spin- 
spin interactions of the s and d electrons, we have calculated the anisotropy of electrical 


conductivity in ferromagnetics. 


1. In the quantum theory of electrical conducti- 
vity evolved by Bloch [1], the solution of the kine- 
tic problem was carried out by means of a special 
hypothesis as to the form of energy spectrum in 
conduction electrons : it was supposed that the 
energy of the E electrons depended on the modulus 
of the quasi-impulse of the & electrons. Such a 
simplification amounts to regarding the electrons 
in metal as quasi- free. However, in real crystals 
the electron energy is not a spherical, symmetri- 
cal function of the wave - vector, but depends both 
on the magnitude of the quasi- impulse and on its 
direction, moreover this dependence differs in dif- 
ferent metals. The calculation of the current 
together with the exact dependence of energy on the 
wave vector is a very complicated mathematical 
problem, which has not yet been solved for the 
arbitrary form of energy dependence on the quasi- 
impulse of the electrons. 

Generally, the relation between the current j 
and the electric field F for an anisotropic metal 
takes the following form :- 


3 
Ji= » oF; (i= 1, 2, 3), 
jel 


where the electrical conductivity o;; is a symmetri- 
cal tensor of the second rank. As a result of the 
simplifying hypothesis as to the spherical sym- 
metry of the surface energy in the field of the 
quasi - impulse, the calculations made under 
Bloch’s scheme could not give the anisotropy of 
electrical conductivity. 

The problem of the anisotropy of electrical con- 
ductivity was considered by Blochinzev and 
Nordheim [2], Ljolje [3], Sonderheim [4] and others. 
In Baroody’s work [5] the anisotropy of electrical 
conductivity was obtained by the solution of a 
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kinetic equation. Ile investigated two instances : 
(1) when the function, characterizing the inter- 
action of the electrons with the lattice vibrations, 
is isotropic, but the energy depends on the wave- 
vector (and not on | K|): (2) when the energy is 
isotropic but the anisotropy is allowed for in the 
function of interaction of the electrons with the 
lattice vibrations, which has the following form: 


W =W,(1 +¢cos?9) |e! <1, 


where @ is the polar angle of the vector q= + (k’-k). 
However, all these works concerned non- ferro- 
magnetic metals and were based on a single - 
electron approximation. 

Akulov [6] has showa that the anisotropy of 
electrical conductivity in ferromagnetics can be 
obtained phenomenologically, merely on the basis 
of the symmetrical properties of the crystal. 

In Vonsovski and Rodionov’s work [7] the aniso- 
tropy of electrical conductivity was calculated 
semi - phenomenologically in an approximation of 
the free electrons in the metal according to Drude’s 
formula, on the basis of a quantum-mechanical 
model of a ferromagnetic. Much more interest, 
however, is afforded by its accurate calculation 

on the basis of a microscopic analysis of the 
anisotropy in a kinetie equation of the problem. 

The aim of the present work is to obtain the 
anisotropy of electrical conductivity in ferro- 
magnetic metal through the solution of a kinetic 
equation, making use of the concrete form of energy 
spectrum of the conduction electrons obtained by 
Turov [8]. 

2. The expression for the energy of the conduc- 
tion electrons in ferromagnetics, calculated in 
ferromagnetics, calculated in Turov’s work within 
the framework of an (s-d) — exchange model by 
calculation of the spin-spin interaction of the 
s and d electrons, may be presented in the fol- 
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lowing form :- 


m 2 2 
_+ ko. G = 
m 


m and K pare arbitrary multiples corresponding to 
the dimensions of mass and of the quasi-impulse: 


m°. and m? = 
’ . e 


the “longitudinal” and “transverse” effective masses 
of the conduction electrons, determined by the for- 


mulae :- 
h 
2a? (3 — Que (p’ — 2R)] 


» (3) 





A? 
m =m =m = “ > (4) 
2a5 [8 — 2uc (8’ + R)} 





a’ B and B’=the integrals of the coulomb and ex- 
change electrostatic interaction, obtained in the 
works by Vonsovski [7] and Turov [8]; o = + 1/2 
depending on the spin orientation of the s-electron 
in relation to the magnetization of the d-electron 
system; » = the average magnetic moment, arriving 
at one d-electron, in terms of Bohr’s magneton; 

R =the sum of the “quasi-exchange” and “quasi- 
coulontb” integrals of magnetic interaction; Qo is 
the lattice constant. On the basis of the form of 
energy spectrum (1), the ellipsoidal surface of 
constant energy can be expressed parametrically 
in the following form: 


k, =a, sincos@, ky =a, sin) sin 9, 
k, =c, cos 9, (5) 


where 6 and ¢ = the co-ordinates, fixing the 
point on the surface of constant energy. The energy 
spectrum adopted corresponds to the simplest ins- 
tance, when the crystal is magnetized along one 
of the crystallographic axes [100}. Since this 
energy depends on the vector of the quasi-impulse 
of the electron, the solution of the kinetic problem 
differs from that proposed by Bloch. 

For the initial kinetic equation we adopted an 
equation which was obtained in Baroody’s work 
[5]. It is analogous to that of Bloch [9], butwith out 


the simplifying hypothesis as to the spherical, 
symmetrical dependence of energy on the quasi- 
impulse. For instance of high temperature (but 
still low in comparison with the Curie point), 
this equation has the following form :- 


{= feos bai 9’) — g (9, ¢) 
i\ “a 


ds’ 
higrad g E| 


(6) 


IIere D = 4n*heMF/xT ; e is the electron charge; 

m is the mass of the lattice ion; x is the Boltzmann 
constant; 7 is the absolute temperature; gu(0,) = 
the surplus term to the function of distribution, 
depending on the co-ordinates 0 and ¢; dE /dkr 

is the derivative from energy along the quasi- , 
impulse in the direction of the electric field F; 
dS’ is the area element on the surface of constant 


energy; 
W = gs feos aon 


“ai 


(7) 


the function of interaction of the electrons with 
the lattice vibrations; and 


K,)= fu) mz, de (j= 1, 2, 3), 


where 0V/ds. is the gradient component of the 
lattice potential V (r) in the direction of the, pola- 
rization of the wave - lattice, but u> (r) is the 
periodic part of the wave-function of the electron; 
@- is the frequency of the wave-vibration of the 
lattice with the wave - vector q and the polariza- 
tion j. This calculation differs from that given in 
[5] in that we make a simultaneous calculation 
both of the anisotropy of the electron energy and 
of the anisotropy of the interactive function, aris- 
ing from the former. 

The expression for the point, according to 
Baroody, is as follows :- 


= ¢0) cos sin & dv— (8) 


0 


. 


i, ™ 


Qx%h 


for the electric field, directed along the direction 
of magnetization of the crystal (along axis z), 
whilst 


2s x 


won | J 8 (¥}, g) sin?9 cos pdd dy — (9) 
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for the field along axis x. 
In order to find the interaction function W (1) is 
written as follows: 
» _— ) hth? 
— os 2m, * (10) 


—> 


ko 
a F i 
where m> is a certain generalized effective mass 
of the conduction electrons, which is found from 
the relation :- 


%o COS? U. (11) 


where 


(12) 


Continuing with calculations analogous to those 
made in [9], and taking into consideration (10) 
and (11), we obtain: 

Ou 


: Au-ds —_ 


OS; 


ae : du-. 
“= k— i, | : Vu .d= _— 


a OS; 
m, j ) 


=— = {2 (cos? — cos?#’) 


= : du", 
— h?iz,\ k cos?— k’cos?9’, \ — vu-dt | . (13) 
Sj 


It is practically impossible to solve a kinetic 
equation with such an interactive function. Fva- 
luation of the order of magnitude of the expressions 
1/m? y% on the basis of (4) and (12) gives, respec- 
tively, ~10?’ and ~ 10%. Ignoring the first and 
third terms in (13) as infinitesimals of the third 
order relative to the second item, and supposing 
that u» and up, are approximately equal to one 
another, and that the directions of polarization 

are only “longitudinal” and “transverse” [9] 

we obtain the following formula instead of formula 
(13) :- 

ee SE. whe Fm | lade 


me Os, 


It is essential to note that all these simplifica- 
tions are crude and made only to facilitate the 
mathematical calculations. It is only in this one 
place that the infinitesimals of the third order are 
ignored. In all other cases terms of such an order 
are taken into consideration. 

Let us now introduce the value 5a which charac- 
terizes the degree of anisotropy of the effective 


mass of the s-electron and is determined from the 


relation 


C; = ds (I + 4,), 

where cg and a, are given by (2). In order of 
magnitude gp=0~10%.- Taking (5) into considera- 
tion, with an accuracy g9=~10°, we obtain (14). 

W =A, (1 —sin 4 cos gsin ¥’cos 9 — 

— sin U Sin gsin 0’ sin ©’ —cos i cos W + 

+ ¢6cos*i) — 26 cos ¥ cos 0’ + 6 cos?t’), (14) 

2hta? 1? 


\2 
ws, (m°, ) 
41 


A,= 


If the lectric field is directed along axis z, then 
after substituting the interactive function (14) in 
kinetic equation (6) and making certain changes, 
(6) takes on the following form (with accuracy to 
o to the first power): 


5 ind , . , > , , 
— (! + =) ay + 399%, + bya & (y) dy! = 


where 7 = cos @. 


When the electric field is directed perpendicu- 
larly to axis z (along axis x), we have: 


ee « 2 
sea ( as 7 sin 9 cos @ sin?)’cos 9” — 


i Oe ere: f 5 
“i — ) sin} sin ¢ sin} sing’ — {I + 3) 


cos sin #’ cos #’ + 4sin bh cos* cos @ sin?’ cos 9 + 


+4 sin 9 cos?) sing sin’ sin e” + 8 cos*4 sin bcos O/+ 


, ? - * 
+5 sin ¥ cos | g(i 3) 4 
7A, a3 c, 


-D {(! — re sin } cos e —8sin } cos") cos o| ‘ 





Anisotropy of electrical conductivity in ferromagnetics 


These equations are integral equations of the 
Fredholm type with a confluent kernel. Substitut- 
ing them in (8) and (9), we obtain the following 
expressions for the electrical conductivity along 
axes z and x respectively: 


on” =B.. 


where 
C2e°Mm 


Pp Se 
nA Tks 


Ve now introduce the denotation : 


Then on the basis of (3) and (4) we can write: 
aa ; 

ara = 4, F Daye = 4, — 3. 

my m, 


Further, taking into consideration that 


= s* 4-6 ? 
where o + and o are the electrical conductivity for 
the electrons with right-hand and left-hand spins 
respectively, and making some simple changes in 


(15) and (16), we obtain: 


¢ =3,+ 20, + 9,, (17) 


(18) 


where 


Pare 


= 4 gy #R 


= 3 


5 32 





It can be seen from these expressions that the 
change in electrical conductivity obtained by cal- 
culation of the spin-spin interaction of the s — and 
d— electrons both “longitudinally” and “transver- 
sely”, proportional to the square of the magnetiza- 
tion of the ferromagnetic (Thomson Goldhammer 
effect), is fully in agreement with experimental 
findings. The s-d exchange model used by us does 
not take into consideration all the peculiarities of 
ferromagnetics, but all the calculations we have 
made show that, when a microscopic calculation 

of the anisotropy is made in a kinetic equation, 
within the framework of this model, a departure 
from Akulov’s rule of even effects is obtained. 

The magnitudes o, and o,- determine this departue, 
and include both the isotropic and the anisotropic 
part. The latter has emerged from calculating the 
anisotropy in the interactive function (7). 

By substituting (19) in (17) and (18), we finally 
obtain the following term for the magnitudes of 
relative change in electrical conductivity, depending 
on the direction of dimension: 


es. = w ‘ (20) 


So Jt 


Yo 


5 
bs, — 32 2 FR | (21) 
oT 


So 


Thus the signs for the longitudinal and transverse 
effects coincide, which is in agreement with ex- 
perimental findings. The presence of an anomaly 
in the relationship of the signs (coincidence of the 
signs) of the longitudinal and effects was esta- 
blished by Bates [10] for high-coercive alloys 
and by Drozhzhina and Shur [11] both for high - 
coercive and for magnetically -soft material, and 
also by other research workers. In all these works 
the signs of the effects were identical. Vonsovski 
[12], out of general considerations of symmetry, 
explained this anomaly theoretically by the pre- 
sence of “volumetric” effects. Ile established a 
criterion, when the signs for both effects are iden- 
tical, and pointed out that a microscopic theory 
must explain at least the possibility of its exist- 
ence in principle. Formulae (20 and (21) obtained 
in the present work show that this criterion is ful- 
filled here. 

From (17) and (18) we have 
(S) = 22h 22 


fae 
Oo}, 
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A comparison of these expressions with formulae 
(5) and (6) in Vonsovski’s work [12] shows that 
the second terms in (22) and (23) are connected 
with the “volumetric” effects (i.e. with the aniso- 
tropic constant K,), whilst the magnitude 0,/ap is 
connected with the remaining four anisotropic con- 


stants. 
In conclusion, we express deep gratitude to 


S.V. Vonsovski for examining the results of our 
work and making a number of valuable observations. 
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THE POSSIBILITY OF SPONTANEOUS IONIZATION IN A SYSTEM 
OF ELECTRONS INTERACTING IN A CRYSTAL * 


M.S. SVIRSKI and S.V. VONSOVSKII 
(Received 26 December 1956) 


A consideration is made of the criteria of spontaneous ionization in a system of electrons within 
the framework of the polyelectron polar crystal model. 


l. The greater difficulties associated with an 
accurate solution of the polyelectron crystal prob- 
lem compel us to turn to an approximate treatment 
of this problem, such treatment being based on 
various simplifications in the model representing 
a real crystal. At the present time, use is made of 
two main types of simplifications, one of which 
starts with the Heitler-London-Heisenberg general- 
ized model (-which will be referred to as HLH 
model), and the other is based on the electron 
group model. It is regarded, generally, that the 
first model can be employed successfully in inter- 
preting the various electronic characteristics in 
dielectric and semiconductor crystals, while the 
other model is most conveniently employed in the 
study of crystals in metals and metal alloys. 

However, the possibility of making use of the 
HLH model in the study of metallic crystals was 
indicated in the work by Shubin and Vonsovskii 
[1]. In the polar crystal model, as distinct from 
the exchange model (which was first used in ex- 
plaining ferromagnetism) due consideration is 
given also to such states of the electron system, 
in which, in accordance with Pauli’s exclusion 
principle, there are present in the individual lattice 
centres not only single valency electrons with one 
of the two possible spin orientations (neutral or 
simple lattice centres), but also crystal lattice 
centres with two valence electrons and with anti- 
parallel spins (negatively ionized centres or doub- 
lets) and, finally, an equal number of centres having 
no valence electron at all (positively ionized 
centres or holes). The presence, in the basic crys- 
tal state, of doublets and holes and their free move 
ment within the crystal lattice enable us to explain 
the characteristics of electrical conductance in 
metals and of the other properties connected with 
it. 

In investigations referred to in [1] use was made 
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of a semi-classical approximation, which enabled 
a rigid determination of the relationship between 
the disposition, with respect to one another of the 
lowest energy levels in an electron system and 
with respect to the number of 2s ionized centres. 
This calculation was done on the assumption that 
the number s represents an interval of motion, and 
that, as a result of it, it is possible to classify 
the bands in energy spectra in terms of definite 
values of s numbers.* Four types of atomic energy 
are involved in the calculation in question: the re- 
pulsion energy A of two valence electrons in a pair 
of electrons, the repulsion energy Bgq of two 
valence electrons situated at any two different 
lattice centres q and q’, the exchange energy lag) 
of an electron pair, and finally, with the transfer 


energy Lgq’ corresponding to the transfer of an 
electron from lattice centre g to centre gq’. From 
the physical viewpoint, it is not difficult to under- 
stand the role played by the above energy types in 
any change of the degree of crystal ionization. 
With increasing ionization, the contribution of 


energy A to the electron energy system in a crys- 
tal increases in direct proportion to the value of 
the ratio s:sA. The change in the interaction of 
energy B with the total energy of the system is 
defined by the expression (with respect to the 
nearest neighbours): 


(a — 8) B, (1) 


where, a is the number of pairs next to doublet- 
doublet and of pairs neighbouring with hole-hole 
and B is the number of pairs neighbouring with 
doublet-hole. From the above expressions it 
follows that the influence of energy A (which is 





* This approximation requires a Jow probability of 
formation and breakdown of the pair (doublet-hole), 
in comparison with the probabilities of other processes; 
for instance, the exchange or transfer between ionized 
centres. This case can be realized, for example, in a 
ferromagnetic crystal with magnetic spin saturation of 
neutral centres, if magnetic interaction is neglected. 
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equivalent to the energy of ionization) is always 

in the direction inhibiting the ionization of a cry- 
stal, whereas the effect of energy B depends essen 
tially on the distribution, with respect to each 
other, of the ionized lattice centres within the 
body of the crystal and, therefore, depending on 

the relative values of the order parameters |a| and 
|B |,it can be negative or positive, and hence it 
can either favour or inhibit the progress of crys- 
tal ionization. 

In addition to the effect of the above pseudo- 
coulomb energies, the overall energy balance of a 
system can be affected also by the specific quan- 
tum energies of transfer L and exchange /. The com 
tribution of the exchange energy to the total energy 
of the system is (with respect to the neighbours): 


(vs—a-—y)], (2) 


where v is the number of lattice centres in the 
neighbourhood of a given one, and y is the number 
of neighbouring neutral lattice centres with anti- 
parallel spins. Depending on the sign of interval 
I, and on the relationship between the values of 
vs, |a| and | 8|, this contribution can, just as in 
the above case (1), either favour or hinder the pro- 
cess of increasing the number of ionized lattice 
centres. The transfer interval L which, contrary to 
the “potential energies” A and B, has certain 
features of “kinetic energy” connected with trans- 
lational motion of electrons inside the crystal 
lattice, defines the width of the energy band cor- 
responding to a given s number. In the case of the 
accepted relationships between the absolute values 
of energies A, |/| and |L|, it may prove that the 
lowest energy level of an energy band correspond- 
ing to any value of So > 0 will lie below the energy 
of the homopolar state (with s = 0). 

In a special case [2] when in a simple cubic 
lattice the condition 


A —~61-—12|L| <0 (3) 
is obeyed, the lowest of the minimum levels in the 


energy bands corresponds to a band with: 


—n (A +61 —12|LI) (4) 
24 |L| 


So = 





where, 7 is half of the total number of crystal 
centres, and the energy of this level equals 


—n(A + 62 — 12|Lj)? (5) 
4811) 





Emin = 


Thus, it follows from the above that the simple 


classical concepts that do not take into account 
the effect of ionized centre distribution in a crys- 
tal and ignore the basically quantized “energies”, 
can lead to an incorrect deduction that the ionized 
state is inadmissible on the grounds of absolute 
energy considerations. 

In this connexion, attention is drawn to an inter- 
esting article by Mott [3], in which definite con- 
clusions are drawn as to the nature of ionization 
in electronic crystal states, and on the unsuit- 
ability of the Heitler-London-Heisenberg general- 
ized model for explaining crystal phenomena con- 
nected with conductivity in metals. This author 
clainfs, in particular, that at low values of s, the 
energy of the system always increases with in- 
creasing degree of ionization, just because of an 
insignificant fact that there is an increase in the 
classical ionization energy. It is only with con- 
siderable values of s, when the screening effect 
becomes significant, does the author admit the 
possibility of ionized states from the viewpoint of 
energy considerations. We shall also remark that 
these qualitative conclusions of the author in 
question find no confirmation by mathematical 
calculation. 

In the light of the analysis made above within 
the framework of a polar model, we consider that 
Mott’s postulate on the absolute instability of 
weakly ionized states is unfounded, first of all 
because no account was taken of the role played 
by the eminently quantized members (/ and L) in 
the system energy. Mott’s conclusion can be valid 
only in a special case when the ionization energy 
A is considerably higher than the absolute value 
of the remaining “energies”. As it follows from 
work referred to in [1], this condition is realized in 
the case of dielectric and semiconductor crystals 
From test results obtained in investigation [1], it 
is easy to deduce curves for the dependence of the 
energy of an electronic system in a crystal on the 
degree of its ionization S/N (in Mott’s symbols 
[3], the function of E (n/N), see also Fig. 1 [3)). 
This relationship was investigated by us for various 
values of the intervals A, / and L. The results ob- 
tained are represented graphically in Fig. 1. It 
should be noted that, since in our semi-classical 
calculations we have introduced continuous point 
functions instead of discreet quantized Bose - 
operators of secondary quantization, the pseudo- 
coulomb interaction associated with B intervals, 
generally, disappears. The influence of Hamiltonian 
members on B intervals can be investigated without 
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passing to continuity. Such investigation shows 
that an interaction of the B interval type can lead 
to a drop in the F(s) curve in the region of higher 
s values, just as was the case in Mott’s considera- 
tions, but that, in addition, this interaction can 
also lower the energy in the regions with low s 
values (for details see [1]). Thus, the existence 
of spontaneous ionization states at low s values 

is fully possible, which is contrary to Mott’s 
opinion, and this will be shown to follow from 
quantum effects calculations that will be dealt with 


later on. 
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FIG. 1. 


2. The problem cf defining the lowest energy 
state in a system of interacting electrons on the 
basis of a polar crystal model was .considered al- 
so in the works of Bogoliubov and Tiablikov [4-5]. 
At first sight, it may appear (see paragraph 4, [4]). 
that the works provide a quantitative basis for 
Mott’s concepts on the inadmissibility, from the 
energy viewpoint, of weakly ionized states. How- 
ever, a more detailed analysis of the problem shows 
that this conclusion is far from true. 

In order to prove it, let us consider the differ- 
ence in energies between the ionized and homo- 
polar states, which is given, in a zero approxima- 
tion by Bogoliubov’s theory [4]. 


E—E, = ae ¥M (NA, — (Na — 1) 
(f1 f2) 


| (9, 92) 5%, (qi) 87e(42) 491 dg. (6) 


where, F is the energy of ionized state, Fo is the 
energy of homopolar state, ® (q,, 92) = e?/|¢,- 92| 


is the interaction energy of two electrons at a dis- 
tance of | 4, q2|, Of is a system of orthonormalized 
mono-electron functions, and Nf are filling numbers 
of state “f For comparison purposes, several 
formulae from Bogoliubov’s calculations will also 
be given in what folléws. First of all, we shall 
introduce the simplified expression: 


p(g) = S(N,— 1) 67 (q). 
Wherefore, equation (6) takes the form of 


E—E,= =| 2 (41) P (9s) 


da dq,. (8) 
ia 


Hence, we get that: 


23 4x V 1 
E—E,=— a 
° 2 (2n)s N = [kj | q) 
k+0 


exp [i(kg)] dq ° >0. (9) 


On the basis of equation (9), Bogoliubov comes 
to the conclusion that the energy Fo, which corres- 
ponds to the homopolar state (Nf= 1, p (q) = 0), is 
the lowest energy. 

The following comments are necessary in con- 
nexion with the above deductions. Firstly, expres- 
sion (6) was derived for the case of a simple cubic 
lattice only. Secondly, formula (6), which repres- 
ents zero approximation, takes into account only 
the pseudo-coulomb energies and ignores the 
specific quantum members associated with the ex- 
change and transfer intervals which appear only at 
higher degrees of approximation*. 

Thirdly, the terms “homopolar” and “ionized” 
state, as used above, have meanings which are 
different from the usual ones and which apply only 
to Bogoliubov’s theory, since here they are meant 





* It is understood here, that we are dealing with ex- 
change and transfer intervals constructed by means 
of an orthonormalized function Of, for instance, 


e? 
‘ ‘ite { agama Ye, (91) 84, (91) By, (G2) 9p, (G2) daid qo. 


On passing, however, from the Of system of func- 
tions to an ordinary atomic function Pf, the quan- 
tized energies appear already in zero approximation, 
for instance, those of the transfer type intervals con- 
structed with the help of the Pf function. However, 
the transition from Of to? f is pointless in 
Bogoliubov’s theory, because then members of iden- 
tical low order, magnitude appear in the operators 
Ho, €H, and eH, , and the division into zero, first, 
second, etc. approximations is meaningless. 
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to characterize the uniform or non-uniform distri- 
bution of electrons not in atoms but in states as 
defined by orthonormalized mono-electron functions 
Of, which represent linear combinations of the 
atomic functions f. For reasons of energy con- 
siderations, only in the case of a negligibly low 
non-orthogonality interval, can Bogoliubov’s re- 
sult be interpreted as admitting the possibility of 
the homo-polar state, in the usual meaning of this 
term. 

Let us now consider equation (6) in approxima- 
tion to its nearest neighbours: 


N 4] 
E ~ Ey = | P09, $2) 979) (92) dd ge + 
+ us x (Ny, ii. 1) Pq, 92) %F 444,91) 
pth: : ; 
[Mr etet: — 87 har, G2) + 
+ (Ny att, — 1) %G,-atys, (G2) + 
+ (Nyt tel, —| ) 67 + taf, (9) - 
+ (Ny fy-al, ais I) "7, 4,-uf, (92) + 
HANS ,4,7.84— 197, 4,1,40 (G2) + 
tN ty, «= ") 814-0] 49 dg. (10) 
In the case of a short, linear chain of atoms with 
a maximum degree of ionization, and with ordered 
and alternating distribution of doublets and holes, 


we have that (Nf-1) (Nf + a-1) = -1. Then, we get 
from equation (10): 


E—E,=—~(A — 2B). (11) 
in which the following symbols are used: 


A= j P (4) 92) 0 (q,) 6; (9,) dq, dq». 
B= je (91 Qa) ° 6; (9) 9740 (Jo) dq, dq,. (12) 


Hence it follows the known result obtained in 
[1], that on the condition that 


A< 2B (13) 


the energy of a system corresponding to the maxi- 
mum ionization, is lower than the energy of the 
homopolar-state. 

Thus, two different conclusions as to the nature 
of the basic state are derived from one starting 
equation (6). This is clearly caused by the use of 


different approximations in arriving at the conclu- 
sions. At first sight, it may appear that Bogoliubov’s 
approximation is a more valid one, since it takes 
into account the interaction of both, the neighbours 
and of the more distant centres. However, it is not 
so in reality. This is because the starting equation 
(6), which corresponds to zero approximation, was 
obtained on the condition of ignoring the intervals 


§ P41 G2) Ors (91) %)- (G1) 940092) 94° (Gp) M91 AG. (14) 


in which ff # f,, or, f7 # fy, or both inequalities are 
obeyed simultaneously. Let us consider now two 
specific cases. (1) fi= fi, fr = fy, while f, = f+ na.* 
in this case, the corresponding interval (14) appears 
in (6) and has the form of: 


fou, 92) 07, (95) 4 na (92) dq, d qa: (15) 


(2) f= fl=f[=f fi=f+a. In this case, the cor 


responding interval has its maximum value when 


fr# fr 
j P (91 J2) a (41) 94 (Ge) 97a (2) dg, dg, (16) 


and does not appear in zero approximation of form- 
ula (6) (since fy # f2). 

It can be easily seen, that interval (15) can be 
reached through an increase in the number 2, irres- 
pectively of how small it is. To illustrate this 
point, let us consider non-orthogonal atomic func- 
tions f in the form 


As \1 : 
4 = —] exp(—i|g—f\). (17) 
in which the overlap of the functions is only in- 


significant with sufficiently large A. 
It can be shown then that: 


§ PCd1 92) 27 (91) PF+na (Ge) My dy = 


na 


sail Se ca e*exp (— 2hna) es + 
na 


a 0 ae 
i ae na*| » (18) 


hence it follows that, in this case, the integral 
(15) reduces with large n as 1/n. Irrespectively of 





* It is assumed that f, and f, lie on a single axis, which, 
as can be easily seen, does not invalidate the generality 
of conclusions reached. 
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the actual form of function 9, it can be assumed 
that the integrals (15), because of their ortho- 
normalization, reduce for large n at a rate ¢ 1/B. 
If this is the case, the integral (15) may prove to 
be less than integral (16). But then it is illogical 
to retain in equation (6) the members of type (15) 
while members of the (16) type are ignored. Con- 
sequently, if the approximation calculations, as 
assumed in the work referred to in [4], are carried 
out accurately, it is necessary to take into account 
the interaction of not all of the centres, but only 
of those that are not too distant from one another. 
The value of the maximum permissible distance 
is defined by the requirement that the smallest 
integral of the type (15), corresponding to the 
greatest permissible value of n, should still be 
greater than the integral (16). It may happen, for 
instance, that the maximum permissible value of 
nis ]. But then we come to the nearest neighbours 
approximation and to criterion (13). 

In the case when 7 > 1, only the following mem- 
bers should be inserted in the right hand side of 


equation (6): 
; 2 : 
Sixt yhz 9, 04a? 
V #2402 442—0 


1) f P (9; 92) F tyhe (9): 


(Ny tkyu ft Rea, f,tkgu or 
12 
. Of + kyu, fy thea, f,t&su (gz) dq, ag, (19) 


and, therefore, the conclusion reached in [1] 
changes its form in the following way: 


YE A=W 2m = 1) 


t k=0 


| P(q, G2) 97 (4;) 974 2a (Ge) dy, dq, = 


Fag, 


=A 4 EDD, — Wem 1) 


f kml 


| D4, 92) 97 (91) Siu (ga) dy, doy = 


= 2+ VVC vs. 0) 
f k=l 


where 


By = { PGs Jo) 9% (G2)9?, ea (G2) 491 292 


is the interval of electrostatic (pseudo-coulomb) 
interaction of electrons of two centres that are 
away from each other by & interatomic distances. 
From equation (20), it follows that EF < E, for 


Ac 25 (— 1)**' B, (21) 
=! 


Thus, although a consideration of the effects 
of néighbours that are farther away from each other, 
results in a certain quantitative modification of 
criterion (13) its physical meaning remains un- 
changed, i.e. in zero approximation, the admissi- 
bility from the energy viewpoint of the homopolar 
or ionized state is determined by the relationship 
between intervals of various types of electro- 
static interaction. 

One should note that a consideration of an 
actual example of the calculation of formation 
energy of two doublets and holes, as done in [4], 
leads to an identical conclusion. The energy 
change connected with the above formation is 
given by equation (4.76) in [4], namely * 


H,—E,=A (f; f1) + A (fo f2) — 
— c(f, f2)— (fe fi) #C(h1 fa) He(ht fH). 


It is easily seen that the right hand side of the 
above equation is far from being always positive. 
As a matter of fact, if one considers the following 
distribution of two doublets and holes 


zo so 
hi Is ta i. 
then using the equation given above, we get 


H, — Ey = 2A — 3B + 2B,, — By, 


and, consequently, if the condition is satisfied 
that 2A—3B+2B)3—B4<0 we have that Hy «Be 
<0, i.e. instead of the assumed energy rise we 
have, in this case, the formation of an ionized 
state which is accompanied by a lowering in 
energy. The condition derived here for the ad- 
missibility of ionized state at higher n numbers 
and with the use of the neighbours approximation, 
coincides with the criterion (13) 


n(A — 2B)<0. 





* The last two terms as given in this equation are 
omitted in [4]. 
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3. In conclusion, it appears to us that the re- 
sult arrived at in [4] should not be regarded as a 
proof that, in zero approximation, the energy level 
of the homopolar state is always the lowest one. 

One should note that, all other conditions re- 
maining equal, the admissibility (or inadmissibility) 
of ionized states from the energy viewpoint de- 
pends on the inter-atomic distances in a crystal. 
In actual fact, since under conditions as obtaining 
with equations (13) and (21), only the right hand 
side of the inequality depends on the interatomic 
conditions, it could be assumed that there exists 
a critical distance R, at which, if viewed from 
the energy standpoint, the ionized state is more 
convenient when R < Ro, and the homopolar one 
when R > Ry. This is the case with the molecule 
of hydrogen [6] where, at an infinitely large dis- 
tance between hydrogen atoms, the energy level 
of the ionized state exceeds the basic energy 
level of a neutral atom by 12.83 eV. As the atoms 
get closer to the equilibrium distances in the mole- 
cule ~ 1.4 A) the energy of the ionized state ex- 
ceeds that of the basic level by only 2 eV, i.e. 
the difference has been reduced by a factor of 6. 
Unfortunately, a similar quantitative calculation 
is as yet impossible for the case of crystals be- 
cause of lack of reliable information on the 
atomic wave function in the crystal lattice. 

It follows from the considerations made above 
that the distribution of the energy levels in the 


homopolar and ionized states in a crystal is not 
fixed, but that it depends directly and in a com- 
plex way on the mutual relationship of the absol- 
ute values of various types of atomic energies in 
a crystal, such energies being conditioned by 
both the pseudo-classical and by the specifically 
quantized part of the electrostatic interaction of 
electrons in a crystal. Therefore, both a partial 
and a complete spontaneous ionization of electron 
states is possible in a crystal, and ong is not 
justified in accepting the postulate about the un- 
suitability of the Heitler-London-Heisenberg 
generalized crystal model for explaining the 
phenomena associated with metallic conductivity, 
as was postulated in [3]. 
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EXCESS VACANCIES FORMED IN BRASS ON EVAPORATION 
OF ZINC (IN A SYSTEM WITH A ‘VACANCY SOURCE’)* 


Ya. E. GEGUZIN and N.N. OVCHARENKO 
(Received 18 July 1956) 


Experiments on the evaporation of zinc from a-brass are described. From thé time variations 
of weight and volume of the specimens, the relative excesses of vacancies coagulated in the 
pores and escaping from the surface are evaluated, and vacancy concentrations calculated. 


It is known that in the crystal lattice of a 
thermodynamically stable metal there is a con- 
centration of vacancies which follows from the 
condition of minimum free energy of the vacancy 
solution in the lattice, and, according to Frankel 
{1] is €& = exp(-u/kT) where u is the vacancy 
formation energy. These vacancies (which below 
we shall refer to as ‘equilibrium’) participate in 
the diffusion processes in pure metals and subs- 
titutional solid solutions which are thermo- 
dynamically stable. 

However, in many cases the true vacancy con- 
centration (€) differs from the equilibrium. 

There are, for instance, systems in which for 
various reasons excess vacancies arise during 
homogenization, and these we shall refer to below 
as having a ‘vacancy source’; an example is an 
alloy from which a volatile component is volatil- 
ized at high temperature. 

The phenomena occuring in such systems are 
considerably more complicated than those in sys- 
tems with a specified excess vacancy concen- 
tration. Thus in systems with a ‘vacancy source’, 
generally speaking, diffusion is accompanied by 
an increase of vacancy concentration with time 
of homogenization or is characterized by some 
stabilized concentration exceeding the eq uilib- 
rium one. The excess vacancies in such 
systems will either escape from the specimen or 
coagulate. The kinetics of these processes are 
complicated by the fact that they occur when the 
lattice is filled up with new vacant sites. 

We have attempted an experimental study of 
some details of processes occuring in one of the 
types of ‘vacancy source’ specimens namely in 
specimens of an alloy from which a volatile com- 
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ponent is removed. Our choice of such an alloy 
was dictated by the desire simultaneously to 
follow the kinetics of excess vacancy coagula- 
tion and of their removal from the specimen, and 
this is easier to do on specimens of an alloy con- 
taining a volatile component. 


MEASUREMENTS 


We used brass (30 per cent zinc) cylinders of 
4 mm diameter and 20 mm length, having been pre- 
viously stabilized by heating at 820°C. The 
specimens were vacuum annealed for different 
times in a furnace in which the time of heating 
up was short compared with the time of holding, 
which is especially important when the latter is 
short. The diminutions in weight and volume of 
the specimens due to loss of zinc were followed. 
The weight loss was measured to within 0.0002 g. 
The volume decrease was calculated from measure- 
ments of length changes determined with an OMS- 
5 optimeter to within 0.0001 cm. Control volume 
measurements by hydrostatic weighing in water 
and oil indicated the optimeter tc give better re- 
sults since fine surface cracks which appeared 
during annealing caused inaccurate and unrepeat- 
able results. The specimens were homogenized 
at 550, 650, 750 and 820°C. Figs.1 and 2 show 
the variations of AV/V, and AP/P, with time, 
where AV, and AP, are the initial volume and 
weight of the specimen. 

Specimens were also annealed for 15 hours at 
520°C, and then subjected to a detailed metallo- 
graphic study of a microsection. The object here 
was to find the variation of mean pore diameter 
with pore depth, and the dimensional distribution 
of pores. The prepared microsections were 
etched with an ammoniacal solution of ammonium 
persulphate, and examined under a metallurgical 
microscope at x 500 magnification. 
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FIG.1. Variation of relative weight decrease with 
time of annealing. 
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FIG.2. Variation of relative volume decrease with 
annealing time. 
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VOLUME DECREASE KINETICS 


If it is assumed that the observed volume 
decrease is due to removal of excess vacancies 
from the specimen through zinc evaporation, the 
measured weight and volume decrease rates can 
be used to elucidate what proportion of the 
excess vacancies escape from the specimen and 
what remain in it, coagulated in the pores. To 
solve this problem, it is convenient to use the 
quantities § = AP/d7,—AV, where AP/d7,y is 
the volume of vacancies arising (d7, = density 
of zinc) and AV is the volume of vacancies leav- 
ing the specimen. Thus 6 characterizes the total 
volume of vacancies remaining in the specimen, 
and in Fig.3 it is plotted against the square root 
of time. The curves show that in the early 
stages of zinc evaporation, most of the vacancies 
formed in the specimen escape from it. Later, 
all the excess vacancies divide into practically 
two practically equal parts, one leaving, and one 
remaining in the specimen. The latter may either 


coagulate forming macroscopic pores (negative 
crystals) or may, as isolated vacancies, diffuse. 

The linear dependence of 6 on the square root 
of time in the later stages of zinc evaporation 
arises because both zinc elimination (character- 
ized by AP) and the removal of vacancies from 
the specimen (characterized by AV) are both dif- 
fusion processes. 

There are two possible mechanisms by which 
vacancies can escape from the specimens. They 
can either escape prior to coagulation (in the 
‘atomic’ form) or by an agglomeration of pores 
formed through coagulation of excess vacancies. 
Although the second mechanism is theoretically 
possible, and does occur to some extent, the 
predominance of the first can be demonstrated. 
Let us use for this the data obtained from the 
specimens annealed at 550°C. As can be seen 
from the curve in Fig.1, the rate of volume con- 
traction is of the order of 10~’ cm’/sec. An 
evaluation of the volume shrinkage rate (with a 
specified number of pores determined from metallo- 
graphic measurements) from the equations of the 
diffusion theory of agglomeration [2] yields dV /dt 
= 1078 cm*/sec*. The difference between these 
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FIG.3. Dependence of the relative number of vac- 
ancies (isolated and coagulated into pores) on an- 
nealing duration at constant temperature. 


two estimates of d) /dt indicates that in this 
stage when the zinc has not completely vaporized, 
the excess vacancies can either diffuse to the 





*dV/dt can be calculated from the equation for the 
shrinkage rate of a porous body: dV/dt = N8205° 
D/kT, where N is the number of pores in 1 cm’, ¢ is 
the surface tension (about 10 ergs/cm'), 8 is the 
Jattice parameter (about 3 x 10* em), D is the dif- 
fusion coefficient (about 10*° cm*/sec). In our case 
N, found by metallographical measurements, was 
about 10!°, hence dV /dt ~ 107° cm/sec. 





14 Excess vacancies formed in brass on evaporation of zinc (in a system with a ‘vacancy source’) 


surface thus reducing the volume of the specimen, 
or coagulate. The possible agglomeration of 
some pores when all the zinc has not escaped 
from the specimen (i.e. when a ‘vacancy source’ 
is acting) can make only a negligible contribution 
to the observed volume shrinkage. After all the 
zinc has escaped, that is after the vacancy 
source has ceased to act, volume shrinkage 
occurs only by agglomeration of macroscopic 


pores. 
VACANCY CONCENTRATION DISTRIBUTION 


In specimens containing only equilibrium vac- 
ancies, the vacancy concentration is identical at 
all points. It is obvious that in the specimens 
we investigated from which a volatile component 
was removed at each moment of time there was a 
certain vacancies distribution in which their con- 
centration was a function of the distance from 
the surface (Y). To find out the concentration 
distribution in the specimen, let us use informa- 
tion about 5.and metallographic measurements of 
the pore distribution by quantity and size on the 
specimen annealed at 520°C for 15 hr. Fig.4 
shows a plot of L (linear pore size) against Y. 
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FIG.4. Dependence of linear size (L) and the 
number (NV) of pores on distance from the surface 


(7); T= S20C; t= 15 hr. 


The special feature of this curve, constructed 
from averages of a large number of measurements, 
is its pronounced maximum. Where the excess 
vacancy concentration with allowance for dis- 
tance from the surface to vary inversely with the 
quantity of zinc escaped, it should decrease con- 
tinuously from the surface inwards, without any 
maximum on the L vs. Y curve. Actually, accord- 


ing to Zener [3], the linear dimension of a pre- 
cipitation growing from a supersaturated solution 
(in the solid phase) varies with time according 
to an equation which applied to pore growth can 
be written as: 


L(t) ~ (At)* (D, ¢)*, (1) 


where Aé is the supersaturation of the solution 
with vacancies, Dp is the vacancy diffusion co- 
efficient, and¢ is time. Since the supersaturation 
responsible for the observed rate of growth of 
pores near the specimen surface is attained 
earlier, one would naturally expect a continuous 
decrease of pore dimensions from the surface 
inwards. The maximum on the Lvs. Y curve shows 
that the excess vacancy concentration and, con- 
sequently, the actual magnitude of the super- 
saturation, does not vary continuously from the 
surface inwards, but passes through a maximum, 
since at large distances from the surface where 
zinc concentration remains unchanged, A€ should 
be zero. 

On this basis, we can schematize the curves 
for variation of zinc and vacancy concentration 
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FIG.5. Schematic representation of the change in 
zinc concentration (c) and vacancy concentration 
(€) with distance from the specimen’s surface (x) 
at various durations (t) of isothermal] annealing. 
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with Y at various moments of time as shown in 
Fig.5. In constructing these curves, apart from 
the considerations already outlined, we have been 
guided by: (a) zinc concentration at the surface 
at ¢>Q is zero; (b) vacancy concentration at the 
surface is equal to the equilibrium vacancy con- 
centration in copper (cy) and vacancy concen- 
trations deep inside the specimen is equal to the 
equilibrium vacancy concentration in brass (&). 

In each subsequent time interval of isothermal 
annealing (At;) the maximum on the curve of A& 
against Y is shifted slightly towards greater Y’s 
(Fig.5) and thus at a certain fixed distance from 
the surface, there will be a somewhat different 
supersaturation (Aé;). Hence the curve of L vs. 
Y constructed from the experimental data is a 
summation which can be written as: 


L ~> (At)” (Ati). (2) 


The ascending part of the C vs. x curve in Fig.5 
is the zinc concentration gradient under which 
zine diffuses from inside the specimen to the sur- 
face. The similar ascending branch on the curve 
€ vs. x is the initial vacancy concentration grad- 
ient responsible for vacancy escape from the 
specimen, that is for the specimen’s volume 
shrinkage. The presence of a falling branch on 
the curve is a direct consequence of the fact 
that there is some vacancy supersaturation in the 
lattice all the time because of the presence of a 
“vacancy source’. 


VACANCY CONCENTRATION IN BRASS 


The measurements on weight and volume dec- 
rease during zinc evaporation can be used to 
estimate the concentration of vacancies partici- 
pating in the diffusion rate-controlled escape of 
zinc from the specimen. This is of great interest 
since it makes it possible to estimate the vacancy 
supersaturation arising during the escape of zinc 
atoms. 

According to Frenkel [1] the concentration of 
vacant sites can be calculated from: & = Dg/Dy 
where Dg and Dy, are the diffusion coefficients 
for atoms and vacancies. The problem of finding 
€ is thus that of finding Dg and Dy by indepen- 
dent means. To find the atomic diffusion coeffic- 
ient we can use the weight decrease data, and to 
determine the vacancy diffusion coefficient, the 


volume decrease measurements. 

The connexion between the atomic diffusion 
coefficient and weight loss of a specimen when a 
volatile component escapes from it has been 
deduced many times [4]. When the volatile com- 
ponent escapes from a fairly thick specimen hav- 
ing a flat surface in vacuum (semi-infinite space 
case) the relation between the weight loss (AP), 
the duration of annealing (t) and the. atomic 
diffusion coefficient is: 


7 cV D,t, (3) 


r 


AP = 


where c is the initial zinc concentration in g/cm’. 
Just as the weight decrease is due to loss of 
zinc atoms from the specimen, the volume dec- 
rease is due to a loss of vacancies. Evidently, 
the relation between the volume decrease (AV) 
and the coefficient of vacancy self-diffusion will 
be similar to (3): 


AV =- EV Dye, (4) 


fe 
where € is the vacancy concentration in the 
region of maximum vacancy supersaturation 
(Fig.5)*. 
From (2—4) it is easy to deduce an equation 


for the calculation of € 


= cl c2, (5) 


Thus, from information about the weight and vol- 
ume decrease we can estimate the concentration 
of vacancies in the region of maximum super- 
saturation (Fig.5), though not strictly q uantita- 
tively, because of certain error sources: 

(1) The specimen’s volume may change not 
only through zinc loss, but also through elimina- 
tion of distortions, recrystallization, etc. At 
500—700°C over short times (1—3 hr) these pro- 
cesses have been shown to cause a volume 
change comparable with that due to zinc loss. 





*Strictly speaking, in (4) & should be replaced by 
(€—Ecy) where € Cy is the vacancy concentration in 
the surface copper layer. However, since this latter 
quantity at any particular temperature is considerably 
less than €, even in the absence of supersaturation, 
Ecy can be neglected in comparison with &. 
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(2) The absolute values of AV in experiments 
at moderate temperatures were extremely small 
and can only be measured very inaccurately. 


&:/0* 
10 








r 


























2 Bee 





$0 120 160 200 t (min) 


FIG.6. Variation of true vacancy concentration 
with annealing time at 820C. 


We used (5) to analyse the experimental results 
from fairly high temperatures. As an example, 
we will quote the results obtained from the 820°C 
experiments (Fig.6). The quantity ¢ determined 
from (5) turns out to be practically independent 
of the annealing time. We find €~ 3xl07. It is 
of interest to compare this with the equilibrium 
vacancy concentration determined from the rela- 
tion & = exp(—u/kT). There are no direct 
measurements of the relation between the activa- 
tion energy for diffusion Q and u. If, however, it 
is supposed that the relation between these quan- 
tities is in the alloy the same as in a pure metal, 
then [5,6] u ~ 0/3, i.e. for brass u is about 10* 
cal. Thus the equilibrium vacancy concentration 
€ is about 107. A comparison of € and & shows 
that the saturations achieved in the alloy are 
small. More exact conclusions about the magni- 
tude of the supersaturation cannot be drawn from 
the experimental results. We would only observe 
that this deduction of small supersaturation in an 
alloy from which a volatile component escapes is 
in accordance with previous measurements by one 
of the authors [7] in which the vacancy super- 


saturation in brass lattice, was evaluated from 
pore growth rate as about 10 per cent. 


SUMMARY 


1. The weight and volume decrease rates of 
a-brass during the volatilization of zinc have 
been measured. 

2. From the results, the relative quantities of 
excess vacancies coagulating in pores and es- 
caping from the specimen have been estimated. 

3. From metallographic measurements of the 
size/depth decrease of pores, a theory about the 
form of excess vacancy concentration distribution 
has been worked out. 

4. A method determining vacancy concentra- 
tion from the weight and volume decrease rates 
is proposed. With this method, the vacancy con- 
centration at 800—900°C has been estimated, and 
it has been shown that the concentration of vac- 
ancies in specimens from which a volatile com- 
ponent is driven off, differs little from the 
equilibrium concentration. 
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STUDY OF INTERNAL ADSORPTION OF CARBON IN 
a-IRON BY INTERNAL FRICTION * 


P.T. IUN and T.S. KE 
(Received 18 January 1957) 


During the decarburization of low-carbon iron 
specimens, the peak height of internal friction 
initially decreases and then increases, twice 
passing through a maximum when plotted against 
time, an effect due to diffusion of carbon. This 
indicates that the diffusion of carbon adsorbed in 
iron (from the adsorption zone into the bulk of the 
grains) in decarburization occurs in two stages. 
In the first, redissolution is quicker, but the 
quantity of carbon dissolved is less than in the 
second stage. From experiments with fine- and 
coarse-grained specimens, it is concluded that, 
in the second stage, redissolution proceeds by 
liberation of the carbon adsorbed at grain boun- 
daries, while in the first stage of carbon adsorbed 
on the sub-boundaries inside the grains. 

The state of carbon adsorbed at grain boundaries 
is discussed in the light of the whole model of a 
boundary. The theory is discussed that carbon is 
adsorbed inside grains by penetration of carbon 
atoms into holes or disordered groups of atoms in- 
side the grain. 

Even very small amounts of impurities in a 
metal have a great effect on its properties, parti- 
cularly its mechanical properties [1]. 

Arkharov in 1945 applied the Gibbs’ theory of 
relative adsorption of impurities at a liquid sur- 
face to a solid solution, and showed that adsorp- 
tion of impurities at the grain boundaries of a 
polycrystalline metal is the physical basis of 
many important metallurgical problems [2]. Internal 
adsorption has become important recently in the 
study of metal physics [3]. 

In recent years, internal friction measurement 
has been applied in our laboratory to a study of 
the effects of internal adsorption of carbon, nitro- 
gen and hydrogen in iron and steel on their mecha- 
nical properties. In particular, the physical nature 
of cold-shortness and temper brittleness in steel 
[4] has been studied, and also the fibrous cracks 
in iron containing hydrogen [5]. It has been found 
that internal adsorption in a metal occurs not only 
on grain boundaries, but also at the various defects 





* Fiz. metal. metalloved. 4, No. 3, 407-416, 1957 
[Reprint Order No. POM 69]. 


and distortions inside grains. The results obtained 
in preceding investigations show that measure - 
ment of internal friction is a very convenient 
means for elucidating adsorption characteristics. 
This paper“describes preliminary results of 
studying internal adsorption in iron and steel by 
internal friction. A treatment causing decarburi- 
zation displaces carbon gradually from the adsorp- 
tion zone to the solid solution lattice; in various 
stages of the decarburization, the internal friction 
peak height, which is due to diffusion of carbon 
into a-iron, caused by stresses, was measured. 
In this way we were able to distinguish the be- 
haviour of carbon adsorbed at grain boundaries 
from that adsorbed at sub-boundaries. Also, in- 
formation about the structure and properties of the 
adsorption zones was obtained. 


DESCRIPTION OF EXPERIMENTS 


The specimens were of Armco iron wire ] mm 
diameter; the main impurities were 0.012 per cent 
carbon, 0.017 per cent manganese, 0.005 per cent 
phosphorus, 0.025 per cent sulphur and traces of 
silicon. Internal friction was measured with a 
torsion pendulum vibrating at about 2 c/s. An elec- 
trical furnace with a small thermal mass was used 
for raising the temperature of measurement rapidly. 
The furnace could be moved along the axis of the 
specimen to facilitate insertion and removal of the 
latter. 

Specimens were decarburized with moist hydro- 
gen at 720°C. They were quenched in water after 
each 4 (or 1) hr decarburization. Each time, im- 
mediately after quenching, we determined the in- 
ternal friction peak due to carbon diffusion set up 
by stresses. In this way, the change in carbon 
content in the solid solution in the various decar- 
burization was found. 


l. First series of experiments 

The Armco wire was heated in moist hydrogen 
for 23 hr at 720°C for complete removal of carbon 
and nitrogen present initially in the wire. After- 
wards it was recarburized in a mixture of dry hy- 


drogen and petrol vapour at 720°C for 4 hr. The 
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peak height of internal friction due to carbon dif- 
fusion immediately after recarburization was 
0.0056, abpve the background. As can be seen 
from curve | in Fig.1, the optimum temperature for 
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FIG. 1. Typical internal friction curve for carbon 

diffusion in q-iron due to decarburization of a fine- 

grained Armco iron specimen. Decarburization after 

preliminary decarburization and recarburization. 
Time indicated in Fig. 2. 


the peak at a frequency of c/s is about 35°C. The 
specimen was then decarburized. Typical internal 
friction curves obtained after different decarburi- 
zation periods are shown in Fig.] (curves II-IX). 
Fig.2 shows the change in peak height during 
decarburization. The roman numerals indicate the 
corresponding numbers of curves in Fig. 1. Before 
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and after decarburization the grain size was deter- 
mined metallographically; it was found to be un- 
changed at 30-40 yp. From Fig. 2 we can see that 
the peak height before decarburization was 0.0056, 
indicating the presence of 0.0056 wt.% of carbon 
in solid solution [7]. The peak disappears after 

2 hr decarburization, which means that very little 
carbon remained in solid solution. This is quite 
understandable. If decarburization is considered 
to be governed mainly by diffusion rate, i.e. if we 
ignore the time required for chemical reaction at 
the surface in comparison with the time for diffu- 
sion, then according to information about diffusion 
of carbon in a- iron [8] D = 0.020 exp (- 20,100/R7) 
and we cancalculate the average distance x to 
which carbon will have diffused after 2 hr at 
720°C: x =(PT)% = 1 mm. 

The radius of our specimens was 0,5 mm, so that 
the carbon in solid solution could have been com- 
pletely eliminated in the 2 hr treatment. 

The peak grows again after decarburization has 
been extended to 6 hr, and a small quantity of car- 
bon (about 2 10~* per cent) enters the solid solu- 
tion as the curves IV and V in Fig. 1 and points 
IV and V in Fig. 2 show. 

On further decarburization, the peak again dis- 
appears, but afterwards appears again after 16 hr 
decarburization, and becomes even higher than the 
first time. The quantity of carbon entering solid 
solution the second occasion is about 5 x 10™ per 
cent, as curves VII, VIII and IX in Fig. 1, and 
points VII, VIII and IX in Fig. 2 show. 

At the beginning of the second growth of in- 
ternal friction peak, the specimen was exposed to 
dry hydrogen so as to retard decar burization. 
After the peak had disappeared, treatment in moist 
hydrogen was resumed. With such a procedure we 
could assume that the peak gives approximately 
the amount of hydrogen entering solid solution. 

The internal friction measured in such experi- 
ments generally speaking was very small and thus 
should be measured very accurately. The error in 
measurement was + 0.00005. The observed growth 
of peak exceeded the experimental error. 

Curves IV and V in Fig. 1 show that the intern- 
al friction curves are unsymmetrical. The low-tem- 
perature side of the peak is higher than the high- 
temperature side, which means that the background 
on the low-temperature side (close to room tem- 
perature) rises simultaneously with growth of the 
peak. This increase of internal friction background 
close to room temperature was studied systemati- 


cally, and it was found that it is closely connect- 
ed with the primary transfer of carbon into solid 
solution. Details of this study will be communic- 
ated later [9]. 


2. Second series of experiments 

The second specimen was decarburized in its 
initial state, without the previous treatment ap- 
plied in the first series. The initial carbon con- 
tent was 0.012 per cent. The peak height after 
5 minutes decarburization was 0.0024, as indicated 
by curve 1 in Fig. 3. The change in peak during 
decarburization, as Figs. 3 and 4 show, was simi- 
lar to that shown in Figs. 1 and 2, both in respect 
of time of transition of carbon into solid solution, 
and of the quantity of carbon entering solid solu- 
tion. This shows that the double entry of carbon 
into solid solution in decarburization is not ad- 
ventitious. 

3. Gas analysis showed that the hydrogen used 
for decarburization contained less than | per cent 
impurities. To show that such impurities did not 
affect the transfer of carbon into solid solution, 
the iron specimens were decarburized with hydro- 
gen obtained by reaction of chemically pure zinc 
with hydrochloric acid. The results thus obtained 
were similar to those in Figs. 2 and 4. 

4. Electron-microscopic and electrographic 
studies by many investigators show that adsorp- 
tion of carbon at grain boundary transition zones 
is a general phenomenon. Trotter and others ob- 
served segregation of carbon along the ferrite 
grain boundaries in iron specimens containing 
0.70 per cent carbon quenched from 690°C [10]. 
According to experiments by Tsu, Hatting and 
Menter, the adsorption layer on grain boundaries 
is about 1000 A thick from electron microscopic 
measurements on iron containing 0.026 per cent 
carbon quenched from 700°C. The same authors 
also observed an austenite zone along grain boun- 
daries by electronography [11]. Gardin, studied the 
grain boundary structure in technical iron contain- 
ing 0.04 per cent carbon, quenched from 1000 to 
700°C and then furnace cooled, by electron-micro- 
scopy. The thickness of the adsorption zone on 
the grain boundaries was 2500 A [12]. 

We can conclude from all this that one of the 
two processes involved in transfer of carbon into 
solid solution in decarburization is liberation of 
carbon from the intergranular zones. To check this, 
a specimen with very coarse grain was prepared 
and internal friction measurements made on it in 
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FIG. 2. Change in internal friction peak height during decarburization (of Fig. 1). 
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FIG. 3. Typical internal friction curves due to 

carbon diffusion in q@-iron during decarburiza- 

tion of fine-grained Armco iron specimens. 

Specimens decarburized in the initial state. Time 
of decarburization indicated in Fig. 4. 
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FIG. 5. Change in internal friction peak height in decarburization of a coarse-grained Armco iron specimen. 


the same way as before. This specimen was pre- 
pared by holding in dry hydrogen at 1100°C for 

5 hr, followed by cooling from 1100 to 1000°C at 
100°C/hr, from 1000- 800°C at 50°C /hr, and from 
800- 600°C at 100°C/hr, followed by furnace cool- 
ing. The grain size of this specimen was 0.3-0.6 
mm, which somewhat less than the diameter. It 
was recarburized at 720°C for % hr, and then de- 
carburization commenced. Fig. 5 shows the results 
of internal friction measurement; it will be seen 
that carbon enters solid solution only once, after 
4-5 hr decarburization. No second entry into solid 
solution is observed even after 22 hr decarburiza- 
tion. 

The specimens from which the diagrams shown 
in Figs. 1, 3 and 5 were constructed differed only 
in grain size. Since there was no second entry of 
carbon into solid solution in the coarse-grained 
specimen, it is evident that this phenomenon is 
closely connected with adsorption of carbon in the 
intergranular zones. The primary transfer of carbon 
into solid solution occurs both in fine- and coarse 
grained specimens; thus it should be due to adsorp- 
tion of carbon inside the grain (on sub-boundaries). 

From Fig. 5 it can be seen that the first peak 
due to the transfer of carbon into solid solution 
occurred earlier in the coarse-grained specimen 
than in the fine-grained ones (Figs. 2, 4), and the 
peak height is less for the coarse-grained speci- 
men also. Two explanations are possible. Firstly, 
during preparation the coarse-grained specimen 
was heated for a long time at high temperatures; 
during this the intragranular adsorption regions 
may suffer a certain decrease. If the first peak is 


due to intragranular carbon adsorption, change in 
the adsorption conditions should obviously affect 
its height and times of appearance. 

The second possible explanation is that the 
coarse-grained specimen cannot be regarded as 
isotropic. The peak height due to carbon diffusion 
changes with the direction of the stress applied 
from measuring internal friction, being a maximum 
when the stress is applied along [100] and zero 
when it is applied along [111], so that the peak 
height for the coarse-grained specimen is not any 
longer proportional to the carbon content in solid 
solution, and this content cannot be determined 
quantitatively. It has been found [13] that the 
solubility of carbon in a- iron determined by in- 
ternal friction varies with grain size. These work- 
ers thought that this is due to differences in the 
quantity of carbon adsorbed in specimens of dif- 
ferent grain size. The diameter of the specimens 
used for internal friction measurement was 0.7 mm, 
while the grain size in the coarse-grained speci- 
mens was 0.5-2 mm. Most of the grains would 
therefore run right through the specimen, and ob- 
viously it cannot be regarded as isotropic. Hence 
thei results and conclusions are only qualitative 


value. 


DISCUSSION OF RESULTS 


1. State of carbon adsorbed in intergranular zones 
From the experiments with fine and coarse-grained 
specimens it can be concluded that the second 
transfer of carbon into solid solution is due to 
liberation of carbon adsorbed in the intergranular 
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zones. For specimens of iron with very high car- 
bon content, the adsorption layer at grain boun- 
daries can be extremely thick: about 1000 A in 
specimens with 0.026 per cent carbon [11] and 
about 2500 A in specimens with 0.04 per cent 
carbon [12]. When the carbon content in the inter- 
granular adsorption zone reaches such levels, 


phase transformation in this zone may even occur 
(11). 

However, in our experiments the carbon content 
was only 0.012 per cent which is considerably 
lower than the solubility of carbon in a-iron at 
720°C. Hence, we think that the carbon adsorbed 
in the intergranular zones is atomically dispersed. 

According to a grain boundary model proposed 
by one of the authors [14] a grain boundary is con- 
sidered as composed of many holes or disordered 
groups of atoms (Fig. 6), with a regular lattice 


FIG. 6. Illustrates “holes” or “disordered atom 
groups”. 


between these imperfect structures. It has been 
found experimentally that in iron containing a 
small amount of carbon, the carbon atoms enter 
the regions of structural imperfection in the inter- 
granular zones and block rearrangements in the 
disordered groups of atoms [14, 15]. 

According to this, we can assume that if the 
carbon content is small, carbon is adsorbed in the 
intergranular zones by the entry of individual car- 
bon atoms into the holes or disordered groups of 
atoms at the grain boundary. If this is so, then the 


carbon atoms will be under the influence of a stress 


field, and instead of the usual Fick’s diffusion 
equation, the generalized equation proposed by 


Konobeevskii [16] should be applied: 


Oc 2 O2c 
ot Jn? 


in which the second term on the right hand side 
represents the effect of elastic strain on diffusion 
Thus, in decarburization, the removal of carbon 
atoms wedged in the imperfections of the inter- 
granular zone is obstructed. Carbon atoms in 
solid solution (in the lattice well inside the grain) 
gradually diffuse to the surface of the specimen 


where the carbon content is lowered. The carbon 
atoms adsorbed in the intergranular zones should 
also rearrange in the imperfection zones so as to 
move to the surface layer as much as possible. If 
decarburization continues long enough, the holes 
or disordered groups of atoms into which carbon 
atoms have entered can also easily move so as to 
decrease the carbon content (that is, to the surface). 
This disturbs the original equilibrium distribution 
of holes or disordered atom groups in the inter- 
granular zone; their concentration will arise on the 
side of the intergranular zone close to the speci- 
men’s surface. When the carbon content in this 
part of the zone reaches a definite limit, carbon 
atoms can overcome the interaction energy as a 
result of the stress field and escape from the 
holes or disordered atom groups. This is respon- 
sible for the second desorption peak: it is due to 
entry of carbon into solid solution and is shown 
in Fig. 2, 4, by a neck. We can therefore con- 
clude that all carbon atoms adsorbed in inter- 
granular zones enter solid solution almost 
simultaneously only after attaining a definite de- 
gree of decarburization. This is just what one 
would expect on the above model of grain boun- 
daries and adsorption mechanism. 

The local hole or disordered atom group struc- 
ture in the intergranular zone is approximately 
identical everywhere and thus the energy of inter- 
action due to entry of carbon atoms is approxi- 
mately the same for all holes. The conditions and 
time for homogenization of carbon atoms are like- 
wise everywhere identical. 

The hole concentration in the intergranular zone 
can be estimated from the experimental results if 
a certain thickness is assumed for the zone. The 
grain size in our fine-grained specimens is about 
40 py. The surface area of each grain would there- 
fore be 0.00126 mm? and the surface of the grains 
in 1] mm? of specimen would be 70 mm?[17}. The 
total quantity of carbon adsorbed in the intergranu- 
lar zones is, according to Figs. 2 and 4, 0.0005per 
cent, or 0.0023 atomic per cent. If the thickness 
of the intergranular zone is taken as 100 A, then 
3.3 atomic per cent of carbon is adsorbed in the 
intergranular zones, as can be calculated from the 
above data. If we also assume that one atom of 
carbon enters one hole, the hole concentration 
in the intergranular zone is 3.3 per cent. Accord- 
ing to such a calculation, the hole concentration 
in the intergranular zone is 6.6 per cent if the 
zone thickness is taken as 50 A. 
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2. State of carbon adsorbed inside the grains 

We have seen that the first entry of carbon into 
solid solution is due to liberation of carbon ad- 
sorbed inside the grains. However, the nature of 
the adsorption zone here is not known. It is poss- 
ible that in a specimen containing carbon, there are 
very fine carbide particles. These particles gradu- 
ally decompose during decarburization and the car 
bon liberated enters solid solution. However, car- 
bides could not be observed electrographically in 
a specimen containing 0.026 per cent carbon, 
quenched from 700°C [11]. In our specimens con- 
taining only 0.012 per cent carbon in the initial 
state, it is extremely improbable that carbide 
would have been formed after quenching from 
720°C. In addition, it can be shown that the heat 
of solution of cementite is close to the bond energy 
of carbon adsorbed in the intercrystalline zone.* 
If the primary entry of carbon into solid solution 
is due to cementite decomposition, it would be 
difficult to understand why there should be a 
second conversion of carbon into solid solution 
due to overcoming of the bond energy of carbon 
adsorbed in the intergranular zones at a later de- 
carburization stage. 


Evidently the adsorption zones inside grains 
are crystal defects. The stress field formed at 
these defects is considerably smaller than at the 
grain boundaries. Hence, the conditions under 
which the deformational term (second term on the 
right-hand side) of (1) becomes important arise 
earlier inside the grains, i.e. carbon is more easily 





* The solution heat of cementite has been found 
10,000 cal/mole [18]. According to the information in 
{11], there is 0.016 per cent carbon in solid solution in 
an iron containing 0.026 per cent carbon quenched from 
700°C and 0,85- 1.7 per cent. 

If we neglect interaction between carbon atoms, then 
the bond energy AE of carbon in the intergranular zones 
can be calculated on the basis of the Boltzmann distri- 
bution; (carbon concentration in solid solution) x (car- 


bon concentration in an adsorption layer) = exp (-AE/RT). 


AE comes out at 7,8-9.2 kcal/mole. 


torn out of the holes and enters solid solution. 
According to this, primary desdérption of carbon 
occurs earlier. The nature of these defects will 

be discussed in a later comnyunication in connec- 
tion with the growth of the internal friction back- 
ground close to room temperature during decarburi- 
zation [9]. 
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A STUDY OF THE RELATIONSHIP BETWEEN COHESION 


AND CRYSTAL STRUCTURE IN METALS AND SOLID SOLUTIONS * 
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and T.I. STELLETSKAYA 
(Received 4 December 1956) 


The effect of thermal working and plastic deformation on cohesion has been studied in 
crystals of solid solutions of Fe-Cr, Fe-W, Fe-Mn and Fe-Ti and in the metals Cr, Ta and W. 

The strengths of the interatomic bonds have been studied by measuring the characteristic 
temperature and Young’s modulus. 

It has been established in the case of the solid solutions Fe-Cr, Fe-W, and Fe-Mn that the 
cohesion is altered by the thermal working and by deformation, and that the maximum strength- 
ing effect due to the introduction of the alloying elements into iron appeared after heating 
around a certain temperature (600°). A relationship has been obtained between the direction 
of variation of the characteristic temperature and Young’s modulus. 

The variation in cohesion of solid solution crystals due to the thermal working and plastic 
deformation which they have undergone, is regarded as the result of the redistribution of 
atoms in the crystal lattice (variation of the degree of short-range order). 


INTRODUCTION 


One of the most important questions of the physics of solids is that of the strength of the 
interatomic bond in crystals. Its solution is of the first importance to many problems in 
practical metallography. 

Although the mechanical] strength of metals and alloys can be varied within wide limits 
by changing the structure, and can be considerably increased by creating inhomogeneities in 
the fine submicroscopic crystalline arrangement, the ultimate strength of metals and alloys is 
nevertheless still determined by the amount of cohesion in the crystal lattice. The strength 
of the interatomic bond plays an especially important role in the behaviour of metals and 
alloys under the conditions of high-temperature working. 

Evaluation of the strength of the interatomic bond (the force which restores an atom to 
its equilibrium position after displacement from it) can be obtained by determining the elastic 
constants of the crystal and the characteristic temperature. 

A series of investigations into the characteristics of cohesion in metals and alloys has 
shown that the strength of the interatomic bond in the crystal lattice of a metal can be sub- 
stantially altered by alloying. The cohesion can be either raised or lowered depending on 
the nature of the alloying element [1,2], as well as on its concentration [ 3,4]. 

The effect of thermal working and plastic deformation on the characteristic temperature 
of a solid soltion has also been demonstrated [ 2,3,6]. 

A considerable amount of recent work has claimed that anomalies in the variation of 
some properties (for example, electrical resistance, and hardness) have appeared in a whole 
series of solid solutions during thermal working and deformation [7-14]. 

A series of experimental] results has established that some of the properties of solid 
solutions can be varied considerably by thermal working and deformation although their 
chemical composition remains unchanged. These phenomena (changes in the characteristic 
temperature and of the lattice periodicity, and anomalies in the electric resistance) appear 
only in solid solutions and have not been observed in the pure metals, 

These anomalous properties have often been observed and analysis of the published 
data permits the inference that they have a common origin and are theresult ofa process which 
takes place within a very smal] space within the crystal] lattice of the solid solution. 

It is most probable (and on this point many authors are in agreement) that these anomalies 
are due to changes in the distribution of the atoms in the solid solution lattice. 

Opinions differ as to the nature of the redistribution of the atoms within the lattice, the 
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phenomenon being variously described as due to short-range order segregation of similar 
atoms, the first stages of order, or a stage of pre-precipitation. There is as yet no direct 
confirmation of these suggestions, and the problem requires further investigation. 

The present work investigates the effect of different treatment on the forces of the in- 
teratomic interactions in crystals of solid solutions and high-melting metals. 

The effect of thermal working and plastic deformation on cohesion has been studied. 


METHODS OF INVESTIGATION 


Two methods of investigation wére used: 

1. X-rays (determination of the characteristic 
temperature and the mean square displacement of 
the atoms during thermal vibrations). 

2. By measuring the resonance frequency of 
longitudinal elastic vibrations (determination of 
the elastic modulus). 

The characteristic temperature and the mean 
squares of the amplitudes of the thermal! vibrations 
of the atoms in the metal and alloy crystals were 
determined by measuring the intensity of the X-ray 
reflexions at two temperatures (room and liquid 
nitrogen). The method used was developed in this 
laboratory and has been described in detail in 
[15,16]. 

Molybdenum radiation provided the X-rays for 
all the tests. The values for the mean square dis- 
placements of the atoms by thermal vibrations and 
the characteristic temperature were determined 


from the relation 


(a2 930 — 1850) . 


[(as + 1 + B)— (42 + 2 + 2) = 


oy (+ +) — a + 8). 


a’mk 


where 


wt ( Th veyly 
L920 > 
T hokolg +23° 


a Ths kali : 
A—195° = 5 al ’ 
. “Rekglg / —185° 


1 | H/T.) P(w/T)) }. 
§) = — — ; 
2) = | ory O/T; | 


his Planck’s constant, K is Boltzmann’s constant, 
6 is the characteristic temperature, d (0/7) is 
the Debye function, a is the lattice period, hkl 
the indices of the reflecting plane. 

The elastic modulus was determined by measur- 
ing the resonant frequency of longitudinal vi- 
brations formed by a sound generator of the type 





LIG-40 with frequencies of from 0 to 40 kc/s. The 
meter was divided into intervals of 500 c/s and 
zero readings were carried out with an accuracy 
of 2-3 c/s. A lamp voltmeter of type LV-9 reading 
from 300V to 10 mV was used as a resonance in- 
dicator. 

Before and after each reading, the stability of 
the frequency generator was checked against a 
standard. After a 1/2 hr.heating of the generator 
the deviation of the frequency in 1 hr was not more 
than 5-7 c/s. 

Young’s modulus was obtained from the formula 
E =4f?21?p/981 x 105kg/mm?, where fis the 
frequency of the resonant longitudinal vibrations, 
lis the length of the specimen and p the sensity. 


THE MATERIAL STUDIED AND ITS TREATMENT 


Iron alloyed with chromium, manganese, tung- 
sten, nickel and titanium as well as the pure 
metals, chromium, tungsten and tantalum have 
been studied. 

The chemical composition of the alloys is 
given in Table 1. Melts of all the alloys were 
obtained from a high frequency furnace of 50 kg 
capacity and poured as ingots each of 25 kg. 
After moulding,these ingots were subjected to dif - 
fusion tempering at 1200° and then forged to 
40 x 40 mm squares and rods of diameter 15mm. 
The forging started at a temperature of from 1000- 
1100° C. The billets were rolled until cold with a 
total shrinkage of 62.5 per cent. The specimens 
for the modulus determinations were cut from the 
rolled strips along the direction of rolling and 
had a diameter of 10 mm and a length of 100 mm. 
The specimens for the elastic modulus determin- 
ation were turned from the 15 mm rods after 
hardening. The size of the specimens were the 
same as for the specimens described above. 

The characteristic temperature was determined 
on a powder filed from a forged ingot. The electro- 
lytic chromium powder was obtained by grinding 
in an agate mortar. 

The thermal treatment of the alloys was carried 
out in a tubular furnace with a thermostat under 
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vacuum. The temperature was measured with an deformed or quenched specimens led to an in- 
accuracy of + 5°. crease in cohesion in solid solution crystals of 


PABLE 1. Chemical composition of alloys (wt. %). 





~4 | | 
Alloy | . \’ Ni Mn 
No. 





025 3 . 0,002 
0,002 
0,002 
0,002 
0.002 
0,002 
0.001 























EXPERIMENTAL RESULTS this alloy. 

A further investigation has shown that the co- 
hesion did not alter after tempering (at 800°) a 
specimen which had been deformed and then 
quenched at 600°. That is, the characteristic 
Q : temperature was the same as that after heating 
After treatment, whether, by deformation, heating, at 600 to 800°. In this respect, this alloy ( Fe, 8 
quenching or tempering the chemi cal composition per cent Cr) differs from the alloys of Fe-Mn and 
of this a-phase remained the same as it was be- i i a ic call al ieee Ei ll 
fore. there was a lowering of the cohesion after heat- 

ing at 800° in comparison with that given after 
lron-chromium alloy heating at 600-800°. 

We have already studied [3,6] an alloy of iron Our experimental results for the alloy Fe, 8 
with 8 per cent chromium after powerful plastic per cent Cr are shown in Table 2 and comprise 
deformation, after annealing at 600°C and 800°C the intensity ratios 
in a quenched condition and after tempering at 
680°C? and have found that tempering of previously Q,/A, = (hy, /1 50) 423° / (lars / 1 510) - 1850, 


Determination of the characteristic temperature 
for the solid solutions Fe-Cr, Fe-Mn, Fe-W and 
Fe-Ti 


The alloys studied were a-solid solutions. 


TABLE 2. Values of a,/a2, Au®, Viyoye and @ for 


an alloy of iron and chromium after different treatment 





Treatment —= 


of ee eae aoe V me 
od | = (Fe/! 26) 423° Au — U42930— U1 R5% hese 
ao (1/126) ~ 185° A? A 





Deformation 
(by filing) ss .0074 0.115 
Heating to 550° 
after deformation . . ; . 0047 0.095 
Heating to 680° 

after deformation ~- - . .0041 0,090 
Harpes 600+800° 

after deformation 0041 0.090 
Quenching as 4 fe 
Annealing at 500° - U0 102 
Auten at 680° - 004 | 0.090 
Annealing at 680° 
3 cor ggeag fens 0074 0.115 
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which connects the change in the mean square 
displacement of the atoms during thermal vi- 
bration, ( Au?) and the values of the character- 
istic temperature calculated from these data. 

Fig. 1 shows a graph of the dependence of the 
characteristic temperature on the heating temper- 
ature for the deformed alloy. 


Iron-manganese alloy 


An alloy of Fe with 3 per cent Mn showed most 
marked effects of the treatment on the character- 
istic temperature. Thus, after heating a deformed 
specimen for 2 hr at 610°, the characteristic 
temperature of this solid solution was boosted to 
630° as against 430° for the deformed condition. 
Heating after deformation at much higher temper- 
atures changed 6 but little. After tempering the 


alloy at 800°, 0 was 430°, that is, the same as 

in the original (plastically deformed) state (see 
Fig. 2)" When specimens which had been deformed 
or annealed at 610° were quenched from 1000°, 
the characteristic temperature of the Fe-Mn solid 
solution was 430°. Quenched specimens tem- 
pered at 610° gave the same strengthening of the 
cohesion as heating after plastic deformation, 
that is, it raised the characteristic temperature. 
(6 = 630°). 

The characteristic temperature remained un- 
changed at 430°, when an Fe-Mn solid solution 
which had been previously annealed at 800° was 
heated at 610°, and remained unaffected when the 
time at 610° was increased to 100 hr. 


lron-tungsten alloy 


The effect of deformation and heating on the 
characteristic temperature of crystals of the 
solid solution of Fe-W, (0.6 at. %W) has been 
reported in [6]. The results of that investigations 
showed that the characteristic temperature of this 
alloy could be changed by appropriate thermal 
working. Fig. 3 shows a graph of the dependence 
of 6 on the annealing temperature of the deformed 
alloy from [6]. The following experiment was 
performed to find out whether the annealing temper- 
ature or the preceding treatment played the main 
part in effecting the variation in @. 





* [It must consequently be borne in mind that an alloy 
with 3 per cent Mn at a temperature of 80@ is in the 
a-phase field. On slow cooling, the transformation 
a-a takes place between 630 and 55@. 
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FIG.1 Graph of the relation between the character- 
istic temperature and the heating temperature for a 
deformed alloy of iron and chromium. 
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FIG.2. The variation of the characteristic temper- 
ature with the heating temperature for an alloy of 
iron and manganese. 





| | 


(Fe-W 




















< 
| 
| 





a 





a 








| 
| 
| 
| 
| 
| 
rl 


a 
= 
| 
| 
4 





| 
| 
a 
| 
| 
if 
| 
| 
| 
| 
| 


ae: 
| & 
| 
| 
| 
| 
| 
| 








fot 


| 








“Ui | 
os 100 200 300 400 500 600 700 600 300 


Heating temperature (° C) 





FIG.3. The variation of the characteristic temper- 
ature with the heating temperature for an alloy of 
iron and tungsten after deformation. 


\ specimen which had been much deformed (by 
filing) was annealed at 800° (@ = 490°) after 
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which it was heated for 2 hr at 650°, that is, at a lines in Fig.4[15] and for a specimen annealed 


temperature at which, in a previously deformed at 720°, from the ratio of the intensities only of 


alloy, there was a considerable increase in the thepairs of lines 
characteristic temperature (0 = 560°) 
( st) d i 
+23° —185° 


T549 T519 





260, 


oe deformation A) THE DETERMINATION OF THE COHESION 


O50 °- Heating 5002 | 
j gt a IN THE HIGH MELTING METALS (Cr, W and Ta) 





A-Heating es | 
‘. L, 
O-Heating 800° 





The characteristic strength of the interatomic 
nd bond in crystals of chromium, tungsten and tan- 
talum has been studied. 








Tungsten 





Tunsten has been investigated in its deformed 
0 00 2 3 YW 50 60 state and after annealing at 800° for 2 hr. The de- 
Eh,-Eh* formation was achieved by crushing a forged rod 
and then grinding the fine powder in an agate mor- 
tar. Chemical analysis of the tungsten gave a 
purity of 99.96 per cent 0.04 per cent of manganese 
and traces of some other elements (Fe, Cr, Mo). 
The intensities of the lines (211), (510 and 
The characteristic temperature obtained for (431) were determined. 
this specimen, showed that after heating at 650°, Measurement of the intensities of higher order 
6 remained the same (= 490°) as before heating, reflections was hampered by the diffuse background 
that is after annealing at 800° (Table 3). of the film which was increased very much with 























FIG.4. The dependence of Ina + 23°/a— 185° on 

the difference of the summation of the squares of 

the indices of the X-ray reflexions for an alloy of 
iron and titanium. 


TABLE 3. Valuesof a,/2.. Au? } ue 93 and @ for 
an alloy of iron and tungsten after various heat treatments 





ee 


(16/26)423¢ Au? = ; —— U? seo, Y #99 
(Mi / Fos) — 85° A 


Treatment 





0.190 


Heating at 800° 1.19 0, 0052 
0.100 


Heating at 800° + 650° 1.19 U.0052 

















the reflexion angle. 
ae ; = , When the temperature of the specimen was 
e eliect of strong Plastic deformation an g iquid ni 
annealing at different temperatures on the character- i oneaap aN step ne 
istic cohesion has been studied in crystals of the intensity was 9 per cent for annealing, and 
Fe-Ti solid solutions. Annealing of the deformed 8 per cent for deformation. This corresponds to a 
(by filing and pulverizing) alloy was performed at characteristic temperature of 360-380°. The deter- 
temperatures of 500, 720 and 800°. mination of the intensities in the case of the de- 
There was no marked change in the cohesion formed specimen was less accurate because of the 
after this treatment, and the characteristic temper- more strongly diffuse background of the X-ray 
ature was practically the same, 430-440° film and the diffusion of the interference lines. 
The value of 6 for deformed specimens and for The accuracy of the determination of the character- 
specimens which had been annealed at 500° and istic temperature for such small variations of in- 
800° was obtained from the slope of the straight tensity is not high, about 10-20 per cent. 


lron-titanium alloy 
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Tantalum 


The strength of the interatomic bond in tan- 
talum was obtained from measurements of de- 
formed specimens annealed at 1000° (deformation 


by filing and grinding the filed powder in a mortar). 


The tantalum used was of a high purity and con- 
tained traces only of any other elements. We found 
that the characteristic temperature was the same 
for both deformed and annealed specimens, namely 
24°. The same value has been obtained by other 
workers from measurements of the heat capacity 
(17, 18]. 

Our experimental results for 0, m0@?, Au? and 
Vu? _.., are shows in Table 4. 

+23° 


material of a high degree of purity in order to ex- 
clude the possible effect of these impurities, and 
for this, chromium obtained electrolytically as 
very pure plates, was used. 

The specimens for X-ray examination were 
prepared from a powder made by grinding the 
scales in a mortar. Part of the powder was 
studied in the deformed condition, the other 
part after annealing at 600°. 

The characteristic temperature was determined 
from measurements of the intensities of a great 
number of reflexions and for the deformed specimen 
was 490°, that is practically the same as that 
obtained by other authors from the heat capacity 
[17, 18]. 


TABLE 4. Valuesof Au? 6 and m@? for deformed and 
annealed tantalum 





Treatment 


12 02x 102" 





Deformation (by filing). . . 
Heating to1000°. ..... 





1,73 
1,73 














Chromium 


We have already [19] determined the character- 
istic temperature for chromium and found it to be 
considerably higher than the values of 6 tabulated 
in [17, 18] from thermal capacity measurements. 
We found, for example, that the characteristic 
temperature obtained #m the intensities of the 
X-ray reflections at two cemperatures was 580°, 
but 480° from the heat capacity. This value, 580° 
has been obtained both for specimens of pure 
(cast) chromium, and for chromium obtained by re- 
duction (powder). The cast chromium contained 
about 3 per cent of impurities (mainly Fe, Ni Al) 
and the degree of purity of the chromium reduced 
from the oxides was 99 per cent. Before exposure 
to the X-rays, the chromium specimens, both cast 
and reduced, were annealed at 600°. 

The discrepancy between our results for 0 and 
those of other workers could be regarded as due 
to our chromium not being pure enough and to the 
dissolved impurities being able to affect the 


strength of the interatomic bond to a marked degree. 


It was therefore decided to carry out a test on 


The characteristic temperature of the deformed 
chromium powder after annealing at 600° rose from 
490 to 580°, that is, it was the same as in the 
specimens studied earlier [19]. Chromium thus 
showed the same effects as in a whole series of 
solid solutions, change of cohesion after heat 
treatment and deformation. This did not occur in 
the remainder of the metals which we studied. 
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FIG. 5. The dependence of In a + 23/a — 185° on 
the difference of the summation of the squares of the 
indices of the X-ray interferences for chromium. 
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The values of 6, m@? and uw? obtained are set 
out in Table 5. 

The characteristic temperature was determined 
in all cases from the tangent of the angle of slope 


of the straight lines in Fig. 5. 


TABLE 5. Values of Au? 


lron-tungsten alloys 


Alloys of iron and tungsten containing 0.06, 
0.3, 0.4 and 0.60 at.% W have been studied. 

All the alloys were studied in the deformed 
state and on subsequent annealing. 


and m@Q? for chromium after 


different treatments 





Material Treatment 


9 
< 


Rae for 
AU” = U4 430 — UT igse, 0° 


° 


A? 








deformation 
(by filing) 

heating 600° 
heating 800° 
heating 800+600 


electrolytic 
chromium 








0.105 


0.089 
0.105 
0,089 


0.0058 


(0.0037 
0.0058 
0.0037 














THE DETERMINATION OF YOUNG’S MODULUS 


Measurements of the elastic modulus of iron 
and solid solutions of Fe-Ni, Fe-W, Fe-Cr and 


Fe-\in after various treatments have been made. 


Iron 


Electrolytic iron was remelted in an induction 
furnace to ingots of 5 kg, hammered into squares 
40 x 40 mm. and rolled until 15 mm thick. The 
degree of deformation was 62 per cent. Specimens 
were cut out of the rolled strips along the direction 
of rolling and tested after deformation and after 
annealing at avery 100° between 300° and 800°. 

Measurements showed that the modulus of the 
deformed iron did not change until 5009; it then 
diminished between 500° and 600° and showed no 
further change in the subsequent heating to 800° 


(Fig. 6). 


lron-nickel alloy 


The variation of the elastic modulus with the 
annealing temperature of a deformed alloy of 
Fe, 4 per cent Ni (the method and degree of de- 
formation the same as for iron) is of the same 
type as that for iron. 

This type of variation of the modulus which is 
characteristic of iron, Fe-Ni and other alloys 
after deformation by rolling, is due to the presence 
of a texture and its alteration on heating, if in the 
region of the recrystallization temperature. The 
marked influence of texture on the modulus is 


also dealt with in [20]. 


The modulus remained unchanged up to 500° 
for alloys with 0.06, 0.3 and 0.4 per cent of 
tungsten (see Fig. 6). During the subsequent 
annealing, at much higher temperatures, the 
values of the modulus for these alloys started 
to fall: this was evidently connected with the 
change of texture by cold rolling during recrystal- 
lization. For an alloy with 0.06 per cent W, the 
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FIG.6. The variation of the values of Young’s mod- 
ulus with the tempering temperature for iron and an 


alloy of iron and tungsten which had been deformed 
by rolling. 


modulus fell during the interval 500-600°. For 
alloys with 0.3 and 0.4 per cent W this interval 
extended as far as 800° (for greater clarity, the 
origin of the curves along the ordinate axis have 
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been distorted to avoid overlapping). This may 
possibly be due to the effect of the tungsten on 
the recrystallization of the iron. However, for the 
alloy of Fe, 0.6 per cent W the modulus is higher, 
not lower, than in the deformed state after temper- 
ing at 600°. This increase is retained during an- 
nealing at 650° and 750°, but falls sharply at 800°. 
The increase in the value of the modulus between 
600° and 7002 is evidently connected with an in- 
crease in cohesion, and this is confirmed by data 
for the characteristic temperature. 
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FIG.7. The variation of the values of Young’s mod- 
ulus with the temperature of tempering of an alloy of 
iron and chromium. 


In these alloys there are obviously two com- 
peting factors: the variation in texture which 
leads to a decrease in the modulus with the 
temperature of annealing and the strengthening 
of the cohesion which increases the modulus on 
annealing. An increased tungsten content by in- 
creasing the density is a factor in the increase 
in cohesion. Fig. 6 gives a general picture of 
how the change in Young’s modulus with the an- 
nealing temperature varies with the tungsten con- 
tent. 
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FIC.8. The variation of ‘the values of Young’s mod- 
ulus and the characteristic temperature with the heat- 
ing temperature for an alloy of iron and chromium. 


Iron-Chromium alloy 


This alioy (8 per cent Cr) was studied in the 
quenched state and after deformation by ham- 
mering in different directions. In both cases, the 
absence of texture made it possible to observe 
the dependence of the variation of F on the an- 
nealing temperature without other complicating 
factors. 

The curve in Fig. 7 shows the behaviour of the 
elastic modulus during tempering of the quenched 
specimens. The modulus increases between 300 
and 500°: when the temperature is raised further 
(600-8002 ) there is practically no change in F. 

When the deformed alloy is annealed, the change 
in F is similar in direction, only the actual amount 
by which it varies is somewhat greater and sat- 
uration takes place at a much higher temperature 
(600°). Comparison of the curves for the character - 
istic temperature and the elastic modulus show 
full agreement of direction and clearly confirm 
that the cohesion is increased after annealing. 
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FIG.9. The variation of the values of Young’s mod- 
ulus and the characteristic temperature with the heat- 
ing temperature for an alloy of iron and manganese. 


lron-manganese alloy 


Young’s modulus has been determined on 
specimens of a solid solution of Fe with 3 per 
cent Mn, quenched and tempered at 300, 400, 500, 
600, 650, 700 and 800°C and it has been found 
that the modulus increases after tempering the 
quenched alloy at the temperatures 400-600°. 

A further increase in the temperature (to 650°) 
led to a decrease of F and after tempering at 
800°, had the same value as after quenching. 

The characteristic temperature of this alloy 
varies in the same way on quenching and temper- 
ing (see Fig. 9). 





Relationship between cohesion and crystal structure 


DISCUSSION OF RESULTS 


Investigation has shown that the strength of the 
interatomic bond in pure metals (Fe, Mo, Ta and W) 
which have been subjected to plastic deformation 
and annealing at different temperatures, does not 
depend on this treatment or, at least, not to such 
a degree as could cause a variation in the character- 
istic temperature as determined by the X-ray method. 
Chromium was the only metal of these studied 
which showed this effect. The variation of the 
cohesion in relation to the treatment shown by 
this metal was in full accord with what has been 
found for a series of solid solutions, that is, heat- 
ing the deformed specimen for 2 hr raised the 
characteristic temperature. When annealed for 2 hr 
it 800°, the characteristic temperature was the 
same as in the deformed specimen (490°). On 
heating in the reverse order (800°, then 600°) 
chromium reproduced the results of the direct cycle, 
the characteristic temperature rising from 480° to 


580°. 


TABLE 6. Values of Au, 6, m 62, V ut, 930 and 


from the lattice, for the metals we have investi- 
gated, showed that the firmest bond appeared in 
tungsten crystals, for which m0? was 3.96 x 107” 
and the weakest in aluminium (m6? h 0.72 x 1072”). 

Consequently, the values obtained for u* and 
Vu? /r (ris the shortest distance between 
atoms in the crystal lattice) are assumed to be of 
the same order. 

The quantity Vu? /r 
from ris the mean square displacement of atoms 
from the equilibrium positions during thermal vi- 
brations in each of the metals studied. Thus, for 
tungsten, \/ w?/r is 2.6 per cent at room temper- 
ature, and for aluminium, 6.2 per cent. 


shows how different 


Our investigation has shown that the cohesion 
in solid solution crystals of binary iron alloys 
can be altered not only as a result of the actual 
alloying but also by the kind of thermal working 
and as a result of plastic deformation. The cause 
of the variation in cohesion is controlled by the 
redistribution of the atoms in the solid solution 
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Table 6 gives the characteristic values for the 
cohesion which we have determined in this and 
earlier work [21, 19, 22]. The characteristic 
temperature of the metals Fe, W, Ta and Mo has 
been found to be practically the same for both 
quenched and plastically deformed specimens. 
This means that the various changes in the fine 
structure that take place on plastic deformation 
do not in themselves cause the variation in the 
values of the cohesion. 

Comparison of the values of m6@?, a quantity 
proportional to the force which restores the atoms 
to their equilibrium positions after displacement 


lattice and as a result the lattice energy fluctuates 
and consequently the mean square displacements 

of the atoms due to thermal vibration, the character- 
istic temperature and the elasticity constants. 

The redistribution of atoms in the solid solution 
lattice leads to an increase in the degree of short- 
range order and to a fuller manifestation of the 
strength of the inter-atomic bonds, and can take 
place when the atoms are sufficiently mobile. For 
all the solid solutions studied, the increase in 
cohesion appeared after annealing at temperatures 
between 500° and 700°., Annealing at much higher 
temperatures, for instance at 800° (Fe-W alloy) 
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decreased the rate of strengthening of the bonds 
which could be a result of the lowering of the 


degree of short-range order caused by the increased 


thermal movement of the atoms. 

There was no strengthening of the bonds in 
quenched alloys. This could be due to the irregu- 
lar distribution of atoms appropriate to a high 
temperature, being fixed by the quenching, so 
that, — as in the y - a martensite transformation, 
the distribution of the atoms is not changed. 

The use of two different procedures for the 
determination of the characteristics of the co- 
hesion (X-rays for 0, elastic vibrations for F) 
made a convincing demonstration of the way in 
which the cohesion of solid solutions varied with 
the treatment to which they had been subjected. 

Figs. 8, 9 and 10 show the dependence of the 
characteristic temperature and elastic modulus on 
the annealing temperature for deformed specimens 


of iron-manganese, iron-chromium and iron-tungsten 


alloys. The graph shows that the curves for 6 and 

E are of the same type which lends plausibility 

to the conclusions reached regarding the variation 

of the cohesion. 
E (kg/mm?) 
20800; 








\ 


\ 
. 


\ 
aA % 











a 



































Tempering temperature (° C) 


FIG.10. The variation of the values of the character- 
istic temperature and Young’s modulus with the heat- 
ing temperature for an alloy of iron and tungsten. 


In all the alloys studied, the increase in co- 
hesion resulting from the appropriate heat treat- 
ment, disappeared after the specimens had suf- 
fered plastic deformation. If the increase in bond 
strength was due to an increase in the degree of 
short-range order, then the weakening of the bond 
strength after plastic deformation raises the 
question of how it may be the result of the lower- 
ing of the degree of short-range order. This de- 
crease in the degree of short-range order has been 
discussed recently in [23, 24]. Our results have 
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shown that the variation of the cohesion with the 
treatment is obviously widely prevalent in solid 
solutions. The effects which we have described 
and the various anomalous properties observed by 
other authors for a whole range of solid solutions 
of transition group metals can, moreover be at- 
tributed to processes of one and the same kind. 

The Experimental results viewed as a whole 
give rise to the conclusion that the variations of 
different properties with treatment whieh have 
been described may be due to changes in the in- 
ternal structure, that is, to a redistribution of 
atoms in the crystal lattice. Such a regrouping 
would take place by diffusion. Each temperature 
appears to have its own characteristic degree of 
inhomogeneity the degree of short-range order). 
Below the given temperature however, the dif- 
fusion process is difficult and the degree of 
order already created by the preceding treatment 
will not increase. Instead, at high temperatures 
the increase in the thermal movement lowers the 
stability of such atomic complexes. There should 
therefore be an optimum temperature for each al- 
loy at which the degree of inhomogeneity in the 
atomic distribution will be greatest, and conse- 
quently its effect on the properties will be at a 
maximum. Of the alloys we have studied, in iron- 
manganese, iron-tungsten and iron-nickel, this 
temperature ranged between 500° and 700°: for 
alloys of nickel-chromium, and nickel-iron-molyb- 
denum [9, 11], the maximum change in the 
properties takes place between 400° and 500°. 

Although the experimental data available at 
the present time permit a representation of the 
kinetics of the internal phase processes with a 
fair degree of plausibility, they cannot as yet 
allow definite conclusions to be made as to the 
structure and nature of the atomic inhomogeneities 
in the solid solution lattice, although the most 
probable view is that the homogeneous solid so- 
lution can, under certain conditions, give rise to 
a concentration of imperfections localized in a 
very small space. The cause of such atomic re- 
grouping diverging from a statistically uniform 
distribution is most probably due to the type of 
electronic interaction of the atoms in the solid 
solution lattice. There is, however, no direct ex- 
perimental confirmation, so the question remains 
as yet unanswered. 

New methods of investigation, particularly \-ray 
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methods such as measuring the energy spectra of 
electron levels, and fine-structure methods, can 
add to and refine these ideas. 


CONCLUSIONS 


1. A study has been made of the effect of heat 
treatment and deformation on the bond strengths 
in the pure metals, Cr, Ta and W, and in the solid 
solutions Fe — Cr, Fe — W, Fe — Mn and Fe — Ti. 

2. The strength of the interatomic bonds was 
studied by measuring the characteristic temper- 
ature and the elastic modulus. 

3. It has been shown that the characteristic 
temperatures of the pure metals Fe, Mo, W and 
Ta do not change after heat treatment and defor- 
mation. 

4. In chromium the characteristic temperature 
was raised after heating specimens which had 
suffered deformation up to 600°; but not after heat- 
ing at 800°. 

5. The bond strengths in solid solutions of 
Fe-Cr, Fe-W, and Fe-Mn change on heat treat- 
ment and deformation: the characteristic temper- 
ature is raised on heating to a given range of 
temperature, and lowered by plastic deformation 
and quenching (Fe-Cr, Fe-Mn). 

It was shown for this metal that the variation 
of 6 with the temperature is reversible. 

6. Treatment of the solid solutions Fe-Cr, 
Fe-Mn and Fe-W has established that there is 
complete conformity between the direction of 
variation of the characteristic temperature and 
Young’s modulus. 

7. It is suggested that the effect of treatment 
in changing the bondstrengths in a series of solid 
solutions is due to a redistribution of the atoms 
in the crystal lattice. The increase in bond strength 
corresponds to an increase in the degree of short- 


range order. 
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THE INFLUENCE OF STATISTICAL CRYSTAL LATTICE DEFORMATIONS 
ON THE MECHANICAL PROPERTIES OF ALLOYS* 


V.A. PAVLOV 
(Received 20 August 1956) 


The effect is considered of crystal] lattice deformations on the mechanical properties, stress 
relaxation and on the processes of relaxation and recrystallization in alloys. 


All the investigations made at present of the 
mechanism of plastic deformation in monocrystals 
and polycrystals of metals and alloys show that 
the process of plastic deformation is not proceed- 
ing in a uniform way over the whole volume, but 
that it originates in small crystal areas and then 
spreads along definite crystal planes and direc- 
tions [1~3]. Hence it follows directly that the 
strength of crystals is determined not only by the 
value and nature of interatomic bond forces, but 
also by the properties and structure of those 
areas in which plastic deformation starts, or, in 
other words, it is determined by the character of 
the ‘submicroscopic non-uniformities in the struc- 
ture of crystals’ [3—4]. It is obvious from 
general concepts that, with an increasing hetero- 
geneity of lattice structure, the occurrence of 
plastic deformation will correspond to higher 
internal stresses [3]. This increase in the crys- 
tal strength with increased number of crystal 
lattice deformations, can be looked upon as an 
increase in the effectiveness of utilizing the 
interatomic bond forces [4]. One of the more 
important problems facing the physics of solid 
materials is the study of interatomic bond forces, 
of investigating the fine structure of irregularities, 
in crystal lattice formation and of the influence 
exerted by them on the mechanical properties of 
metals and alloys under all types of deformation 
conditions. 

Of the more common types of deformation 
found in simple solid solutions are the statistical 
deformations, which are brought about in the 
lattice of the main metal by the solution in it of 
the atoms of other elements. 

The influence of statistical crystal lattice 
deformation on the strength of alloys was first 
investigated by G.V. Kurdyumov on iron-carbon 
alloys, and it was shown that the high strength 
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of martensite is connected with an increased 
effectiveness of utilizing the forces of interatom- 
ic bond due to deformations involving carbon at 
atoms in the a-iron lattice [4]. 

In investigation of alloys showing statistical 
deformations of the crystalline lattice because of 
atoms of the dissolved elements, one should bear 
in mind the possible effect of diffusion processes, 
which can occur in such alloys under the action 
of stresses, on the plastic deformation. 

Among the known diffusion processes that can 
give rise to stresses, it is possible, for instance, 
to name the up-hill diffusion [5], establishment 
of anisotropic distribution of the solute atoms [6], 
changes in the degree of order in alloys in the 
state of ordering [7], decomposition of solid solu- 
tion [3], diffusion of the vacant lattice positions 
of the atoms that have penetrated into lattice 
centres, etc. All such diffusion processes, which 
are directed towards the establishment of equilib- 
rium state under conditions when the solid solu- 
tion is under the action of internal stresses, are 
accompanied by stress relaxation and can be 
studied by observation of non-elastic phenomena. 
Data obtained in this way can be used in investi- 
gation of the behaviour of solid materials under 
load. 

It is generally assumed at present, that the 
diffusion processes, whose rate of progress is 
extremely small in salid materials, can exert 
some influence on plastic deformation but only at 
high temperatures and with low deformation 
speeds. However, numerous investigations of 
relaxation phenomena, associated with diffusion 
under the action of stresses, show that the atoms 
rearrangement under the action of stresses during 
the establishment of anisotropic distribution of 
atoms, or during changes in the degree of order, 
takes place so rapidly that the equilibrium con- 
ditions are reached within a few seconds even at 
low or reasonably high temperatures. Such a 
rapid rate of reaching the equilibrium conditions 
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is explained by the fact that the distance though 
which the atoms have diffused is small and com- 
parable with the interatomic distance. 

Furthermore, theoretical investigations [5], as 
well as a number of experimental data, show that 
the up-hill diffusion under the action of a stress 
gradient occurs at a rate that is much faster than 
the normal concentration diffusion and, in a num- 
ber of cases, it can extend over a considerable 
distance already in the process of deformation, 
and thus it can lead to a non-uniform distribution 
of the alloying element atoms in the volume of 
solid solution [8, 9]. 

On the basis of the above data it is reasonable 
to expect that the diffusion processes ‘vill set in 
and affect plastic deformation not only at high 
temperatures and low deformation speeds, but 
also at relatively low temperatures and sufficien- 
tly high deformation speeds. 

In considering the effect of diffusion processes 
on plastic deformation, one should remember that, 
at the present time, many aspects of the interac- 
tion between plastic deformation and diffusion 
processes are, as yet, obscure. 

It is generally agreed that the diffusion proces- 
ses can, by bringing about stress relaxation, lead 
only to a reduction in distortion of the crystalline 
lattice, enhance the development of the displace- 
ment and diffusion plasticities and diminish the 
resistance to deformation and strength of alloys. 
However, from an analysis of the available ex- 
perimental data for the dependence of the mech- 
anical properties of alloys on temperature, it is 
not difficult to see that, under certain definite 
conditions of deformation, the diffusion processes 
can inhibit the occurrence of displacement deform- 
ation and increase the resistance to deformation 
(io). 

This kind of effect of diffusion processes on 
plastic deformation can be explained if the mech- 
anism of the origin of displacement deformation 
is taken into account. 

As already shown above, displacement deform- 
ation has its origin in extremely small crystal 
areas. If at the time of deformation, there will 
proceed also diffusion processes accompanied by 
stress relaxation in those areas where displace- 
ment deformation has its origin, then the plastic 
deformation will begin at higher internal stresses. 

As a result of solute atoms diffusion during the 
stage of deformation and because of their interac- 


tion with distortions of the crystal lattice origin- 
ating from plastic deformation, the concentration 
of the alloying solute atoms in the volume of the 
deformed solid solution will be non-uniform. 
Investigations show that, as a result of up-hill 
diffusion, there exist a non-uniformity of concen- 
tration over considerable areas, for instance, in 
the vicinity of slip lines [8, 9]. It is, obviously, 
possible to determine the difference in concentra- 
tion between the blocks under compression and — 
tnesion. An anisotropic distribution of the alloy- 
ing solute atoms can also occur in the blocks, 
depending on the value and direction of the acting 
stresses. Recent investigations on internal fric- 
tion point to a possible existence of the 
dissolved solute atom clouds near dislocations 
(11, 12, 13]. 

A non-uniformity of concentration distribution 
in the solid solution, will, in its turn, have a 
certain definite effect on plastic deformation, on 
relaxation and recrystallization of an alloy. The 
non-uniform distribution of an alloying admixture 
in a Solid solution under plastic deformation, and 
with crystal lattice distortions, arising as a result 
of plastic deformation, corresponds to a state of 
the system that is more stable from the thermo- 
dynamic viewpoint, than that obtaining with a 
uniform distribution of solute [5]. Therefore, all 
the processes of relaxation and recrystallization 
will, in alloys that are deformed and in which the 
distribution of the admixture is non-uniform in the 
volume of the alloy, proceed at a lower speed, 
and at a higher temperature, than in pure metals. 
In all probability, the non-uniformity of solute 
distribution can serve as an explanation of the 
observable increase in the recrystallization tem- 
perature in alloys showing a more pronounced 
distortion of the crystal lattice, for instance, in 
alloys of iron with carbon, copper and zinc; lead 
and chromium [14, 15]. This increase in the tem- 
perature of recrystallization cannot be explained 
by an increase in the force binding the crystalline 
lattice, since results from elasticity modulus 
determinations point to a reduction in its value in 
such alloys if the concentration of the solid solu- 
tion is increased [16]. 

Investigations on internal friction point to a 
considerable inhibition of the occurrence of diffu- 
sion processes in deformed alloys, which is 
caused by a non-uniform distribution of the alloy- 
ing admixtures. Thus, for instance, the carbon 
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diffusion activation energy in iron-carbon alloys, 
equals 18,000—20,000 cal/mole for the non- 
deformed condition, and increases to 32,000— 
36,000 cal/mole in the deformed condition. This 
increase in the activation energy occurs because 
of the main diffusion process being made much 
more complex by a preferential tendency of the 
carbon atoms to group around lattice dislocations 
{11-13}. 

Although comparatively little is known about 
the above phenomenon, as yet, even now it should, 
however, be taken into account in considering the 
processes of plastic deformation, relaxation and 
recrystallization. It is possible that the observ- 
ed increase in the activation energy of relaxation 
and recrystallization will be easier to understand 
in alloys of iron and carbon rather than in pure 
iron [15], or in aluminium-magnesium alloys [17], 
since it cannot then be explained in terms of a 
change in the interatomic bond forces, because 
the bonding force in the iron lattice is reduced by 
the introduction of carbon atoms [17], and in the 
case of aluminium-magnesium alloys, it is inde- 
pendent of the solid solution concentration [19, 
20]. 

It is perfectly clear that all diffusion processes 
will proceed with different intensities and in 
various degrees, depending on the deformation 
conditions and the composition of alloys. Start- 
ing with the above assumption, one should expect 
a complex dependence of the mechanical proper- 
ties on the concentration of solid solution, tem- 
perature and speed of deformation. 

In recent years, a series of detailed investiga- 
tions was undertaken in the mechanical testing 
laboratories of the Metal Physics Institute Ural 
Branch of the Academy of Sciences, U.S.S.R. into 
the phenomena of statistical deformations caused 
in a metal by the atoms of dissolved alloying 
admixtures, and their effect on plastic deforma- 
tion. All the investigations were carried out on 
aluminium alloyed with magnesium. 

The reason for choosing the alloys of aluminium 
with magnesium as the most suitable starting 
materials for the investigation was that these 
alloys show certain advantages, in as far as their 
interatomic bond force in the a-solid s dution 
phase remains constant during changes in the 
alloy chemical composition, while there exist 
considerable statistical distortions in the crystal- 
line lattice caused by magnesium atoms. This 


circumstance enabled a study to be made of the 
net effects of crystalline lattice distortions and, 
also, simplified to a considerable extent the inter- 
pretation of the results obtained, which is of ex- 
treme importance in the initial phase of investiga- 


tions. 
The investigations were carried out simul- 


taneously in several directions. Deformation of 
the crystal lattice was determined by X-ray analy- 
sis. A study was made of the temperature depen- 
dence of elasticity modulus, of internal friction, 
stress relaxation and of mechanical properties 
over a wide range of temperature variations and 
changes in the speed of deformation. The mech- 
anism of plastic deformation was investigated by 
X-ray and optical analyses. The results thus ob- 
tained embraced a wide range of the alloy proper- 
ties and the processes occuring in them, so that 
reliable conclusions could be drawn from them. 

In the study of the dependence of elasticity 
modulus on temperature it was found that, for the 
solid solution phase of alloys of aluminium with 
magnesium, the elasticity modulus is independent 
of the solid solution concentration over the in- 
vestigated range of temperatures from 77 to 700 
°K. The results obtained agree fully with the 
known determinations of the elasticity modulus 
values, in the alloys in question, at room tem- 
peratures [16], and also indicate that the bon ling 
force in the a-solid solution phase of aluminium- 
magnesium alloys does not depend on the concen- 
tration of magnesium over a considerable range of 
temperatures [19]. 

Results from X-ray investigations lead to an 
analogous conclusion. They showed that the 
characteristic temperatures of aluminium alloys 
with magnesium are independent of the a- solid 
solution concentration at the time when a con- 
siderable statistical distortion of the crystalline 
lattice of the alloy is present because of mag- 
nesium atoms. In plastically deformed alloys, 
the second and third order stresses are notice- 
able considerably more than in pure aluminium 
[20]. 

Internal friction investigations showed 
decidedly that in alloys subjected to deformation 
and possessing statistical distortions of the 
crystal lattice, the distribution of solute atoms in 
the alloy volume is non-uniform and groups of sol- 
ute atoms exist. Therefore, already the principal 
rrocess of atoms diffusion involves whole groups 
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of atoms and not only single atoms. Because of 
this, the activation energy is increased and the 
internal friction maximum, corresponding to mag- 
nesium diffusion, is displaced into the region of 
high temperatures if the concentration of mag- 
nesium is increased [21]. An analysis of the 
laws governing the internal friction in the alloys 
of iron with carbon, subjected to deformation 

[13], as well as in alloys of aluminium with mag- 
nesium, leads to the conclusion that, in these 
cases, we are concerned with the diffusion of 
clouds of the solute atoms, which are distributed 
around dislocations. 

The non-uniform distribution of magnesium 
atoms in the volume of solid solution is, obviously, 
conditioned also by the higher recrystallization 
temperature corresponding to an increase in the 
concentration of magnesium [17, 21]. 

A very complicated relationship was found bet- 
ween the mechanical properties and composition, 
and the temperature and rate of deformation of the 
alloys investigated [22, 23, 26]. 

In addition to a general increase in the alloy 
strength, both during the usual tensile strength 
tests and during stress relaxation, there is ob- 
served an irregular dependence of the mechanical 
properties on temperature and the rate of relaxa- 
tion, which manifests itself in the yield point 
rising with increasing temperature, in a certain 
definite temperature range, and in the stress 
relaxation diminishing with an increase in tem- 
perature when the deformation speed is reduced. 
Because of the above irregularities, the simple 
temperature dependence of the yield point in pure 
aluminium, changes to a more complex pattern in 
alloys and shows a number of maxima, the actual 
value of which depends on the alloy composition 
and deformation rate. 

The irregular dependence of the mechanical 
strength of alloys on temperature and its anoma- 
lous relationship with the speed of deformation, 
point to the occurrence of diffusion processes 
under the action of stresses present in the stage 
of deformation, and it also indicates that such 
diffusion processes are accompanied by an 
increase in the yield point in some definite 
temperature intervals. The presence of several 
maxima in the yield point temperature curve, dis- 
tributed in various temperature regions, enables 
a deduction to be made that several types of dif- 
fusion processes are involved simultaneously at 


the time of deformation. Two of these maxima 
correspond to temperatures of 80 and 500 °K. The 
real nature of the diffusion processes in question 
is not clear, as yet. However, starting with dis- 
location concepts and with results obtained in 
internal friction investigations mentioned above, 
it can be assumed that, under the action of inter- 
nal stresses, there will occur diffusion of the 
alloying solute atoms near dislocations, followed 
by a change in the concentration of atoms in a 
cloud of atoms. Such diffusion processes are 
accoinpanied by stress relaxation. The relaxa- 
tion of stress near dislocations and a change in 
the concentration of atoms in an atom cloud can 
result in an elevation of the yield point under 
certain definite deformation conditions. The dif- 
fusion of solute atoms occurs at high temperatures. 
At low temperatures, on the other hand, a migra- 
tion is assumed of vacant lattice positions, 
created between atom inter-centres, towards dis- 
locations, or, finally, an intersection and inter- 
action of dislocations [27-29]. Special investiga- 
tions are necessary before the exact nature of the 
diffusion processes can be explained. 

Statistical distortions of the crystalline lattice 
lower the plasticity of alloys and favour a pre- 
mature occurence of cracks during plastic deform- 
ation. On the other hand, the diffusion processes 


proceeding during deformation, are accompanied 


by stress relaxation near the points of incipient 
cracks and in this way inhibit their formation and 
development. The interaction of these two pro- 
cesses is responsible for a complex dependence 
of a uniform and full deformation on the alloy 
composition and the temperature and speed of 
deformation. 

It was established by means of X-ray and op- 
tical analytical methods that there exist three 
basic mechanisms of plastic deformations: a 
translational mechanism, a block formation mech- 
anism, with preferential block formation in the 
body of grain, and a mechanisms characteristic of 
deformation proceeding along the grain boundar- 
ies (24, 26]. The first two of these mechanisms 
are usually associated with each other and known 
under the general term of displacement deforma- 
tion. It is for this reason that, at the present 
time, there is clear experimental evidence for the 
existence of at least two yield points: one, for 
the displacement deformation in the body of the 
grains, and another one for the deformation along 
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the grain boundaries. The yield point for the 
grain boundary type of deformation shows a 
higher degree of dependence on the temperature 
and speed of deformation than is the case with 
displacement deformation of the grain body type. 
Therefore, the grain boundary type of deformation 
is observed mainly at relatively high tempera- 
tures and with low speeds of deformation. 

By alloying aluminium with magnesium there 
is obtained a certain strengthening of the grain 
boundaries due to the effect of internal adsorp- 
tion, and therefore the deformation along grain 
boundaries starts at temperatures that are 
higher than for pure aluminium (24, 25]. 

In considering the laws governing plastic 
deformation in the alloys investigated, which are 
characterized by statistical distortion of the crys- 
tal lattice, some factors should be pointed out 
which affect the behaviour of the alloys under 
load. 

First of all, a statistical distortion of the crys- 
tal lattice inhibits the occurrence of plastic 
deformation of the displacement type, by raising 
the yield point and increasing the resistance to 
displacement. 

Secondly, the occurrence of various types of 
diffusion processes creates better conditions for 
the development of diffusion plasticity. On the 
other hand, however, by making more complex the 
basic diffusion act, which is brought about as a 
result of the establishment of a non-uniform dis- 
tribution of the solute atoms, and because of con- 
sequent increase in the crystallization tempera- 
ture, and by strengthening the grain boundaries, 
the development of the diffusion-type plastic 
deformation is inhibited. 

The behaviour of an alloy under load is deter- 
mined, finally, by a combination of all the fac- 
tors involved, and it is obvious that its depend- 
ence on the alloy composition and deformation 
conditions is of a complex nature. 

There is no doubt that serious attention should 
be paid in future investigations to a detailed 
study of the diffusion processes occurring under 
load, to the chatacter of the irregularity of the 
solute atoms distribution resulting from the effect 
of internal adsorption [25], as well as from the 
interaction of the alloying element atoms with 
crystal distortions appearing during plastic 
deformation. Of a great importance should be 
investigations directed towards a study of the 


crystal lattice imperfections and of the laws 
governing their development and disappearance. 
In particular, of a special interest should be a 
study of the development conditions of the 
vacant crystal lattice positions and of the intro- 
duction of atoms into interstices of a crystalline 
lattice, and their effect on the alloy properties, 
their role in diffusion processes, plastic deform- 
ation, relaxation and recrystallization. 
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X-RAY STUDY OF INTERCRYSTALLITE ADSORPTION IN SILVER ALLOYS* 
B.I. ARKHAROV and S.D. VANGENGEIM 
(Received 17 January 1957) 


Reversible change of the crystalline lattice constants related to the grain size were dis- 
covered in binary and ternary silver alloys. These changes were connected with the intercrystal- 
lite adsorption of horophilic additions in silver. The horophilia of thallium, beryllium, zinc, bis- 
muth and lead towards silver was confirmed. The thickness of the intercrystallite transition 
zones was estimated, on the basis of the resukts obtained, to be of the order of several hun- 


dred interatomic distances. 


Many process occurring in polycrystalline 
alloys are influenced to a large extent by the 
heterogeneity of structure and composition of 
alloys. The internal adsorption of the dissolved 
adsorption of the dissolved additions [1, 2) which 
causes the appearance of concentration differences 
in an alloy is an important factor influencing the 
course of such processes. 

The thickness of the intercrystallite transition 
zones where the internal adsorption takes place 
amounts to several hundred interatomic distances 
[3]. This fact makes the study of these zones and 
of the internal adsorption processes difficult. 

There are several methods of studying the inter- 
crystallite adsorption. They are based on the 
change of the etching characteristics of solid 
solutions with the change in concentration of the 
dissolved element [4-8], or on the use of radio- 
active isotopes {9, 10]. 

Arkharov and Skornyakov [11] discovered that 
the lattice constant of a solid solution contain- 
ing a horophilic component changes with the 
change in the grain size of the alloy. 

In the case of a positive internal adsorption, a 
proportion of the dissolved component concentrates 
in the intercrystallite transition zones and its con- 
centration in the bulk of grain decreases corres- 
pondingly. 

The change in the concentration of the added 
component is greater the finer the grain of the 
alloy, because in this case the total volume of 
the intercrystallite zones is large. When the grain 
size increases this volume becomes smaller and 
a proportion of the dissolved addition passes from 
the intercrystallite zones into the bulk of the grain. 

The change in the concentration of the addition 
in the bulk of the grain caused by the intercrys- 


tallite adsorption can be observed by X-ray methods 
(by measuring the lattice constants) under the fol- 
lowing conditions. Firstly, the atomic radii of the 
main constituent and the addition should be widely 
different, so that a small variation in the concen- 
tration of the addition would cause a considerable 
change in the lattice constant of the solid solu- 
tion. Secondly, the addition should be strongly 
horophilic i.e. it should enrich appreciably the 
intercrystallite transition zones. Thirdly, the ad- 
dition should have a high solid state solubility in 
the principal component of the alloy.* 

The occurrence of reversible changes in the 
lattice constant, which can be correlated with the 
change in the grain size, forms a basis for a method 
of studying the intercrystallite adsorption in alloys 
satisfying the three conditions listed above. It is 
imp$rtant that the increase and decrease of the 
grain size is carried out on the same specimen as 
only in this case it can be guaranteed that the 
changes in the lattice constant are not caused by 
extraneous factors such as loss of the added com- 
ponent during the heat treatment or by segregation- 
al heterogeneity in the original casting. 

The study of the intercrystallite adsorption of 
antimony, beryllium and iron in copper by the above 
method is described elsewhere [11]. 


The intercrystallite adsorption of antimony and 
beryllium in copper is discussed on the basis of 
the experimental reversible lattice constant changes 
caused by changes in the grain size. In solid solu- 
tions containing two or three additions, one only 
took a major part in the intercrystallite adsorp- 








* Fiz. metal. metalloved. 4, No. 3, 439—446, 1957 
[Reprint Order No. POM 72] 


* It ought to be mentioned that the average concentra- 
tion of the addition should be small in comparison with 
its volumetric solubility in the principal component of 
the alloy [ul. The concentration of the addition in the 
alloy can be higher the greater its volumetric solubil- 
ity. The change in its concentration will have then a 
greater effect on the lattice constant. 
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tion depending on its relative concentration in 
the alloy. An estimate of the thickness of the 


intercrystallite transition zones was also carried 
out. It was found that it varied between 350 and 
900 4 depending on the composition. 

The object of the present work was the X-ray 
study of the intercrystallite adsorption in systems 
chosen especially, in contrast to the previous 
work [11], and the estimate of the width of the 
intercrystallite transition zones based on measure- 
ments of the lattice constant of the alloy in the 
fine and coarse grain state. 


EXPERIMENTAL TECHNIQUE 


The following binary systems were chosen for 
study: Ag- Tl, Ag- Be, Ag- Zn, Ag- Bi, Ag-Pb. 
Table 1 gives some properties of the elements in- 


volved. 


TABLE 1. 





Atomic radius | Volumetric solubility 


(A) in Ag (wt. %) 


Element 





Ag 1.44 
TI 1.71 
Be 1.13 
Zn 1.37 
Bi 1.82 
Pb 1.74 











The concentration of the alloying elements was 
selected in such a way as to make sure that a 
sufficient amount of the addition remained in the 
grains, even when they were very fine, to alter the 
lattice constants of alloys relatively to the lattice 
constant of pure silver. 

Also studied were the following ternary systems: 
Ag- Tl- Be, Ag- Ti- Zn, Ag- Bi- Be, Ag-Bi- Zn, 
\g- Pb- Be, Ag-Pb- Zn (solid solutions on Ag 
base containing two additions, one of which in- 
creases and the other decreases the lattice con- 
stant of the solid solution in comparison with the 
lattice constant of pure silver). 

Two or three specimens of each alloy were ex- 
amined. 

Coarse and fine grain structure was obtained 
consecutively in the same specimen by means of a 
recrystallization annealing which followed after 
plastic deformation of the specimen. To obtain fine 
grain the specimens were subjected to hammering, 


to obtain the coarse grain structure they were sub- 
jected to compression of 5- 10 per cent. Annealing 
of the specimens was carried out in both cases at 
the same temperature in order to exclude possible 
temperature on the internal adsorption. The only 
difference was in the preceding mechanical treat- 
ment and in the duration of annealing. 

The grain size varied generally between 0.01 
and 0.4-0.5mm. (i.e. 40 to 50 fold). There were 
cases where the grain size varied within smaller 
limits, 4-6 fold or even 2-3 fold. 

A surface layer 0.3mm. thick where the alloying 
element could have been burnt our was removed in 
boiling nitric acid from specimens subjected to 
heat treatment.* 

Next, the specimens were etched by the mixture 
of NH,OH (5 volumes) and 30 per cent H,0, (1 vol- 
ume) to reveal their microstructure.** The grain 
size was determined by means of a scale in the 
eyepiece of the metallurgical microscope MiM-5 
by taking an average from 20 grains. 

The X-ray photographs were obtained by the 
Sachs method with the KROS- 1 camera (with 
simultaneous revolution of the specimen in the 
cassette) by using Cu Kg rays and focussing on 
the (511) line. The distance between the lines on 
the photograph was measured several times with a 
bevel edged ruler. The differences between the in- 
dividual measurements did not exceed 0.2 mm., 
which correspond to the change in the lattice con- 
stant by 4-6 x 10“ A. 


RESULTS AND THEIR DISCUSSION 


Table 2 gives the changes in the lattice con- 
stants of binary and ternary Ag alloys correspond- 
ing to alternative increase (+) and decrease (-) of 
the grain size induced in the same specimen. 





* Special experiments have shown that the change in 
the lattice constant caused by the burning out of the 
alloying element does not occur deeper than 0,2 mm. 
Beginning from 0,2 mm. the lattice constant reaches 

a constant value characteristic for the given alloy com- 
position. 


** In the alloys containing bismuth it was difficult to 
reveal the microstructure by etching the above men- 
tioned reagent. Therefore, in the case of these alloys 
it was only shown in the Table whether the grain size 
increased (+) or decreased (-). This was determined by 
means of additional X-ray photographs obtained without 
revolving the specimen. 
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TABLE 2 





Change in 
lattice 


Factor by which 
the grain size 


Increase (+) or 
decrease (-) of 


No. of Stage of 


Alloy 


specimen 


treatment 


constant 


the grain size was changed 





Ag+0.5% Tl ‘fal 


rary 


~ 


NOUS Wl 


+16 
—6] 
+93 





Our Wh 





Ag+0.5% TI 




















Table 2 shows that in the Ag-TI alloys the 
growth of grain corresponds to the increase, and 
the diminution of grain to the decrease of the 
lattice constant. Considering that the lattice con- 
stant of the solid solution Ag- Tl should increase 
with the increase in Tl concentration and decrease 
with the fall in Tl concentration, it is possible to 
conclude that a positive intercrystallite adsorp- 
tion of thallium in silver takes place. 

In the alloys Ag- Be the changes in the lattice 
constant are the reverse of those described above 
(increase of the lattice constant in the fine grain 
and its decrease in the coarse grain specimen). 
This also points to the positive adsorption of Be 
in Ag because the lattice constant of the solid 
solution decreases with the increase in Be con- 
centration. 

In the alloys Ag- Bi and Ag- Pb the lattice con- 
stant changes as in the Ag-TI alloys, and in the 
Ag- Zn as in the Ag-Be alloys. The experimental 
results obtained contain some irregularities. These 
are, however, rare. But of 149 determinations only 
8 were contrary (in sign) to the general trend. 

In the ternary alloys Ag- Tl- Be three different 
relative concentrations of Tl and Be were studied: 
0.1 per cent Be and 1 per cent Tl, 0.1 per cent Be 
and 2 per cent Tl, 0.2 per cent Be and 0.5 per cent 
Tl. 


In all these cases the lattice constant increased 
with the increase and decreased with the reduction 
in the grain size. This shows that TI is preferen- 
tially adsorbed in the intercrystallite zones. In 
the last case the absolute value of the lattice con- 
stant was smaller than in pure Ag (0.2 per cent Be 
changes the lattice constant much more than 0.5 
per cent Tl), however its change with the change 
of grain size had the same sign as in Ag- Tl 
alloys which proves that T! is preferentially ad- 
sorbed. 

We have found in all other ternary systems 
studied that one of the alloying elements is pre- 
ferentially adsorbed. Zinc in the Ag- 1 per cent 
TI-5 per cent Zn alloys, lead in the Ag-1 per 
cent Pb-0,1 per cent Be alloys, lead in the Ag- 

1 per cent Pb-5 per cent Zn alloys, bismuth in 
the Ag-0.3 per cent Bi-0.1 per cent Be alloys, 
and zinc in the Ag-3 per cent Bi-5 per cent 
Zn alloys. 

As already stated the relative precision of the 
lattice constant measurements was 4-6 x 10 A. 
The observed values of the lattice constants 
varied on the average between 30-40 x 10~* A, 
i.e. they were 5-6 times greater than the maximum 


experimental error. 


The changes in the lattice constant were re- 
versible as far as the sign was concerned. The 
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TABLE 2 (continued) 





Increase (+) or | Factor by which| Change in 
decrease (-) of | the grain size lattice 
the grain size | was changed constant 


No. of | Stage of 


specimen | treatment 





Ag+0,1% Be B11 





Ag+0,1% Be 





Ag+0,1% Be 





Ag+1% TI+0,1% Be 





Ag+1% Ti+0,1% Be 





Ag+ 1% T14+0,1% Be 


f+ )+ 





Ag+2% T1+0,1% Be 


ee es 





Ag+0,5% T1+0,2% Be 
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Ag+5% Zn 
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Alloy 


No. of 


specimen 


Stage of 
treatment 


Increase (+) or 
decrease (—) of 
the grain size 


Factor by which 
the grain size 
was changed 


Change in 
lattice 
constant 





Ag+5% Zn 


Z—12 
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Ag+5% Zn 


mw 


+] +4 


Who 
on 





Ag+1% T1+5% Zn 


NOOR WO — 


l+]++4-| 


A) 


- 


on 





Ag+1% Tl4-5% 


I 
2 
3 
4 
5 
6 
7 


lt} ++1+ 


on on 





Ag+1% Pb 


OnPwto— 


Lite i 


be om U1 CO NO CO 





Ag+!1% Pb 


bei ++ | 


me & C1 CO HD CO 





Ag+1% Pb+0,1% Be 


ei¢ti+i] 





Ag+!% Pb+0,1% Be 





+/+14+] 


WP mh WWW) Wh WW 





Ag+1% Pb+5% Zn 








+ | 





pe | 


Vs & 











X-ray study of intercrystallite adsorption in silver alloys 


TABLE 2 (continued) 





Increase (+) or | Factor by which| Change in 
decrease(—) of | the grain size lattice 
the grain size | was changed constant 


No. of | Stage of 
specimen | treatment 


Alloy 





-+ 66 
+24 
— 54 
+50, 


Ag+i% Pb+5% Zn ZC—12 





—63 


Ag+1% Pb+5% Zn 
+31 




















TABLE 2 (concluded) 





Increase (+) or 
decrease (-) of 
the grain size 


Change in lattice 
constant 


No. of Stage of 
specimen | treatment 


Alloy 





Ag+0,3% Bi B-14 





Ag+0,3% Bi 





Ag +0,3% Bi+0,1% Be BB-11 





Ag+ 0,3% Bi+0,1% Be BB—12 





Ag+0,3% Bi+5% Zn 





Ag+0,3% Bit+5% Zn 





ZB-13 
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change in the grain size within the same limits 
was not always accompanied by the same absolute 
change in the lattice constants, The lattice con- 
stant changes in the last stages of treatment were 
generally smaller (especially for the Ag- Tl and 
Ag- Bi alloys) than at the beginning of the treat- 
ment. This was due to the slow gradual buming 
out of additions such as T] or Bi during the re- 
peated annealing. 

This, however, is not sufficient to explain the 
quantitative differences in the lattice constant 
changes and the sporadic differences in the sign 
of change. The possible causes of such differ- 
ences are as follows. 


1. The influence of mutual orientation of the 
interlinking grains on the intemal adsorption in 
the interlinking zone 

When the interlinking grains are oriented simi- 
larly, the degree of lattice distortion in the zone 
between them is small. This means that the thick- 
ness of the zone and the absolute amount of ad- 
ditions adsorbed in the zone is small. If the ag- 
gregates consist of a finite number of grains (as 
in our experiments) it is possible to imagine 
various combinations of orientations of neighbour- 
ing grains. Hence, the quantitative differences in 
the values of lattice constant changes. 


2. The internal adsorption of horophilic additions 
in other structurally heterogeneous points of the 
lattice and especially on the boundaries of the 
mosaic blocks. 

The mosaic structure of the alloy can alter 
during heat treatment and this cannot be taken in- 
to account in the method described. 

On the basis of the experimental results ob- 
tained it is possible to estimate the average thick- 
ness of the intercrystallite transition zone [11] if 
the following additional assumptions are made: 

(a) the lattice constant changes linearly with 
the change in the concentration of the alloying 
element. 

(b) the thickness of the intercrystallite tran- 
sition zones is the same in the fine as in the 
coarse grain structure and the grains have a 
definite shape, e.g. cubic. 

(c) the concentration of the horophilic element 


in the intercrystallite zone is equal to its volu- 
metric solubility at the experimental temperature. 

The estimate of the thickness of the intercry- 
stallite zones in the alloys studied gave values 
ranging from 250 to 1,000 A. 


CONCLUSIONS 


1. Reversible changes of lattice constants 
caused by changes in the grain size were dis- 
covered in specially selected alloys of silver 
(with various additions). 

2. The sign of the change in lattice constant 
shows that the intercrystallite internal adsorption 
of thallium, beryllium, zinc, bismuth and lead in 
silver is positive. 

3. In the case when two horophilic additions 
are present in the alloy one of them is preferen- 
tially internally adsorbed. In the alloys’Ag- Tl-Be 
containing various relative concentrations of Ti 
and Be, thallium is preferentially adsorbed even 
when the concentration of beryllium is higher. 
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FACTORS AFFECTING THE INTERNAL ADSORPTION 
IN SOLID SOLUTIONS * 


V.I. ARKHAROV AND S.D. VANGENGEIM 
(Received 17 January 1957) 


In the most general treatment, internal ad- 
sorption in solid solutions is regarded as for- 
mation of a concentration non-uniformity of 
dissolved components through the structural 
heterogeneity of the solid solution. The tendency 
to internal adsorption is the tendency of the 
atomic system forming the solid solution to 
lower its excess energy (which the structural 
heterogeneities have) by a corresponding rear- 
rangement [1]. A special case of internal ad- 
sorption is intercrystallite internal adsorption. 
When the dissolved component is positively 
adsorbed, the grain-boundary zones are enriched 
in this component from a stratum of grain having 
an undistorted crystal lattice. This segregation 
does not exceed a certain limit and obviously 
does not represent precipitation of a new phase. 

The experimental information so far obtained 
[2-5] is still insufficient for theoretical criteria 
of surface activity in concrete alloy systems. 
There is reference in the published papers 
(apart from the character and degree of dis- 
orientation of adjacent grains) to only one of the 
factors quantitatively affecting internal ad- 
sorption: the volume solubility of the surface- 
active components, or more strictly speaking 
its maximum equilibrium concentration in the 
crystals of the particular phase at the partic- 
ular temperature. The mechanism by which this 
factor acts can be pictured as follows: the in- 
ternal adsorption zones are portions of a 
crystal lattice, although strongly distorted ones. 
In the adsorption zone, triaxial stress fields 
operate, peculiar to the lattice, i.e. similar in 
nature to those which determine the solubility 
in the undistorted lattice. 

Hence, adsorptional segregation should bear 
a definite relation to solubility. A number of 
observed phenomena, the nature of which can be 
ascribed to internal adsorption, indicate that 
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qualitatively great solubility goes hand in hand 
with great adsorptional segregation; if solubility 
changes with temperature, then a small change 
in solubility in a certain temperature interval 
corresponds to a small change (of the same sign) 
of the adsorptional segregation in the same in- 
terval, and a strong change of solubility in an- 
other temperature interval corresponds to a strong 
change (of the same sign) of the adsorptional 
Segregation. 

This internal adsorption factor may be concisely 
described as the “capacity” of the adsorption 
zone (structural heterogeneity zone) for the 
surface-active components. An experimental 
study of internal adsorption and the related phe- 
nomena of practical importance (intergranular 
brittleness, intergranular corrosion, etc) must be 
preceded by a more detailed study of the factors 
affecting internal adsorption. This paper is a con- 
tribution to this study. 

The “capacity” of the adsorption zone is 
obviously of paramount importance when the con- 
centration of the surface-active component in the 
solid solution is small compared with its solu- 
bility. If this component is present in large con- 
centration, when the solid solution is close to 
saturation, then the crystallites can suffer a pro- 
cess of “preparation” for the precipitation of a 
new phase, analogous to the “pretransformational” 
formations preceding decomposition in ageing. 
There are a number of experimental proofs (6-9) 
that in unsaturated solid solutions there are 
small, relatively stable portions of segregation 
of a dissolved component of the pretransformation- 
al formation type in an aged alloy. The difference 
here is that such segregations have a tendency 
to grow in supersaturated solid solution (and 
to overgrow afterwards into nuclei of a new 
phase) whereas in unsaturated solid solution 
they persist for a long time without growth. In 
analogy with this, in an unsaturated solid so- 
lution close to saturation, the dissolved com- 
ponent may “adhere” to a structural heter- 
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ogeneity (in particular to a grain boundary) en- 
riching it without precipitation of the excess 

as a new phase. Such “adhesions”, representing 
the necessary intermediate stage in the pre- 
cipitation of a new phase from a supersaturated 
solid solution, can commence even before satur- 
ation if such an inhomogeneous distribution is 
one of smaller free energy of the system. The 
correctness of this picture is confirmed by the 
fact that a new phase usually grows on structural 
heterogeneites (when the new phase precipitates 
as finely divided particles at the grain boun- 
daries these may be sub-crystallite hetero- 
geneites, e.g. agglomerations ot mosaic blocks, 
plastic slip zones). The segregation described 
is of an adsorptional character, but it differs 
from that discussed earlier, subject to the 

action of the “capacity” factor, as can be seen 
from the effects of temperature on them, when 
the solubility, for instance, increases with 
temperature. Here, in heating the specimen, the 
capacity factor promotes adsorptional segre- 
gation, while the “preparation for decomposition” 
factor weakens it, since the alloy is far from 
being saturated with the surface-active impurity. 

When the solubility decreases with rise of 
temperature, the effect of both factors is the 
opposite. 

Adsorptional segregation at structural dis- 
continuities by the surface-active component is 
determined by the lowering of the crystallite 
freé energy thus brought about. This lowering, 
in turn, depends on the difference of energy of 
the crystal lattice distorted by entry of the 
surface-active component’s atoms and the energy 
which the corresponding microportion of the 
structural discontinuity region would have when 
atom(s) of the surface-active component enter it. 
Hence the factor affecting internal adsorption is 
the ratio of atomic (or ionic) radii of solvent to 
surface-active component. 

In general, it may be assumed that when the 
dissolved component is in a concentration small 
compared with its solubility, the factor favouring 
adsorption is the greater local distortion of the 
lattice, that is, large difference of the atomic 
radius ratio from unity. 

At concentrations of the dissolved component 
close to the saturation, this factor, on the other 
hand, obstructs adsorption, since here departure 


of atoms to the structural discontinuity zone in 
a quantity exceeding the average concentration 
in the crystal volume may increase the excess 
energy of the structural discontinuity. 

The energy of a local distortion is determined 
not only by this “geometric” factor, but also by 
the difference in bond force between atoms of 
the surface-active components with the sur- 
rounding atoms of solvent and the bond force of 
the solvent atoms with one another. This “chem- 
ical” factor is more difficult to calculate. In 
general, it does not favour adsorption, since a 
chemical bond stabilizes the atoms of dissolved 
component in the solid solution lattice. However, 
the state of a surface-active atom in the structural 
discontinuity zone depends on the character 
and degree of distortion of the lattice in the 
latter, which is an independent factor, depend- 
ing, for example, for the grain boundaries (tran- 
sition zones) on the disorientation of adjacent 
grains. 

Atomic thermal motion always superimposes 
on the factors discussed. Apart from the effect 
which it exerts on the kinetics of adsorption 
(promotion of intra-granular diffusion) it affects 
the quasi-equilibrium distribution of concen- 
tration in the structurally heterogeneous body. 
Increase of thermal motion (rise of temperature) 
extends adsorptional segregation of the heter- 
ogeneous zones to a greater width in its sur- 
roundings, with lowering of the maximum seg- 
regation. 

The actual internal adsorption realized in a 
particular system of alloys and its change with 
temperature are determined by the aggregate 
effect of all the factors examined here: ]. the 
adsorption “capacity” of the structural dis- 
continuity; 2. “preparation for precipitation” of 
the dissolved component; 3. the radius ratio 
factor; 4. the “chemical” factor, and 5. thermal 


motion. 
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STATIONARY AND NON-STATIONARY PLASTIC STRAIN IN 
STATIC TORSION * 
F.P. RYBALKO and M.V. YAKUTOVICH 
(Received 27 June 1956) 


It has been shown experimentally that before failure in static torsion there is both stationary 
and non-stationary plastic strain. The non-stationary zones arise in various strain stages in one 
or Several] portions of the gauge length of a cylindrical specimen and as the strain increases, 
such a zone or zones runs along the whole gauge length. The physical result of this “running” 
is progressive transformation of the macrostructurally heterogeneous specimen into an “equal - 


strength” state. 


So far it has been assumed that the macroscopic 
heterogeneity of plastic strain volume distribution 
is determined basically by the method of load ap- 
plication, the macrostructural heterogeneity of the 
material (existing before, or appearing during, 
straining) the specimen geometry, change of strain- 
ing conditions, etc. It is in this assumed that in 
shear testing cylindrical specimens with diameters 
highly constant along their gauge lengths, made 
from macroscopically homogeneous material, when 
the straining stress does not vary greatly with tem- 
perature or straining rate, there is only a radial 
strain variation due to the method of load applica- 
tion. Hence torsion has been recommended as the 
“mildest” test method for determining plasticity 
(ductility, etc) of high-tensile steels. The varia- 
tion of elastic-plastic strain across a section is 
not taken into consideration [1], since it is as- 
sociated with a sharp “dent” on the horizontal 
part of the stress-strain curve near the yield point. 

However, the mildness of this method has not 
been experimentally proved [2]. Hence a number 
of experiments were carried out to find the special 
features of shear testing. Yakutovich and co-work- 
ers found that in torsion there is also a longitudin- 
al (as well as a radial) plastic strain variation 
[3]. This suggested that there is little difference 
between the “mildness” of shear and tension test- 
ing [4]. Our experiments have enabled us to divide 
the strain zones into stationary and non-stationary, 
with different causes. We have dealt with the 
stationary ones already [3-5]. They directly pre- 
cede failure, although they arise long before the 
first visible signs thereof [5]. 

The present paper deals with the non-stationary 
zones and their relation to the stationary zones. 
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A number of questions which have been posed in 
the literature on plastic strain are also dealt with. 


EXPERIMENTAL METHODS AND RESULTS 


The method previously described [3-6] was 
used. Strained zones were located by measuring 
the angular displacement of lines scored on the 
generating lines of test cylinders before test. 
Carefully polished, sound cylindrical specimens 
with gauge lengths constant (longitudinally) in dia- 
meter to 0.017-0.03 per cent were statically twist- 
ed. Steels £10 and 45KhNMFA tempered at various 
temperatures were studied [3-5]. 

The non-stationary zones were observed in duc- 
tile specimens, that is those tempered above 250°C, 
as annular zones at some point of the gauge length 
immediately after the start of testing. Afterwards, 
as the torsion angle increased, such a zone ran 
along the specimen from the middle to the end or 
from one end to the other. Sometimes several such 
zones appeared simultaneously running, as the an- 
gular displacement increased, into the adjacent 
previously unstrained portion. This case is depict- 
ed in Fig. 1, a photograph of a specimen with a 
widened zone. After a zone (one or several sub- 
sequently merged into one another) had run the 
specimen was almost uniformly strained along its 
whole gauge length. During subsequent strain, each 


FIG. 1, Photograph of one of the specimens of steel 

45 KhNMFA during propagation of non-stationary 

strain zone. The indents or imprints in the strain- 

hardened portion are smaller than in the neighbour- 
ing portions (x 4,5). 
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portion of the gauge length increases in length 


uniformly. 

We think that in the specimens with high dia- 
meter constancy longitudinally, macrostructural 
heterogeneities appear in straining; the parts 
having a weaker resistance to deformation were 
strain-hardened until their deformation resistance 
just exceeded that of neighbouring portions. Then 
the latter commenced to deform. The process re- 
peated itself along the gauge length and when it 
was completed, the specimens were in an “equal- 
strength state” along their whole gauge lengths. 
Microhardnesses in the zones along which a non- 
stationary strain zone had already run (in tests 
in which straining was stopped at a certain stage) 
were greater than in the non-strained (and there- 
fore non-strain-hardened) portions. [t can be clearly 
seen from Fig. 1] that the sizes of the diamond 
point indentations on the portions which had been 
strain hardened are decidedly smaller than those 
of the indentations on the portions which plastic 
strain had not yet reached. This confirms the 
above suggestion of a macrostructural hetero- 
geneity in certain specimens and the mechanism 
of initiation and development of non-stationary 
strain zones, since the gauge length had great con- 
stancy of diameter. 

We can thus divide specimens completely iden- 
tical in external appearance into those which are 
macroscopically of homogeneous, and hetero- 
geneous, structures. In the homogeneous speci- 
mens, stationary plastic strain zones are developed 
in their purest forms, and these differ from the non- 
stationary local strains by arising always in the 
zone of future failure. The appearance of non- 
stationary strain zones preceeds considerable 
plastic strain uniform along the specimen’s 
length. Stationary strain zones have also been 
observed in macrostructurally heterogeneous speci- 
mens, but only a considerable time after the start 
of straining and when the specimens have been cor 
verted into the equal strength state, The relative 
shear at the moment of appearance of stationary 
zones in such cases was found to be approximately 
the same as in the corresponding macrostructurally 
homogeneous specimens. It can be said that a 
stationary strain zone in a structurally hetero- 
geneous specimen is, as it were, a second stage 
of straining due to a completely different cause, 
the formation of microscopes and cracks, i.e. physi- 
cal weakening [3]. This is supported by the fact 
that the actual failure crack generally appears in 
the stationary strain zone [5]. The microhardness 


in the stationary zone is always lower than outside 
it, even when the failure zone is free from visible 
cracks. Our experimental results and theoretical 
treatment of stationary strain zones have been 
hotly contested by Fridman and co-workers [7 -9] 
who have made similar experiments on various 
metals. They conclude that generally there cannot 
be any local plastic strain prior to appearance of 
a failure crack, and think that our observed 
physical weakening is due to distortion of annular 
macrocrack edges or to distortion of metal close 
the crack [9]. 

The paper by Fridman and co-workers “Study of 
Plastic Strain Variations by the Roll-Engraved 
Network Method”, a very interesting and detailed 
one published in the present issue of this journal, 
completely resolves the dispute, and confirms the 
possibility of local plastic strain appearing long 
before a macrocrack. Our results and conclusions 
[3-6, 10] are completely confirmed and the treat- 
ment of our experiments given by Fridman et al. 
[7-9] consequently nullified, although this is not 


admitted. 
All attention in the paper is directed to the 


“running” of a strain zone, i.e. to a non-station- 
ary zone. It is considered that a statianary strain 
zone is a special case of a non-stationary zone 
arrested by stress concentrations at polishing and 
grinding scratches or at local diameter changes. 
One cannot, of course, agree with this since al- 
though these factors can exert a mechanical in- 
fluence on the point at which physical failure ap- 
pears, the period of internal weakening before 
failure cannot be excluded from a consideration 
of macro-shear failure. It is unsound to extract 
general conclusions from the results of testing 
geometrically defective specimens. 

In Fig. 6a of the paper indicated the strain 
variation along the edge of a carefully polished 
specimen is graphed. The “peak” of stationary 
strain can be clearly seen (for representing which 
the authors have evidently used a logarithmic co- 
ordinate, although they do not mention this). 

It is hard to imagine that the authors used the 
results of testing specimens with polishing 
scratches as sources of stress concentrations, to 
get a general characteristic of strain incidence in 
polished specimens, because there were too few 
such specimens. This being so, here there is a 
stationary strain zone due to physical weakening, 
without stress concentration be scratches being: 
the cause, but a diameter decrease. [caused not 
by stress concentrations at scratches, but by a 
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diameter decrease]. 

If the authors had referred to the results of 
studying strain in electrolytically polished speci- 
mens which they also investigated, they would 
never have suggested that strain is stationary be- 
cause of stress concentrations due to scratches. 
In Fig. 6c of their paper the show anaanalogous 
graph for ground specimens. Here the stationary 
strain zone, 8-9 mm wide, can be clearly seen, 
and it can hardly be suggested that it is stationary 
because of an agglomeration of grinding scratches, 
for out of such a collection the deepest should be 
developed, and the zone could not be so wide. 


SUMMARY 


During plastic strain and shear failure, station- 
ary and non-stationary strain zones or concentra- 
tions appear. The physical causes of the non- 
stationary zones are macrostructural hetero- 
geneities, and of the stationary, physical weaken- 
ing. 

In specimens with macrostructural (and some- 
times geometric) heterogeneities (discontinuities), 
the non-stationary zones travel and convert the 
specimens into an equal-strength state. Cylindric- 
al specimens in static torsion when converted to 
this state strain uniformly for a considerable time 
and then, long before failure and the appearence of 
a visible crack, weaken physically, a sign of which 
is a stationary strain zone. If the specimen con- 
tains an external source of stress concentration, 
the latter affects the position of the stationary 
strain zone (this is a second-order effect) but 
cannot prevent the material at this stage from 
preparation for failure. 

Generally, stationary strain zones in geometric- 
ally regular specimens should be due to physical 
weakening; the presence of stress concentrations 
at any place changes nothing essentially, but com- 


plicates the picture and is a defect, for such 
studies, of the specimens surface or geometrical 
shape. On our experiments [3-6, 10] with highly 
finished surfaces, polished not with felt but with 
chamois leather and not with plain GOI paste, 
but with the very finest fraction of fine GOI paste, 
suspended in kerosene for 2-3 days, with about 
1/i0th the diameter variation of the Fridman et al. 
specimens with roll-engraved networks, there is 
no need to consider any effect of stress concen- 
trators on the concentrated character of the strain. 
In specimens of such highly regular form with- 
out any deep scratches on the gauge length sur- 
face, the appearance of a non-stationary strain 
zone indicates the presence of macrostructural 


heterogeneities. 
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STUDY OF HETEROGENEITY OF PLASTIC FLOW DURING TORSION BY 
THE KNURLED GRID METHOD * 


T.K. ZILOVA, N.I. DEMINA and Ya. B. FRIDMAN 
(Received 27 June 1956) 


Test-pieces of steel 40Kh.N.M.A. were hardened and tempered at 550, 350 and 220°C, 
and, with the aid of a finely divided grid, a study was made of the spread of deformation 
along the surfaces of the pieces during torsion. To lessen the heterogeneity of flow, which 
is observed in test-pieces of low-temper steel, it is proposed that use should be made of 


mechanical and electrolytic polishing. 


It has been demonstrated that the process of crazing induces extensive heterogeneity, 
superimposed on the heterogeneity which results from the process of plastic deformation. 
It is recommended that, in testing materials by torsion, an evaluation should be made of 


local as well as mean deformation. 


In the works of M.V. Yakutovich and his col- 
leagues are brought out several features of the 
process of testing materials by torsion, which until 


recently have not been studied, namely the exist- 
ence of non-uniformity of plastic flow along the 
length of the test-pieces, and high sensitivity to 
the conditions of the surface and to the existence 
of microscopic cracks [1-3,4]. One of the problems 
of the present investigation was an explanation of 
the degree of influence of the aforementioned fea- 
tures on the results of testing steel after hardening 
and tempeting: 

(1) The degree of influence of the non - uniformity 
of the spread of flow along the test - piece during 
torsion the final characteristics of the mechanical 
qualitues of the material, ascertained during this 
type of test (resistance to crazing, maximum shear); 


MATERIAL AND METHOD OF INVESTIGATION 


Test - pieces of steel 40KhMNA. were prepared 
for the investigation, having a diameter of 11.95 
+ 0.05 mm and length of 55 mm. The pieces were 
hot - worked in accordance with the following 
scheme : heating for hardening in a chamber fur- 
nace to a temperature of 850 + 10°C, quenching 
in oil; tempering in a chamber furnace at tempera- 
tures of 220, 350 and 550°C, quenching in air (after 
tempering at 550°C, quenching in oil). 

The Rockwell hardness of the test-pieces is 
given in Table 1. 

After hot-working the pieces were subjected to 
fine grinding, and then half of the total quantity of 
pieces were polished by a felt disk with a paste 
of “GOI” dissolved in kerosene. 


TABLE 1. 





Annealing 
temperature (°C) 


Rockwell hardness 
figure 


Strength range 


Hr Op (kg/mm?) 





220 48 — 50 
350 42 — 44 
550 28 — 31 





153 — 162 
130 — 137 
88 — 97 








¢ 7 c ° 4 4 4 
(2) The effect of variations in surface fineness 


upon these characteristics; 

(3) The effect of imposing the process of crazing 
upon the spread of local plastic flow during torsion; 
(4) The need for making corrections in ihe exis- 
ting methods of evaluating the plasticity and 

strength of materials under torsion. 
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In Fig. 1 (a b), are shown the surfaces of test- 
pieces after grinding and polishing. In individual- 
ly ground test-pieces there were considerable 
pits and scratches, sometimes visible at a magni- 
fication of x 32; there were no such defects in the 
polished pieces. In a very small number of polished 
test - pieces, hair cracks were visible at a magni- 
fication of x 80. 

The degree of fineness of surface of the test - 
pieces was ascertained by means of Abbot’s ap- 
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TABLE 2. 





Method of Class of Distribution 
finishing fineness of fineness 
surface 





Grinding According to 


Russian 7, standard 
2789 — 50 


Polishing According to 
Russian 10, standard 
2789 — 50 














paratus and the double microscope \:IS—11 nescence test by means of which were revealed 
(Table 2). surface cracks of up to 0.05 mm in length and 
After the final mechanical finishing the dia- 0.01 mm in depth. No surface luminescence was, 
meters of the test-pieces were measured at 3 cross- however, observed. 
sections (at the ends of the gauge length and in The measurement showed that in most cases the 
the middle) on the large tool microscope 3h*I with diameters of the test-pieces fell within the speci- 
an accuracy of + 0.005 mm. At the same time fied limits of tolerance, although their length was 
their deviation from circular dimensions was not uniform. The individual results of these mea- 
measured. surements are given in Table 3. 

Before the tests, a square -mesh grid was 
knurled on the surface of the test-pieces in the 
manner described earlier [1,8]; the grid base was 
0.5 mm. An external view of a test-piece with grid 
is shown in Fig. 2. The tests were made in an 
Amsler machine for exerting torsional moments 
up to 600 kg, but set for a maximum moment of 
200 kg. The pieces were loaded by stages at tor- 
sional angles of 30° and 60°. After each stage of 
loading they were released from load, taken out 
of the machine and the following readings were 
made with the large tool microscope: 

(a) variation in diameter of the cross-section of 


the pieces at eacl: millimeter of their length; 
(b) The development of the shear angle at every 
0.05 mm of length of the pieces, by measuring the 
finishing (x 80): angle of inclination of the previously straight grid 
a — ground test-piece. Defects after grinding, lines in relation to the transverse lines, since the 


b — polished test-piece, showing knurled grid latter do not change their direction ynder torsion. 
lines, having a grid of base of 0.5 mm. 


FIG. 1. Surface of test-piece after mechanical 


\easurement was made on 2 — 3 generators with 
an accuracy of one degree; 

(c) The development of the shear angle at the 
perimeter of the test- piece at certain sections. 

A calculation of the mechanical characteristics 
resulting from the tests was made as follows : 

The value of the mean deformation of a test- 
piece was estimated according to the torsional 


Measurements were commenced from the side of 
the head of the test - piece which, during the 
tests, was to be set up in the clamp of the dyna- 
mometer. Provisionally, this head is throughout 
termed “fixed”. This order of measurment was 
maintained for the duration of the experiments. 
The opposite head of the test- piece, which was 
held in the clamp connected to the mechanical 
drive of the machine is termed “movable”. All 
test-pieces were subjected to the magnetic lumi- 


angle as 


y=@r/l=6r, 
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TABLE 3. Measurements of test-piece diameters 





Diameter of test-piece (mm ) 





Hot - working Surface No. of 
scheme finish test-piece at the fixed in the at the moving 


head middle head 





Hardening and Grinding LKh — 34 11.94 11.94 11.98 
LKh — 35 11.96 11.96 11.98 


tempering at 


550°C LKh — 36 11.99 11.98 11.98 





Polishing LKh — 26 11.95 11.92 11.95 
LKh — 28 11,94 11.92 11.98 
11.78 11.77 11.82 





ilardening and Grinding 11.96 11.96 12.01 
tempering at 11.97 11.92 11.98 
350°C / : 11.94 11.91 11.94 





Polishing JK 11.96 11.94 11.95 
11.90 11.89 11.96 
11.96 11.92 11.94 





Hardening and Grinding vi 12.02 2. 0 12. 0 
tempering at . 11.96 11.95 11.97 


220°C JK] 12. 0 11.99 11.97 





2. 0 11.96 11.96 
11.96 11.93 11.95 
11.99 11.94 11.97 


Polishing 




















The value of local deformation was estimated 
from the grid deformation y=tan a,where a = shear 
angle, measured from grid deformation. 


where © = torsion in radians; r = radius of test- 
piece in mm; / = gauge length in mm; 0 = mean 
specific torsion angle, rad/mm 


FIG. 2. Ground test-piece with a knurled 
grid of 0.5 mm base. 
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The value of “true” shear was calculated ac- 
cording to the formula* 


g=In[l+y?/2+yy (l+y 2/4) ]. 


The value of the maximum tangential stress was 
determined by the formula t = 16M/nd?, 

for areas of elastic deformation; 

for areas of elasto-plastic deformation, approxi- 
mately, ignoring work-hardening ¢ = 12M/zd3. 
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pieces with polished surfaces strength is 3 — 4 
per cent greater than that of pieces with ground 
surfaces. 

(2) The mean ductility of test-pieces with polished 
surfaces in all test cases was significantly higher 
than the mean ductility of ground pieces. 

As a result of polishing the mean ductility in- 
creases in pieces, tempered at 550°, more than 
twice, and in pieces tempered at 350 and 220° 
nearly five times. (Figs. 4 and 5, a — b). It is ne- 
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FIG. 3. Flow curves for 40KhNMA steel under tor- 


sion. 


1 — tempering at 220° 
2 — tempering at 350° 
3 — tempering at 550°C. 


EFFECT OF SURFACE CONDITION ON THE 
STRENGTH AND DUCTILITY OF TEST - PIECES 
UNDER TORSION 


In Fig. 3 are shown curves of torsional deforma- 
tion after tempering at 220, 350 and 550°C of test- 
pieces with ground and polished surfaces. 

\ comparison of flow curves shows the fol- 
lowing : 

(1) The surface condition does not have a signi- 
ficant effect on the strength of test-pieces. In 





* The conception of true final shear (of significant 
quantity) and the methods of computing it have not 
yet been fully worked out, and therefore the method 
of determining it is at present not generally accepted. 


The work of A. Nadai, N.N. Davidenkova, P.O. Pashkova, 
and V.G. Osipova etc. has been devoted to this problem. 


cessary to note that mechanical polishing of test- 
pieces tempered at 220° led to a marked increase 
of mean ductility only in one piece out of five; this 
is apparently explained as due to the inadequate 
polishing of the remaining four pieces. For com- 
parison three test-pieces were electrolytjcally 
polished. As a result of this finish the mean ducti- 
lity of these pieces increased three times or so, 
in comparison with those which were ground. The 
results of these tests were more consistent than 
with mechanical polishing (Table 4). 

Thus, the removal of surface blemishes in- 
creased ductility for the same strength, and con- 
sequently the energy-capacity of the pieces 
several times. 

In the process of testing, heterogeneity of flow 
distribution was detected both along the length of 
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FIG. 4. Comparison of mean ductility of test- 
pieces under torsion in relation to annealing tem- 
perature. 

1 — ground test-piece, 

2 — polished test-piece. 


the test pieces and also on their perimeters in the 
fracture zone. Specially marked heterogeneity of 
flow occured in pieces having polished surfaces 
after tempering at 350 and 220°C. 

Measurement of the diameters of pieces under 
test showed that when a significant degree of 
plastic deformation had been reached, 6 > 300—400 
rad/m, their diameters were observed to decrease 
(to = 0.15 mm), which represents about a 3 per 
cent shrinkage in cross-section for a test-piece 
of 12 mm diameter. In practice, this shrinkage was 
observed only in polished test-pieces tempered 
at 550°, in which 6cp > 350 rad/m. 


FIG. 5. External appearance of part of the surface 
of a test-piece having a knurled grid, after limited 
deformation by torsion 
a — ground test-piece, shear angle 
@ max = 40 — 43° 
(cracks indicated by arrows); 
b — polished test-piece, shear angle 
@ max = 63 — 65° 
Steel 40KhNMA, tempered at 550°, grid base 0.5 mm. 


HETEROGENEITY OF PLASTIC FLOW DURING 
TORSION 


Heterogeneity of flow along the length of the test- 


piece During the process of plastic torsion, three 


TABLE 4. Comparison of the mean ductility of test-piece of 40 KhNMA steel in 
relation to their surface state (diameter of test-piece 12 mm, length 55 mm) 





Hot - working Surface finish 
scheme 


Mean ductility 
(angle of twist) degrees 





Hardening and 
tempering at Grinding 


220° 


77 (fracture in the hollow chamfer) 
80 (fracture in the hollow chamfer) 
103 





Mechanical 
polishing 


108 
112 
103 





Electrolytic 
polishing 








332 
263 (crazing in the hollow chamfer) 
289 
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FIG. 6. Typical curves of the spread of shear 
along the length of a test-piece under torsion; 

a — tempering at 550°, polished test-piece; 
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c — tempering at 350°, polished test-piece. 
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typical cases of heterogeneous development of 
plastic shear along the length of test-pieces are 
observed. 

1. Slight heterogeneity, occurring at some stages 
of torsion, as a rule in a part of a test-piece with 
a minimum diameter, is maintained without inten- 
sification for the duration of the whole deformation 
process. The increase of deformation with an in- 
increasing angle of torsion proceeds uniformly 
along the whole length of the test-piece. Thus, 
each operative portion of a test-piece plays a 
practically uniform part in the process of deforma- 
tion. An example of this is shown by the test-pieces 
tempered at 550°, both ground and polished. Typi- 
cal curves are given in Fig. 6a, showing the 
spread of shear along the length of these test- 
pieces and the change in their diameters under 
torsion. 

2. Slight heterogeneity of plastic deformation, 
manifested at some stages of torsion, again, as 
a rule, develops in concentration in parts of test- 
pieces having minimum diameters, in proportion to 
the increase in the torsion angle. 

Increase of deformation proceeds only at this 
part, local deformation has a stable character. 
The length of the portion showing concentrated 
deformation may be from a fraction of a milli- 
meter to several millimetres. The remaining por- 
tion of the test-piece seems to be excluded from 
the process of plastic flow. 

An example of this is given by ground test- 
pieces, tempered at 350°. Fig. 6b gives typical 
curves of the spread of shear along the length 
of these pieces whilst under torsion. 

3. Heterogeneity of plastic deformation occur- 
ring at certain stages of torsion, gradually spreads 
along the test-pieces when the latter is under ex- 
treme load. The zone of non-uniform distribution 
of shear expands (as it were, “runs”) along the 
surface of the piece. Cases were observed in 
which the zones of heterogeneous deformation 
arose in various parts of the test-piece, gradually, 
one after another. Furthermore, those parts which 
showed this growth of deformation were excluded 
for a time from the operation, as also were parts 
which had not yet experienced “running” deforma- 
tion; only those portions of material attained de- 
formation which were situated on the boundaries 
of the zones of “running” deformation. This pro- 
cess can be easily seen with the naked eye, with 
the aid of the grid divisions on the surface of test- 


pieces. 


In the process of the spread of “running” de- 
formation the torque maintains a constant value, 
although the torsion angle greatly increases. 

An example of such distribution of deformation 
is provided by polished objects, tempered at 350 
and 220°. Fig. 6c shows typical curves of the 
spread of shear along the length of these pieces. 
Fig. 7 a — c shows various stages of the spread 
of “running” deformation during torsion. 

In all test cases the initial heterogeneity of 
plastic flow along the length of a test-piece was 
associated with an original heterogeneity of dia- 
meter of cross-section. The place of first locali- 
sation of flow, as arule, coincided with the smal- 
lest original cross-sectional diameter in a test- 
piece, i.e. in a section where maximum stress tp 
was greatest for a given moment. It is very natural 
to suppose, that in the case of test-pieces pre- 
pared with a very rigid tolerance on the diameter 
(0.01 — 0.005 mm) the degree of heterogeneity 
will be lessened, but other causes will not be ex- 
cluded from account, such as heterogeneity of 
texture, presence of natural defects and defects 
on the surface of the pieces due to mechanical 
finishing, inducing non-uniformity of stress ¢, 
and of resistance of pieces ¢, in their various 
sections [51. 

The formation of second and third zones of loca- 
lized deformation already to a smal] extent de- 
pended on the macro-geometry of the test-pieces, 
which obviously is accounted for by hardness in- 
duced in the past by the process of plastic deforma- 
tion in the zones of minimum diameter. 

The three observed typical cases of the spread 
of plastic flow along the length of a test-piece are 
apparently consistent with the following explana- 
tion : 

1. The case of uniform distribution of shear is 
observed in steel tempered at 550° and character- 
ized by a very small (almost nil) modulus of plas- 
ticity under torsion (D = dt/dg = 0). By virtue of 
the intrinsic heterogeneity of the test-piece (at 
the expense of the qualities of the material or the 
macro — or micro-geometrical factors) the sections 
with diminished resistance (¢, min) Make the tran- 
sition to a plastic region earlier than the others. 
The inoment of resistance of the plstically deform- 


ed sections increases Wi) = 1.25 W_]; consequent- 
ly, the stress in these sections temporarily de- 


creases, since the torque does not increase with 
transition to a plastic region. Unloading of these 
sections takes place, and this will be continued 



























































FIG. 7. External view of a test-piece at various 

stages in the spread of “running” flow: 

a — tempering at 350°, polished test-piece. 
The beginning of the spread of “running” 
flow from the fixed head of the test-piece. 
tempering at 220°, polished test-piece; 
“running” flow has spread almost along the 
whole length of the test-piece. 
polished test-piece. Soon after the develop- 
ment of “running” flow cracks begin to form 
at the limit of heterogeneity of flow. Con- 
centration of flow is apparent at the ends 
of a crack. 
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until such time as the transition of the whole 
test-piece to a plastic region goes no further 
(possible only on the surface). After this W =Wpl 
for the whole length of the test-piece, the torsional 
moment starts to increase, and flow will simulta- 
neously develop, since hardening in the plastic 
areas is very small. 

2. The case of heterogeneous distribution of 
shear is observed in test-pieces tempered at 350 
and 220° and characterized by a substantial mo- 
dulus of plasticity under torsion (D = dt/dg > 0). 
All the previous considerations remain in force, 
with the exception of the latter. With the transi- 
tion of the whole test-piece into a plastic region, 
flow will not develop uniformly, since the sections 
which have attained the greatest deformation by 
virtue of diminished t, will simultaneously 
acquire considerable hardness, as a result of 
which further development of flow ceases in the 
hardened sections, the spread of flow passes to 
adjacent parts of the material, as was also 
observed by us in the development of “running” 
flow in polished test-pieces. 

3. The case of concentrated deformation seems 
to be a case of the interruption of the development 
of “running” flow in its early stages. This case 
is found in ground test-pieces, tempered at 350°, 
and in inadequate ly polished pieces, tempered at 
220°. The spread of flow along the length of the 
test-piece is interrupted from behind by the exis- 
tence of stress-concentrators (e.g. scratches 
from mechanical finishing in ground pieces), 
which facilitate premature fracture’ 

/eterogeneity of flow at the perimeter of test- 
pieces The measurement of shear angle along 
the perimeter of a test-piece (by the deformation 
of grid divisions) in zones of localized deforma- 
tion showed that two cases of distribution of 
shear angles are found.; 

1. Shear angles are uniformly distributed over 
the perimeter of the test-piece at the measured 
sections, independently of the amount of deforma- 
tion and the degree of heterogeneity of shear along 
the length of the piece (Fig. 7 a — b). Shear angles 
are distributed non-uniformly over the perimeter of 
the piece: in such cases cracks are always found 
in the zone of non-uniform distribution (Fig. 7c). 
Thus, heterogeneity of shear over the perimeter 
of test-pieces is associated with the process of 


crazing*. A crack forming on the surface of a test- 





* Here we are not discussing other causes which may 
induce such heterogeneity. 


piece (independently of its direction) alters the 
stressed and deformed conditions in adjacent 


areas. 
At the edges of a crack in the middle zone tan- 
gential and normal stress are inhibited. A concent- 


ration of stress arises at the ends of a crack [6]. 
When a finely divided grid is present on the sur- 
face of a test-piece, along a torsion crack, it is 
always possible to find areas of minimum deforma- 
tion, which appear to be the “initiating” zones of 
crazing. Suck areas can also be found over the 
perimeter of fracture [7}. 

In a given case steels were examined which had 
fractured under torsion through large shear. If a 
crack develops in a direction not perpendicular to 
the longitudinal axis of a test-piece, but haphaz- 
ardly (e.g. where there is present marked aniso- 
tropy of resistance to fracture,) all the foregoing 
remarks will also be found to apply. 


ESTIMATE OF DUCTILITY OF MATERIAL UNDER 
TORSION 


In the case of heterogeneity of distribution of 
plastic flow on the surface of a test-piece under 
torsion, the characteristic ductilities obtained by 
ordinary calculation from torsion tests (6, rad/m; 
y, per cent; g, per cent) are the mean values. 

The “true” characteristics of the ductility of 
material under torsion (using the terminology em- 
ployed in work [2!) are apparently those character- 
istics obtained by taking account of heterogeneity, 
i.e. by calculating the local plastic deformation in 
the zone of the greatest plastic shear. 

In practice this is best facilitated when a finely 
divided grid of small base is applied to the test- 
piece [8]. Calculation of local relative shear then 
proceeds as follows: the angle of displacement 
(a) of the grid (on the grid base) is measured in 
the zone of maximum heterogeneity along the 
length of the test-piece. The measurement is made 
with a tool microscope. It is necessary to determine 
the shear angle of a test-piece fractured longitu- 
dinally, after measuring the distribution of shear 
at the perimeter of fracture, so as to select an 
angle in the initiating zone of fracture in propor- 
tion to its estimated size. From shear angle a 
is then calculated local relative shear y = 7 a. 

Calculation of the amount of shear g was pro- 
visionally made by us in the manner described at 
the beginning of the paper. 

In Table 5 are shown the values of mean and 
local ductility obtained from the tests. The fol- 
lowing conclusions can be drawn from the results 
given: 
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1. In test-pieces with heterogeneous distribu- 
tion of flow the values of relative shear, calculat- 
ed for the specific torsion angle y = 0 r, and for 
erid deformation y = 7 a are practically identical 
(the test-pieces being tempered at 550°). 

2. In test-pieces having heterogeneous flow dis- 
tribution the value of local shear, calculated from 


grid deformation, increases the value of shear cal- 


culated from specific torsion angle. The greatest 
divergence in the values of mean and local ducti- 


lity is found in pieces having concentrated deform- 


ation (e.g. ground pieces tempered at 350°). 

In polished test-pieces showing “running” flow 
the values of mean and local ductility differ 
between themselves less as the extent of the 
surface covered by “running” flow increases, 

i.e. as the distribution of flow in the test-piece 
becomes more uniform. 

It was shown in tests carried out by T.A. 
Volodina and one of the authors mentioned at [9] 
that the ductility of 30KhGCA steel under torsion 
remains less than the ductility under tension for 
a range of tempering temperatures between 100 
and 600°. This tendency was also found by the 
authors in one of their previous works in the case 
of 40KhNMA steel. In both cases the test-pieces 
were prepared to conform to normal requirements 
and had a ground surface. 
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FIG. 8. Curves of ductility of a test-piece of steel 

40KhNMA under tension and torsion, at various 

tempering temperatures; 

1 — ductility in tension 
Ep = 1.51 = 1.5ln (1 — ys); 

2 — Mean ductility of a ground test-piece under 
torsion; 

3 — local ductility of a polished test-piece under 
torsion. 
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FIG. 9. Comparison of curves of mean and local 

ductility under torsion Bkp with ductility under 

tension Bp: Steel 40KhNMA; 

a — 8p = mean ductility of a ground test-piece 
under torsion; 

b — bp = local ductility of polished test-piece 


under torsion. 


If we compare the values of mean ductility 
obtained in the present work from torsion tests 
with ground test-pieces, with the ductility which 
is found during tension, the regularity already de- 
monstrated will be maintained. If we make a simi- 
lar comparison, taking as the characteristic of 
ductility of material under torsion the mean plastic 
deformation calculated from the deformation of the 
grid in polished test-pieces, then this relationship 
becomes inverted. For all tempering temperatures 
which were studied (220, 350, 550°) ductility in 
torsion will be about twice that in tension (Table 6). 


CONCLUSIONS 


On the basis of the foregoing studies certain 
generalizations can be made about the process of 
the propagation of plastic deformation of cylindri- 
cal test-pieces. 

1. In test-pieces of steel having a low modulus 
of plasticity the process of deformation occurs 
practically uniformly along the length (tempering 
at 550°). 

2. In test-pieces of low-tempered steel (temper- 
ing at 350 and 220°C), being intensively hardened 
in process of plastic deformation, the development 
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TABLE 6. Comparison of ductility of materials, obtained during tension (6) and torsion kp) tests 





State of 
surface 


Brand 
of 
steel 


Annealing 
temperature °C 


Method of determining maximum stress 
deformation 


Maximum Ratio 


shear (%) 


True tangential 


t (kg/mm?) 


tension] torsion | tension | torsion 








Ground 1—¥ 
Yo 
&xp = In |1 + 9. +7 


30 KhNGSA* 


Gi 





Ground As above 


Melt 1 


40KhNMA 





Ground 


As above {ignoring non-uniform flow) 





Polished 


40KhNMA 
Melt 2** 


As above (ignoring non-uniform flow) 





Yu =tana 


2 
Tm 
xp = In [ + 9 + Tx 











Polished | Taking into account local deformation 


a= shear angle at the grid 




















* According to the findings of I.V. Fridman and T.A. Volodinoi. 
** In calculating the ratio Skp/Bp: the value of 8p is as for melt 1. 


of deformation proceeds heterogeneously and in 
practice has the character either of “running” 
deformation, gradually spreading over the length 
of the test-piece, or else it bears a concentrated 
character; the latter arises as a consequence of 
the presence of stress concentrators. 

Heterogeneity of distribution of deformation ap- 
pears as a consequence of the heterogeneity of 
resistance of the cross-section, induced by the 
heterogeneity of the macro-and micro-geometry of 
the piece, the heterogeneity of its texture and the 
structure of the material embodied in it, etc. The 
character of the heterogeneity of distribution of 
deformation depends on the surface condition of 
the test-piece. 


3. The condition of the surface has a marked 
influence on the ductility of test-pieces. The duc- 
tility of those with polished surfaces exceeds the 
ductility of those with ground surfaces by a factor 
of 2 — 5. 

4. To lessen the heterogeneity of distribution 
of deformation during torsion in test-pieces of low- 
tempered steel it is accodingly recommended that 
mechanical and electrolytic polishing be adopted 
as the final type of surface finish, and also that 
the tolerance on the diameters be tightened to 
+ 0.1 per cent. 

Following these recommendations allows the 
use, as before, of the torsion method as one of the 
means, of testing materials, in which uniformity 
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of deformation along the length of the test-piece 
can be preserved in the final result almost to the 
point of destruction, despite the heterogeneity of 
the course of plastic deformation. 


5. In all cases where there is heterogeneity of 
deformation an evaluation should be made of mean 
and local ductility. For the evaluation of local 
ductility the method of the knurled grid can be re- 
commended. 

Divergence in the degrees of mean and local 
ductility can assist the calculation of the sensi- 
tivity of the material to the condition of its sur- 
face. 


6. The process of crazing induces extensive 
heterogeneity of shear (assymmetrical in relation 
to the axis of the piece), superimposed on the 
heterogeneity induced by the process of plastic 
deformation (symmetrical to the axis). 
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STUDY OF TEXTURE AFTER ROLLING AT ELEVATED TEMPERATURES * 


K.V. GRIGOROV and G.P. BLOKHIN 
(Received 6 August 1956) 


X-ray investigations [1] of hot-rolled low-carbon steel showed that the type of texture from hot- 
rolling differed little from that of cold-rolling. Magnetometer tests [2! of the texture of both hot- and 
cold-rolled transformer steel also showed that the type of texture from hot- and cold-rolling was iden- 
tical After annealing, the texture of hot-rolled and of cold-rolled transformer steel differs in innate 


character and in degree of perfection [2]. 


The purpose of this work was to explain the 
effect of rolling at elevated temperatures on the 
rolling and recrystallization texture. 

Studies were made of low-carbon steel (0.1 per 
cent C) and transformer steel (3 per cent Si). 
Blanks were heated to 500 and 600°C. After heat- 
ing, the blanks were quickly passed through the 
rolls. They were again heated to the original tem- 
perature prior to each subsequent pass through the 
rolls. Thus, the blanks were rolled to a deter- 
mined degree of deformation. After the last rolling 
they were quenched in air. 

To ensure that there would not be marked cool- 
ing of the blanks in the rolling process, they were 
rolled at a considerable thickness. 

After rolling they were machined and ground 
to a thickness of 0.3-0.5mm. Then the normal com- 
ponent of magnetization of the samples was measur- 
ed by the ballistic method. The values of the am- 
plitudes A, and A, (second and fourth harmonics 
respeotively of the normal component of magneti- 
zation) were determined by harmonic analysis [3]. 

From the results of these calculations graphs 
were set up for the values 4, and 4, as shown in 
Figs. 1-6. Fig. 1 shows the relationship of A, to 
total relative deformation for low-carbon steel 
after rolling at 500° (curve 3). Here also curve 4 
illustrates the relationship of the value of A, to 
total relative deformation after annealing at 700° 
for 1 hr. Curves 1 and 2 show the corresponding 
relationship of A, for cold-rolling, prior to anneal- 
ing and after anrealing for recrystallized) low-car- 
bon steel. It can be seen that the character of the 
relationship of the value of A, after rolling at 500° 
is similar to the same relationship for cold-rolling. 
For material annealed after rolling of 500°C as in 
the case of material annealed after cold-rolling, the 





* Fiz. metal. metalloved. 4, No. 3, 470—473, 1957 
[Reprint Order No. POM 76]. 


character of the relationship of A, to total relative 
deformation is approximately identical. 

Fig.2 shows the relationship of the value of A, 
to total relative deformation after rolling at 500° 
prior to annealing, and after annealing at 700° for 
1 hr. There is no essential difference in comparis- 
on with the similar relationship after cold-rolling 
and recrystallization. 

From all accounts it can be concluded that the 
character of rolled texture low-carbon steel (0.1 per 
cent C) rolled at 500° approximates to the character 
of the recrystallization texture after rolling at 
500° also closely resembles that obtained after cold- 
rolling. 

Fig.3 shows the relationship of A, to total rela- 
tive deformation in low-carbon steel rolled at 600 
to 630° (indicated by black disks). It can be seen 
that the character of the relationship of 4, after 
cold-rolling at 600-630° differs little from the 
relationship obtained after cold-rolling. 

The same diagram shows, by open circles, the 
relationship of 4, to total relative deformation for 
the same material, but after it had been annealed 
at 700° for 1 hr. 

The relationship of A, to total relative deforma- 
tion after annealing at 800° for one hour is indicated 
by squares, and the same relationship after anneal- 
ing at 700° for 4 hr is shown by triangles. It is 
evident from Fig. 3 that after annealing at tempera- 
tures of 700 and 800° there is no essential differ- 
ence in the value of A,. Furthermore, the anneal- 
ing time makes no essential change in the signifi- 
cance of the value of A,. 

Nevertheless, in comparison with annealing after 
cold-rolling there was a radical difference in the 
relationship of the value of A, to total relative de- 
formation. Even if, in cold-rolling, as a result of 
annealing, the relationship of A, (curve 1) had 
changed in significant degree (in a region of small 
deformation the sign of A, changes), the character 
of the relationship of A, after rolling at 600 to 
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FIG. 1. Relationship A, to the integra] deformation 
of low-carbon steel after rolling at a temperature of 
500 (curve 3); curve 4 represents the values of A, 
after recrystallization at a temperature of 700 for] hr. 
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FIG. 2. Relationship of A, to the integra] deforma- 
tion of low-carbon steel rolled at a temperature of 
50@ (curve 3). 





eee before annealing 


5 G8 annealed | hr at 700°C 








OUD annealed Jhr at 800°C 
A AA annealed 4hr at 700°C 






























































FIG. 3. Relationship of A, to the integral deforma- 
tion of low-carbon stee] rolled at a temperature of 


600-630. 


630° would remain the same after annealing as be- 
fore annealing. Certain changes take place only in 
the magnitude of A,. 

Fig. 4 shows the relationship of A, to total rela- 
tive deformation after rolling at 600 to 630° before 
annealing and after annealing. Here also no essen- 
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FIG. 4. Relationship of A, to integral deformation 
of low-carbon steel rolled at a temperature of 600- 
630. 


tial change is evident in the significance of the 
value of A, after annealing. 

On the basis of these findings it can be assumed 
that the character of the texture of low-carbon 
steel, rolled at 600-630°, does not essentially 
change during the process of annealing at 700 to 
800°. 
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FIG. 5. Relationship of A, to integra] deformation in 
transformer steel (3 per cent Si), rolled at a tempera- 
ture of 600 (heat at the rolls). 


From Figs. 3 and 4 it also follows that the tem- 
perature of annealing in the 700-800° range, and 
the duration of annealing (1-4 hr) do not play 
essential roles. Figs. 5 and 6 show the values of 
A, and A, in relation to total relative deformation 
for transformer steel (3 per cent Si), rolled at 600°. 
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FIG. 6. Relationship of A, to integra] deformation in 
transformer steel (3 per cent Si) rolled at a tempera- 
ture of 600 (heat at the rolls). 


Black disks represent the value of A, and 1, after 
rolling prior to annealing and open circles show. 
the values of A, and A, after both rolling and an- 
nealing. 

It is evident from the diagrams that A, and 4, 
bear no clear relationship to integral deformation. 
The graph points are seen to be widely scattered. 
Nevertheless, even here the value of A, for the 
whole range of deformation studied after annealing 
remains positive and differs very little from the 


value of A, before annealing. The value of 4, also 
remains negative for both cold-rolling and anneal- 


ing. 


CONCLUSIONS 


(2) The textural character of low-carbon steel 
(0.1 per cent C) which arises in the process of 
rolling at 500°, closely resembles the character 
of cold-rolling texture. (2) The character of the re- 
crystallization texture in low-carbon steel rolled 
at 500° closely resembles the character of the re- 
crystallization texture after cold-rolling. (3) The 
texture which arises in low-carbon and transformer 
steel (3 per cent Si) during rolling at 600°, is 
stable in the sense that during annealing at 700- 
800° it does not change its character. 
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EFFECT OF COLLECTIVE RECRYSTALLIZATION ON THE 
PRIMARY RECRYSTALLIZATION TEXTURE * 


K.V. GRIGOROV, G.P. BLOKHIN and E.A. KORZUN 
(Received 20 August 1956) 


An analysis is made of the experimental dependence of texture variation in transformer steel on 
the degree of previous cold rolling in the process of collective recrystallization. The data given 
were obtained by the measurement of the normal component of magnetization and by calculation of 
its harmonics. It was found that the degree of texture perfection during collective recrystallization 


increases in the entire deformation range. 


Contradictory data have been reported in tech- 
nical literature with regard to the problem of the 
effect of collective recrystallization (during which 
the grain size is increased) on the texture result- 
ing from a primary recrystallization. 

On the basis of grain size investigations in 
copper [1], it is clear that there is an extensive 
grain size scattering in consequence of collect- 
ive recrystallization. The grain structure result- 
ing from primary recrystallization can even com- 
pletely disappear in the process of collective re- 
crystallization [2]. 

On the other hand, it was possible to obtain, 
by means of high-temperature annealing (during 
which the collective recrystallization sets in) a 
transformer steel with improved magnetic charac- 
teristics [3-6], owing to an improvement in the 
degree of perfection of the primary recrystalliza- 
tion texture madé possible by the process of col- 
lective: recrystallization. 

The present work was undertaken for the pur- 
pose of investigating the laws governing the 
variation in primary recrystallization texture as 
brought about by the process of collective recrys- 
tallization. 

An investigation of the way in which collective 
recrystallization affects the texture obtained in 
primary recrystallization was made on steel test- 
specimens containing 3 per cent silicon, the steel 
being subjected to various degrees of deformation 
by cold rolling. The test-specimens were in thé 
form of disks, 30mm in diameter, 0.2mm thick; 
one lot of the specimens was annealed, after cold 
rolling, at a temperature of 700°C for 2 hr, and the 
other was annealed, also after cold rolling, at 
1150°C, for 4-6 hr. A third lot of test-specimens 
was subjected, at first, to a low-temperature 
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annealing (700°C) which was then followed by a 
high-temperature annealing (at 1200°C) in an at- 
mosphere of hydrogen. 

After measuring the normal component of mag- 
netization /,(¢) as a function of angle ¢ (calcu- 
lated from the direction of rolling), a determina- 
tion was made of the amplitudes A, and A, of the 
second and fourth harmonics [7-8] by the method 
of harmonic analysis. The harmonics mentioned 
above are characteristic of texture [9, 8]. 


TEST RESULTS 


The dependence of the amplitudes A, and A, on 
full relative deformations, as obtained from experi- 
mental data and by calculation, is shown in Fig.1 
and 2. Curves numbered | and 2 in these corres- 
pond to A, and A, relationships before recrystal- 
lization and after the primary recrystallization, 
respectively, 

It should be noted that, as a result of anneal- 
ing at the temperatures of: 700°C for 2 hr, 800°C - 
for 1 hr, and at 1000°C for 30 min, the values of 
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FIG 2 


A, and A, obtained, are approximately the same. 
Curves 3 correspond to A, and A, relationships 
with respect to full relative deformation for high- 
temperature annealing (1150°C during 6 hr, and 
1200°C during 4 hr), during which the process of 


collective recrystallization sets in. 


It follows from figures 1 and 2 that there is 
an increase in the values of 4, and A, as a result 
of high-temperature annealing. The increase in 4, 
and A, values during the process of collective re- 
crystallization reaches 70 per cent of A, and 4, 
values obtaining with primary recrystallization. 
This proves that the degree of texture perfection 


has increased as a result of collective recrystal- 
lization. It is known [10, 11], that in the region of 
small deformations, the recrystallization texture 
can be represented by the orientations (100) [001] 
and (110) [001]. 

If the relative volume of crystallites with orien- 
tation (100) [001] is denoted by W;, and the rela- 
tive volume of crystallites with orientation (110) 
[001]-by %,, then the following values of the rela- 
tive volumes are obtained by calculation, for the 
case of a full relative deformation corresponding 
to In d,/d = 1.5 and using values of A, and A, as 
derived from Figs. 1 and 2: W; = 5 per cent, ¥,= 
10 per cent and W = W, + W, = 15 percent. The 
same calculation but in which use is made of 4, 
and A, values taken from curve 3, which were ob- 
tained after collective recrystallization (annealing 
at 1200°C) and for the same value of the full rela- 
tive deformation of In d,/d = 1.5, leads to the fol- 
lowing values of the relative volumes: W, = 5 per 
cent, VY, = 21 per cent and VW = W, + W, = 26 per 
cent. Hence. it follows that the degree of texture 
perfection of the type (100) [001] and (110) [001], 
arising from primary recrystallization, is increased 
strongly by the process of collective recrystallize 
tion. It should be emphasized that the increase in 


texture perfection during collective recrystalliza- 
tion is due mainly to an increase in the volume of 
crystallites with orientations of (110) [001]. 
Curves 5 in Figs. 3 and 4 correspond to the de- 

pendence of A, and A, on full relative deformation 
for test-specimens in transformer steel subjected 
to cold deformation with intermediate annealing, 
after the primary and collective recrystallizations; 
open circles refer to annealing at 1150°C for 6 hr, 
and bjack dots to annealing at a temperature of 
1200°C. 
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FIG 4 


Similarly as in the previous case, we can ob- 
serve here an improvement in the degree of tex- 
ture perfection without modification in the nature 
of the texture. 

Therefore, intermediate annealing has no effect 
on collective re crystallization in so far as changes 
in the degree of perfection and the nature of the 
texture are concerned. 

No difference was observed between the effects 
of annealing at a temperature of 1150°C for 6 hr 
and that at 1200°C during 4 hr on the grain struc- 
ture of the test-specimens. 
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The values of the A, and A, factors and, con- 
sequently, also the degree of texture perfection ob- 
tained after collective recrystallization, are in- 
dependent of whether the low-temperature anneal- 
ing was carried out prior to the high-temperature 
annealing or not. This should only be expected, 
however, since during high-temperature annealing 
the deformed material undergoes first the primary 
and then the collective recrystallization. 

It follows from what has been said so far, that 
during collective recrystallization in transformer 
steel containing 3 per cent silicon there is no 
decrease in texture and, what is even more certain, 
no destruction of texture. The strengthening of the 
texture by collective recrystailization can be ex- 
plained in terms of energy relationships in a poly- 
crystal. 

The collective recrystallization, which repre- 
sents an enlargement of grain size, occurs as a 
result of a reduction in the energy of a poly- 
crystal. The free energy, associated with boun- 
daries of randomly oriented grains, exceeds that 
in the boundaries of sections less randomly 
oriented. Consequently, the boundaries of more 
randomly oriented sections are more mobile, since 
their free energy tends to a minimum. Therefore, 
by increasing their size during the collective re- 
crystallization, the grains have a tendency towards 
a less random orientation. Since during the prim- 
ary recrystallization a preferred orientation sets 
in, that is, the relative volume of crystallites with 
a definite orientation is greater than.the relative 
volumes of other orientations, then the grains 
having this preferred orientation will have a higher 
probability of growth during the collective recrys- 
tallization. 

The net result is, therefore, a considerable in- 
crease in the degree of texture perfection in trans- 
former steel. 

In addition, it can be also deduced from the con- 
cepts formulated above that an increase in the de- 
gree of texture perfection during collective re- 
crystallization should also be expected in other 
materials. 


CONCLUSIONS 


I. In a transformer steel having a 3 per cent 


silicon content, the collective recrystallization 
occuring during a high-temperature annealing 
(1150°- 1200°C), leads to an increase in the per- 
fection of the primary recrystallization texture. 
The sharper the texture resulting from primary re- 
crystallization, the sharper is the texture obtained 
after collective recrystallization. 

2. The increase in the degree of perfection of 
the primary recrystallization texture during col- 
lective recrystallization in the region of low de- 
formations, is due to arise in the volume of crys- 
tallites with (110) and [001] orientations, and in 
the regions with greater deformations, it is due 
to crystallites in which the (100) plane is parallel 
to the plane of rolling and the [011] direction 
forms an angle of 15° with the direction of rolling, 

3. An increase in the perfection of the (110) 
[001] crystallographic texture during the process 
of collective recrystallization is of a great im- 
portance from the viewpoint of the quality of trans- 
former steel, because it results in an improvement 
in the magnetic properties of the steel. By means 
of a combination of hot and cold rolling with an 
intermediate anneal, and a high-temperature anneal, 
it is possible to obtain the optimum magnetic pro- 
perties. 
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THE CRITICAL BRITTLE.RANGE IN ELECTRICAL STEEL* 


N.I. LAPKIN, G.N. SHUBIN and §.I. DOROSHEK 
(Received 11 May 1956) 


The plastic properties of electric steels containing from 1 to 5.8 per cent silicon have been 
determined by various methods of testing at temperatures ranging from -80 to +300. 
The critica] brittle range in dynamo and transformer steel, depending on its silicon content, 


has been established. 


It has been shown that the adoption of low-temperature heating (+100 ~ +250°C) increases 
the plasticity of high-alloy transformer steel by 15 to 20 times, and constitutes an important 
method of reducing spoilage from fragility and improving the proeess of preparing this steel] at 


metallurgical and electrica] machinery works. 


The production and use of high-alloy hot-rolled 
transformer steel containing from 3.8 to 4.5 per 
cent silicon is, in many cases, complicated by 
the increased brittleness of the sheets. In view 
of this the alloying of steel with silicon up to 
4.5 to 6.4 per cent has not been done industrially, 
although it ensures the minimum magnetostriction 
and high magnetic properties. Cold brittleness in 
transformer steel with a lower silicon content 
(2.5 to 3.5 per cent) impedes the process of cold 
rolling, which is the only method of obtaining a 
grained strip with high magnetic penetrability. 
Finally, the increased brittleness of electric 
steels is objectionable during the cutting, forg- 
ing, tightening and assembly of magnetic circuits, 
as it can kead to an inter-turn short circuit in 
transformers and electrical machines working at 
a temperature range of from -60 to +300°C. 
Therefore data on the changes in plasticity in 
electrical steels when tested over a wide range 
of temperatures are most essential both for prac- 
tical purposes and for experimental and theoreti- 
cal research. 

However, there is no information in Soviet 
sources about the critical temperature (critical 
range) of brittleness in industrial electric steels, 
and the researches of foreign authors [1-3] are 
very incomplete and sometimes contradictory. 

The lack of reliable information about the tem- 
perature range at which dynamo and especially 
high-alloy transformer steel changes from a touch 
condition into a brittle one explains the incorrect 
technological treatment of these steels in a cold 
condition, which has, unfortunately, become 
widespread in many works. 
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The main task of the present work is to study 
the influence of individual factors (silicon con- 
tent, temperature and method of load application) 
on changes in the plasticity of electric steels, 

For our experiment we took industrial melts of 
dynamo and transformer steels containing from 
1.08 to 4 per cent silicon and melted in open- 
hearth furnaces, and also melts of transformer 
steel with a higher silicon content (4.8 to 5.8 per 
cent), melted in an induction furnace. The con- 
tent of other elements did not exceed the amounts 
specified in the technological instructions for 
steels mark Ell, E21, E31 and £43. The change 
in plasticity was studied from the toughness, 
number of bends, elongation, and Erichsen punch- 
ing at a wide range of temperatures (from -70 to 
+300°C). The toughness was determined from 
Menager specimens with the aid of an ordinary 
drop-hammer of 30 kg power. The number of 
bends was determined by a special bending appli- 
ance with contact electro-heating. Measurement 
of temperature was carried out with the help of a 
thermocouple, welded to the specimen being tes- 
ted and with a dimension of 0.5 x 30 x 250 mm. 
For each point from 3 to 10 specimens were tes- 
ted. 

Fig.l shows the changes occuring in the tough- 
ness of electric steels containing respectively 
1.08, 2.26, 3.56 and 4.01 per cent silicon, accord- 
ing to the temperature at which they are tested. 
As the temperature rises the toughness of the 
steel increases from 0.8 - 1.5 kg/cm? to 22 - 29 
kg/cm?. The change from a tough to a brittle 
condition takes place over a comparitively large 
range of temperature (100° - 200°C), and is accom- 
panied by small-scale precipitacion. The lower 
edge of the critical fragility range in dynamo 
steels is found in the region of temperatures from 
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FIG.1. The change in the touchness of electric 
stee] when tested at various temperatures (longi- 
tudinal specimens). 


-20°C (steel mark £21) to -80°C and below (steel displacement takes place both of the lower boun- 
mark E11), but in transformer steels it is found in dary (from -80 to +150°) and of the upper boundary 
the region of temperatures from +100° (steel mark (from +60 to +250°C) of the critical range. Thus, 
E31) to +150° (steel mark £43). When the silicon an increase in the silicon content of from 1 to 4 
content is increased from 1 to 4 per cent a sharp per cent in electric steels displaces the threshold 
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FIG.2. The influence of silicon on plastic proper- 
ties (H, az, 6 and number of bends) when tested at 
room temperature. 
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of cold brittleness upwards by more than 200°C. 
Silicon exercises a similar influence on the 
other plastic qualities of electric steels also 
(see Fig.2). If the method of load application 
(method of testing) is changed then,all other con- 
ditions being equal,the change from a tough to a 
brittle condition must take place at different tem- 
peratures as a result of the change in the relation- 
ship between the shear and normal pressures. 
This displacement of the critical range may be 
expressed in changes in the position of the curves 
expressing the dependence of the various plastic 
properties (depth of punching, percentage of ex- 
pansion, toughness and bends) on the silicon con- 
tent, when tested at a constant temperature. It 
can be seen from Fig.2 that an increase in the 
silicon content of electric steel when tested at 
room temperature sharply reduces not only the 
toughness, but also the percentage of elongation, 
the number of bends, and the depth of Erichsen 
punching. However, the sharp fall in plasticity 
during the various types of testing corresponds to 
the varying content of silicon. Where the silicon 
content is lower (dynamo steel) the plasticity 
changes sharply as regards toughness and elonga- 
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at room temperature, it already becomes complete- 
ly tough at a temperature of +120°C. Even heat- 
ing to a lower temperature (+60°C) increases the 
number of bends in steel mark £13A twenty fold. 
Hence the use of low temperature heating for 
increasing the plasticity of high-alloy transformer 
steel has great practical significance. 

Fig.3 shows the results of the influence of high 
silicon contents on the critical brittle range as 
regards the number of bends. With a silicon con- 
tent of 4.8 per cent the number of bends increases 
sharply as the temperature of testing rises higher 
than +60°C, reaching its maximum at a tempera- 
ture of from +100° to +140°C. Further rise in tem- 
perature leads to a reduction in the number of 
bends. Steel containing 5.3 per cent silicon 
behaves in a similar was as the temperature is 
raised, although its critical brittle range lies 
40° - 50° higher, and its maximum number of 
bends is less than that of steel containing 4.8 
per cent silicon. Steel containing 5.8 per cent 
silicon, behaves somewhat differently. No decline 
in its toughness is observed before a temperature 
of +300°C. The decline in toughness when the 
temperature of testing rises above the upper boun- 


TABLE 1. The number of bends in sheets of electric stee] when tested at 
temperatures of +20, +60 and +120°C. 
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tion, and where the silicon content is higher, it 
changes as regards depth of punching. Therefore 
very slight changes in the critical fragility range 
in high-alloy transformer steel are more easily 
discovered when it is tested at room temperature 
by Erichsen’s method or the bends, than by the 
method of toughness or elongation. 

In fact, as can be seen from the Table, when 
high-alloy transformer steel (4 per cent silicon) 
is tested for bending although it is very brittle 


dary of the critical brittle range is due to the 
well-known phenomenon of blue brittleness, in- 
tensified by the processes of vigorous plastic 
deformation (by bending). The lower the silicon 
content of the steel, the lower is the temperature 
at which blue brittleness appears, and the more 
abruptly does it appear. The fact that there is no 
decline in the toughness of steel at a temperature 
range of from +140° to +300°C when it contains 
5.8 per cent silicon shows the delaying influence 
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FIG.3. The change in the number of bends in high- 
alloy transformer steel depending on the tempera- 
ture at which it is tested. 


of silicon on the processes causing blue brittle- 
ness. [t may be supposed that this influence on 
the part of silicon is due to its effect of the pro- 
cesses connected with ageing. The calculation 
of the changes in plasticity of transformer steel 
as temperature rises along the curve of maximum 
is of great practical importance for working out 
the progressive technology of pressure treatment 
(rolling and stamping) of electric steels. 

[t is known that heat treatment exerts a great 
influence on the critical ductility range in elec- 
tric steels. 

The results of our experiments, shown in Fig.4, 
reveal that annealing in a vacuum at a temperature 
of 1140 - 1160°C moves the critical brittle range 
downwards. It is interesting to note that the 
anistropy of toughness after such treatment is 
sharply reduced, and the lower the temperature of 
testing, the lower it is. This is explained by the 
high degree of purification, the increase in the 
eyuiaxicality of the grains and the decrease in 
the inequality of distribution of the number of 
dispersed particles, which have a deteriorating 
effect on toughness. Our experiments [4]! show 
that amongst the many elements in heat treatment 
(temperature of annealing, atmosphere, soaking 
etc), the method of cooling has 4 substantial 
influence on the plasticity of transformer steel. 


CONCLUSIONS 


1. The critical range (critical temperature) of 
brittleness in electric steels changes within wide 
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FIG.4. The anisotropy of toughness of transformer 
stee] before and after high-temperature annealing 
in a vacuum. 


limits (from -80° to +250°C) depending 6n their 
silicon content. The change from a tough to a 
brittle condition as the temperature at which they 
are tested rises takes place smoothly over a com- 
paratively large range of temperatures. 

2. The nature of deformation, the direction of 
rolling and the method of heat treatment exert a 
great influence on the tendancy of electric steels 
to ductility. 

3. The use of low-temperature heating enables 
the plasticity of transformer steel to be increased 
by 15 - 20 times, and is an important method of 
improving the treatment of this steel at metallurgi- 
cal works (cutting, opening, dressing off, cold 
rolling etc) and at electrical machinery works 
(stamping, pile tightening, straightening etc). 

4. Electric steels are subject to the well- 
known phenomenon of blue brittleness. Plastic 
deformation speeds up the processes connected 
with the development of blue brittleness, but an 
increased content of silicon in the steel delays 
them. 


REFERENCES 


. N.B. Pilling Trans. Amer. Inst. Min. (Metal) Engrgs. 
69, 780 (1923). 

. N.B. Pilling and G.P. Halliwell, Westinghouse 
Electric and Manufacturing Co. Techn. Rep. L2, 
612 (1924). 

3. A. Pomp Stahl u. Eisen 44, 1694 (1924). 

. S.I. Doroshek, N.I, Lapkin and G.N. Shubin, Fiz. 

metal. metalloved. 4, 171 (1957). 





BRITTLE FRACTURE OF RED COPPER * 


S.K. MAKSIMOV 
(Received 17 January (1956) 


An investigation was made of the behaviour of M- 1 red copper under static loading at high tem- 


peratures. 


It was found that brittle fracture occurs in red copper subjected to short time loading at tempera- 
tures higher than 350°C. Conditions are given for the occurrence of brittle fracture under prolonged 
loading at temperatures of 250- 300°C. A relationship is deduced for the dependence of yield point 


strength on the temperature and loading duration. 


Brittle fracture is observed during bending of 
test-specimens in red copper of grades M- 2 and 
M-3 if they are in hot condition. According to 
data published in the technical literature [1], 
this condition is caused by “hydrogen sickness”, 
which has its origin in an elevated oxygen content 
in the metal and in a reducing atmosphere during 
its heating. 

Brittle fracture was observed in red copper even 
when the oxygen concentration during its heating 
in an electric furnace is low. In such a case, the 
metal gets overheated, since, starting with a tem- 
perature of 750°C there occurs a considerable and 
rapid increase in the grain size, which is accom- 
panied by a reduction in plasticity, as is shown 
in Fig. 1. 

In order to grasp the concept of brittleness as 
a transition of a material from one state into 
another, it is necessary to consider the behaviour 
of red copper at high temperatures, especially as 
this question has received but little attention in 
the technical literature. 


INFLUENCE OF TEMPERATURE DURING 
SHORT AND PROLONGED PERIODS 
OF STATIC LOADING 


Short period loading 


Grade M- ] red copper was used in the investi- 
gation, because it is relatively free from oxygen 
(0 < 0.01 per cent) and has a minimum content of 
impurities. The chemical composition of the copper 
used is given in Table 1, and its mechanical 
strength properties in the annealed state (in Table 
2). 

The effect of high temperature on the mechanic- 
al properties of type M- 1 red copper, for the case 
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FIG. 1. Variation in mechanical strength of test 
specimens in M-1 type red copper in function of 
the annealing temperature. 


of short duration static loading (deformation speed 
of 0.16 mm/min) is given in Fig. 2, and the nature 
of fracture is illustrated in Fig. 3. It can be seen 
that as the temperature of testing was increased, 
a transition was observed in red copper from the 
ductile into a brittle condition. In order to deter- 
mine the temperature interval in which red copper 
passes into the brittle state, large grains were 
grown in test-specimens 10mm in diameter, (5- 10 
grains in an area of 78.5mm?), and these were then 
tested until the occurrence of fracture under a de- 
formation rate of 2 mm/min so that a study could 
be made of the character of the fracture. 

At room temperatures, the plastic failure and 
fracture of the test-specimens occurs inside the 
grain (Fig. 4), and the occurrence of brittle fracture 
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TABLE 1. Chemical composition of copper tested. 





Chemical composition, % 





Bi As 


Pp > ee 








0.0015 | 0.0010 
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remainder 














TABLE 2. Mechanical strength properties of the copper investigated. 





Copper | Co.2 OR in 
grade (kg/mm?) (kg/mm?) 





S 
| (kg/mm?) 


Os (%) wy (%) 








M-1 1.D 


58.9 47.4 
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FIG. 2. Mechanical strength properties of M-1 red 
copper test specimens at high temperatures. 


along the grain boundaries (Fig. 5) corresponds to 
a temperature of 350°C. Cracks inside the grain, 
and in part also along the grain boundaries were 
observed at intermediate test-temperatures (from 
25 to 350°C). 


Prolonged loading 
It is known [3] that a metal subjected to a pro- 


longed stress can fail unexpectedly even if the 


stress is below its yield point. The test tempera- 
ture plays a particularly active role in lowering 
the yield stress. In our tests, the period of 500 hr 
was used as test-period. 

The testing was done on specimens with thread- 
ed grip ends, 10 mm in diameter and 100 mm in 
length in VPK- 11 testing machines equipped with 
automatic temperature controllers, which by rely- 
ing on potentiometric regulation are capable of 
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maintaining the temperature at a constant value 
with an accuracy of + 2°C. 

Test temperatures used ranged from room tem- 
perature to 400°C. 

Using the results obtained, curves were then 
plotted in logarithmic co-ordinates. According to 
literature data [3], such curves approximate to 
straight lines, which makes it possible to deter- 
mine by extrapolation the stress values corres- 
ponding to failure at a given time. The yield point 
strength curves obtained in this way are shown in 


Fig. 6 and the yield point strengths, expressed as- 


a functizn of temperature and the loading duration, 
are given in Table 3. 











Values of coefficients C and m, obtained by 
analytical calculation from experimental data, are 
given in Table 3. 

A comparison of the yield strength values, as 
calculated from the formula given above, with 
those obtained for longer loading periods is given 
in Table 4, from which one can see that there is 
good agreement between the results. 

The ductility of red copper, which in our in- 
vestigations was expressed in terms of relative 
elongation, decreases with increasing duration of 
loading (Fig. 7), and in a co-ordinate system these 
variations approximate to polytropic curves. 

An analysis of yield strength curves shows the 


FIG. 3. Type of failure of M- 1 red copper test- 

specimens at various test temperatures; 
1-room temperature, 2- 100°, 3- 200°, 
4-300, 5-400, 6- 450°, 7-500°, 


8-550? and 9-600°C. 


Assuming the polytropic law of yield strength 
variation as a function of the duration of loading, 
we can write o = Cr~™ kg/mm’, where C and m are 
constants for each temperature, 7- loading duration 
until fracture and o- yield strength. 


presence of inflexion points at the temperatures 
of 250° and 300°C, which are characteristic of the 
metal transition into the brittle state [4], as con- 
firmed by the type of fracture occuring in test 
specimens depending on the time before the oc- 


TABLE 3. 





Yield point strength (kg/mm?) 





- Value of coefficients 
Lest 


temperature 





Experimental values [Taeoretically calculated 


values 





Duration of loading, (hr) 








108 


| 108 | 10s | 108 | 10¢ =| 105 














19.20 
12.50 
8.90 
4.75 
3,20 
2,20 
1.55 


18.50 

11,40 
7.03 
2.92 
2.04 
1.34 
0.894 


17.800 
10.200 
6.750 
1,820 
1,344 
0,844 
0.528 


19,30 
12,70 
8.59 
4,67 
3.21 
2.15 
1,52 
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TABLE 4. 





Test Fracture time Actual time of Deviation froin the 


temperature from the 
(°C) formula (hr) 


fracture, calculated figures 


(hr) (%) 





250 917 
300 ae 1005 
350 x 909 








884 —3.50 
999 —0.52 
+6.93 











FIG. 4. Cracks inside a grain as obtained during 
tests at room temperature. 


FIG. 5. Cracks along grain boundaries as obtained 
at test temperature of 350°C. 
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FIG. 6. Test results from yield point strength in- 

vestigation on red copper: 1-room temperature, 

2-150, 3- 200°, 4- 250°, 5- 300°, 6-350? and 
7-400 C. 


currence of failure, as shown in Fig. 8 and 9. 
Brittle fracture accompanied by breaking along 
the grain boundaries was found, by micro-scopical 

methods, in specimens tested at 350°C during a 
loading period of 400 hr 20 min; the character of 
fracture occurring at room temperature, at both 

200 hr and 40 min loading durations, is of the 
ductile type, as is shown by the point of failure 
being narrowed down to a distinct “necked” shape 
and by the formation of a crater-like surface of the 
fracture. 


Microscopic examination of test specimens test- 
ed at a temperature of 250°C showed (Fig. 10a) 
that cracking inside grain was present in speci- 
mens that failed 4 hr after the loading was started, 
and the grain boundary cracks appeared after a 
loading period of 140 hr (Fig. 10b). Similar pheno- 
mena were observed also at a test temperature of 
300°C. 

Thus, as the loading time is increased, red 
copper passes into brittle state; consequently, the 
appearance of brittle fracture is connected not only 
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FIG. 7. Relative elongation curves for M- 1 red 
copper test specimens in functions of the testing 
temperature and time of loading: 1-room tempera- 
ture, 2- 150°, 3-200°, 4-250", 5-300° and 6- 350°C. 


ball 


FIG. 8. View of red copper test-specimens des- 
troyed in tests at 250°C at various loading times: 
1, 2.5 hr; 2, 4 hr; 3, 12 hr; 4, 55 hr; 5, 140 hr. 


FIG. 9. View of red copper test-specimens des- 
troyed during tests at 300° at various loading 
durations: 1, 0.9 hr; 2, 3.8 hr; 3, 18 hr; 4, 31 hr; 


FIG. 10a. Cracks inside the grain of a test-speci- FIG. 10b. Cracks along the grain boundaries in a 
men after loading duration of 4 hr during testing at test-specimen subjected to 140 hr loading time in 
a temperature of 250°C. testing at a temperature of 250°C. 
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with the temperature and rate of loading [5], but 
also with its duration. Brittle fracture in red 
copper is characterised by fracture along the grain 
boundaries. 


CONCLUSIONS 


1. Red copper passes, at high temperatures, 
from the plastic into brittle state. 

2. The transition of M-1 red copper into the 
brittle state starts at a temperature of 350°C in 
the case of short time loading, and depending on 
the loading duration, also at lower temperatures. 

3. The transition of red copper into the brittle 
state, is associated with fracture along the grain 
boundaries, which is connected with the effect and 
duration of loading: 

(a) In the case of short time static loading at 
temperatures up to 300°C, plastic deformation de- 
velops inside the grain, and proceeds inside the 
grain if the strength and plasticity of the boundary 
and inter-grain layers have high values. Starting 
with a temperature of 350°C, there is a rapid re- 
duction in the strength and plasticity of the boun- 
dary and inter-grain layers. Low stresses are in- 


capable of causing plastic deformation inside the 
grains and this leads to brittle fracture and inter- 
crystalline cleavage. 

(b) The duration of stresses applied in the tem- 
perature interval of 250- 300° affects the state of 
the metal in a way analogous to temperature. With 
prolonged periods of stress application, there oc- 
cur qualitative changes in the boundary and inter- 
grain layer, which are not detectable microscopic- 
ally but which lead to a reduction in the plasticity 
and to a consequent occurrence of brittle fracture 
along the grain boundaries. 
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CARBIDE TRANSFORMATIONS IN TEMPERING OF STEEL* 


V.G. PERMIAKOV and M.V. BELOUS 
(Received 6 March 1956) 


Using the differential magnetic method in strong fields, a study was made of carbide trans- 
formations taking place in the tempering of carbon and silicon steels. The Curie point of the 
carbide formed during low-temperature annealing was established at 380°C. A relationship 
was found between the change in magnetic intensity of stee! during the “third transformation” 
on tempering, the composition of the low-temperature carbide and its specific magnetic inten- 
sity. Solving this relationship for silicon steel showed that the composition of the low-tempera- 
ture carbide is described approximately by the formula Fe,C, and is specific magnetic 


intensity is estimated at 100-110 Gcm’/g. 


The nature of the carbide phases forming on 
tempering of hardened steel has so far not been 
sufficiently explained, despite the large number 
of investigations. The closest investigations of 
the condition of the carbide phase were made in 
the years 1939-1947 by G.V. Kurdyumov and his 
co-workers [1—3]. As a result of their work it 
was found that at a tempering temperature below 
300°C there forms in steel an iron carbide differ- 
ing in both its composition and properties from 
cementite [1, 4]. The composition of the low- 
temperature carbide could not be determined, 
therefore it was given the provisional formula 
Fe,C, in order to stress the main difference of 
this carbide from cementite. [t was also found 
that the low-temperature carbide F'e,C is unstable 
and on heating above 300° changes to intermedi- 
ate “rhombic carbide” and then into cementite [5]. 

A little later Popova, and then Arbuzov conclu- 
ded that at all tempering temperatures cementite 
alone forms in steel [6—9]. According to their 
data the difference in the carbide phases forming 
at different tempering temperatures amounts only 
to a difference in the degree of their dispersion, 
and also to differences in bond with the mother 
phase. 

In one of his most recent works Guliaey [10] 
also maintains the viewpoint of the invariability 
of the composition of the carbide phase forming 
on tempering. 

These latter investigations are however con- 
tradicted by data of more recent work both at 
home and abroad [11-15]. In all these works a 
distinct difference is noted in the composition 
and properties of the carbide phases of low- and 
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high-temperature tempering. In certain works of 
foreign investigators an attempt is even made to 
calculate the composition of the carbide phase 
forming on low-temperature tempering [14]. 

Thus at present the theories concerning the 
composition and properties of the carbide phase 
of tempering are very contradictory. Neither is 
there any agreement over the mechanism of cer- 
tain tempering anomalies and, in particular, of 
the mechanism of the so-called “third transforma- 
tion”. To ascertain which viewpoint is correct 
further investigations of this problem are required. 

In a previous work [12] we confirmed the cor- 
rectness of the set of carbide transformations on 
tempering described by Kurdyumov and supplemen- 
ted by Isaichev [5]. In this work, which is a con- 
tinuation of the previous one, an attempt is made 
to determine the composition of the carbide phase 
forming on tempering steel at low temperatures. 


MATERIAL AND INVESTIGATION METHOD 


The investigation was carried out using the 
differential magnetic method in strong fields des- 
cribed in [12, 16]. In order to increase the sensi- 
tivity, an optical magnifier was used similar to 
the magnifier of N.S. Akulov’s anismometer. 

Commercial types of steel of the following com- 


position were studied: 





: Content of elements (%) 
Type of 


steel > | st | we | Neds P 








U8A 0.30] 0.11 | 0.02 | 0.017 
U10A 0.22} 0.13 | 0.00 | 0.013 
U12A 0.25] 0.11 | 0.02 | 0.011 
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The specimens selected for magnetometric in- 
vestigation were in the form of cylinders 30 and 
35 mm long. The diameter of the specimens was 
as follows: 





Type 
of steel 


Diameter|4.0+ 0.01/3.0+ 0.01/2.5 + 0.01/2.5 + %.02/3.5 + 0.02 


U8A U10A U12A 60S2 60S3 























All the specimens underwent water quenching 
from temperatures that resulted in complete homo- 
genization of the austenite. Here precautions 
were taken to prevent decarburization and oxida- 
tion. In order to reduce the amount of residual 
austenite, specimens of U8A and U10A steel 
underwent subseq uent cooling to a temperature 
of -78°C in dry ice and specimens of U12A steel 
were cooled to a temperature of -183°C in liquid 
oxygen. 

After hardening the specimens were heated to 
600° and cooled to room temperature in a differen- 
tial magnetometer at a speed of 2—3 °C/min or 
were held isothermally in a magnetometer at dif- 
ferent temperatures. As a standard, a specimen 
was used made from commercial iron (carbon con- 
tent 0.02 per cent), of the same shape and size 
as the specimens being investigated. During 
heating or holding the change in magnetic proper- 
ties of the specimens was noted as tempering 
proceeded. Part of the specimens underwent 
preliminary tempering lasting lhr at different tem- 
peratures in the interval 20-600°C. After temper- 
ing these specimens were heated in a magneto- 
meter, and curves were drawn of the change in 
magnetic properties in relation to the heating tem- 
perature (curves of repeated heating). Heating to 
a temperature of 280° was done in “Vapor T” oil; 
for more intense heating the specimens were trans- 
ferred to a saltpetre bath. The heating tempera- 
ture was controlled by a mercury thermometer with 
degree divisions. 


RESULTS OF EXPERIMENT 


Figs. 1, 2 and 3 give magnetometric curves of 
continuous heating of U8A, U10A and U12A steel 
and Figs. 4, 5 and 6 curves of isothermal temper- 
ing. The curves show that heating leads to an 
irreversible change in the magnetic properties of 
hardened specimens. On heating at the speed 
selected a noticeable change in the magnetic in- 


tensity of the specimen starts above 80° and con- 
tinues to 150°. 

The fall in the magnetic intensity in this inter- 
val is due to martensite decomposition, when the 
carbide Fe,C forms with a reduced intensity of 
magnetization compared with ferrite*. Above 
150° the fal] in the magnetic intensity slows down 
owing to a decrease in the intensity of martensite 
decomposition Starting from 200° in addition to 
martensite decomposition there is decomposition 
of the residual austenite, accompanied by a con- 
siderable rise in the magnetic intensity of the 
specimens. 
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FIG.2. Magnetometric curve of tempering of speci- 
mens of hardened U10A steel. 
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FIG.3. Magnetometric curve of tempering of speci- 
mens of hardened U12A steel. 





* As will be shown later Fe,C is ferromagnetic to 
370—380C. 
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FIG.4. Change in magnetic properties of speci- 
mens of hardened U8A steel as a result of iso- 
thermal] tempering at 150. In the top half of the 
figure is a curve of the cooling of specimens in 
the magnetometer after isothermal] tempering. 
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FIG.5. Change in magnetic properties os speci- 
mens of hardened U10A steel as a result of iso- 
thermal tempering at 15@. In the top half of the 
figure is a curve of the cooling of specimens in 
the magnetometer after isothermal tempering. 
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FIG.6. Change in magnetic properties of speci- 
mens of hardened U12A steel as a result of iso- 
thermal] tempering at 15@. In the top half of the 
figure is a curve of the cooling of specimens in 
the magnetometer after isothermal tempering. 


At a heating rate of 2~3 °C/min martensite 
decomposition is practically completed at 265— 
270°. Above these temperatures a sharp fall in 
magnetic intensity is observed on the magneto- 
metric curves, during heating to temperatures of 


85 


~ 380°. The fall in magnetic intensity continues 
even further to 500—520° but less intensively. 
Subsequent increase in heating to 600° does not 
lead to any noticeable fall in the magnetic inten- 
sity of the specimen. 

It was shown earlier that the fall in magnetic 
intensity in the temperature interval 260-.350° 
results from the “third transformation”, i.e. from 
the change from carbide Fe,C into intermediate 
carbide with a Curie point at 260—270%. The dec- 
rease in magnetic intensity in the interval 380— 
500° is due to transformation of the intermediate 
carbide into cementite [12]*. The total decrease 
in magnetic intensity in the temperature interval 
265—500° is identified with transformation of car- 
bide Fe,C into cementite. In fact, at the start of 
the “third transformation” a small amount of car- 
bon remains in the a-solid solution. Precipitation 
of the latter from solution cannot bring about such 
an extensive fall in the magnetic intensity of the 
specimen. In addition we know that other proces- 
ses taking place in the a-solid solution in this 
temperature interval (failure of cohesive bond 
between a-phase lattices and carbide deposits, 
growth of blocks of solid solution, change in deg- 
ree of dispersion of carbide particles, etc.) are 
not generally accompanied by any noticeable mag- 
netic effects. 

The fall in magnetic intensity of the specimen 
observed may be due to the following circumstan- 
ces: 

1. If the carbide Fe,C is magnetized above 
260—270°C, then its transformation into intermed- 
iate carbide and later into cementite, non-magnet- 
ic at these temperatures, will result in a dec- 
rease in the magnetic intensity of the specimen. 

2. If the carbide Fe,C is richer in carbon than 
the cefnentite, then on transformation into cemen- 
tite in the interval 265—500° there will be a dec- 
rease in the magnetic intensity of the specimen; 
some of the iron atoms from the “magnetic state” 
(in the a-solid solution) will be transformed into 
the “non-magnetic state” (cementite above 215° is 


not magnetic) **. 





* In the differentia] method the reversible fall in mag- 
netic intensity of the specimen with temperature is 
compensated by a corresponding fal] in the magnetic 
intensity of the standard. 


** It has been shown in a number of works [17—19] that 
x is very unlikely to exceed 3, 
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Naturally the extent of the magnetic effect of 
the carbide transformation must depend to a cer- 
tain degree on the specific magnetic intensity o, 
of the carbide phase resulting from low-tempera- 
ture tempering and on the composition of the car- 
bide (i.e. the index x in the formula Fe,C). 

We can establish a connexion between the 
factors mentioned. The magnetic moment of the 
specimen at the temperature preceding the start of 


carbide transformation is 
(1p Vo)1 =— love + /, Vx. 


Here /y is the magnetic intensity of the tempered 
martensite, /, is the magnetic intensity of the 
carbide, Vy is the volume of tempered martensite 
in the specinien and V, is the volume of carbide 
phase in the specimen. 

All the values relate to the temperature preced- 
ing carbide transformation. 

It is clear that the following are valid: 


1,V, =1,—2= 

d W 

lke Vn = I ia : (1*) 

dk 
Here dy and d, are the specific gravities and oy 
and o, the specific magnetic intensities of the 
tempered martensite and the carbide Fe,C; Py 
and P, are the weights of the a-solid solution 
(tempered martensite) and carbide phase Fe,C 
respectively. 

In a number of works [14, 20] it has been shown 
that the specific magnetic intensity of the carbon 
solid solution in the a-iron depends on the carbon 
content per cent in the solution as follows 


Psol. soln. = of (1-G 10-7), 


where o is the specific magnetic intensity of the 
ferrite, G is the carbon content per cent in the 


solution. 
Denoting the carbon content per cent in the 
solid solution at the start of carbide transforma- 


tion by B we get the relationship 


(1oVo), = of (1—B 107) Py + % Py 


We shall find Py and P, 
If ¢ is the percentage carbon content of the 
steel, then at the start of carbide transformation 


56x + 12 


outside the solid solution there is cP,°107 - 

BP y'10~ g of carbon (P, is the weight of the 
wpecimen being investigated). This amount of 
carbon is combined in the specimen - in the form 
of FeyC, whose composition is unknown. If 12 g 
of carbon form 56x + 12 g of carbide, then 
eP,.10- - BPy-10~ g of carbon form 


1D (cP,.10-? - BPy.10~) g of carbide Fe,C. 


Bearing in mind that 
Pu + P,, = P,. 


we get an equation for determining Py 


ee (cP, 10°? = BP,* 107) 


We shall find Py and P,: 


12 

hes dbx + 12 c - 1072 
12 

i 56x + 12 


12 





Pa = 
B . 10°? 


56x + 12 (c - B)- 107? 
eet 56x + | “ 
iz be a! 107° 
12 





P, = 


Denoting for simplicity 


56x + 12 


= 4 (x), 
12 | ) 


we get the relationship 


(1, Vo), = 





l— ¥(x) ¢ - 107? Pode 


wl= (9) B-107° 


=o, (1— B- 1077) 


(¢ — B) - 107? ae 
1— n(x) B- 107? 





‘a Sn I (x) i 


We shall now consider the magnetic moment of 
the same specimen at the same temperature, but 
after heating to 600° and then cooling to 265°C. 


(1 Vo). = ap Py 419, Py = 3¢ Pe 


(since the temperature of the start of carbide trans- 
formation for all the steels lies above the Curie 
point of cementite). Here Py is the weight of fer- 
rite in the specimen, /,, is the weight of cemen- 
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tite in the specimen. The change in the magnetic 
moment of the specimen as the result of trans- 
formation of the carbide Fe,C into cementite is 


(/, Vo); = (1, Vn)s i 6(/, Vo) = 


| ~y(aje- 1077 
1 —x(x)B- 107? 





= P, [ert -B-107" 


(c - B)- lu-? 


l—y(x)B- 10? 





+ ay 4 (x): 


= G¢(1 - Ibe 10°? (1) 


Equation (1) gives the required relationship bet- 
ween the change in the magnetic moment of the 
specimen as a result of carbide transformation 
[5 (I,V,)] to the specific magnetic intensity o, of 
the carbide Fe,C and the index x in its formula. 
By means of the differential magnetic method 
used here it is possible, from the difference in 
the deflections of the instrument indicator dA, to 
determine the change de in the ratio of the mag- 
netic moment of the specimen to that of the ferrite 
standard. Since the instrument deflexions were 
recorded at exactly the same temperature, then 
the magnetic moment of the standard for both 
measurements remained exactly the same. There- 
fore between the change Sey of the factor follow- 


fy Vo 

1,V, 
following the carbide transformation and the 
change in the magnetic moment of the specimen 
5(I1oV.) following this process there is a simple 
relationship 


-—_ 


4 (Io Vo) 2011 “ i, vs (8*) 


Bearing this in mind, and also that 
and transforming eq uation (i) we get for the 
index x 


P 
15e - B- 3enn - 102 2 


x = 0,2142 ma (c - B) + 


+14cB-107? - 3 : ! - | (2) 


This equation contains two unknowns: x and 
0x/of therefore it can be solved for alloys in 
which the temperature of the start of carbide 


transformation lies above the Curie point of the 
carbide FexC. In this case 9% /of =0 


equation (2) there remains only one unknown x. 


and in 


The magnetic properties of the carbide Fe,yC can 
be determined directty by drawing curves of the 
variation in magnetic intensity in relation to the 
heating temperature of the steel (curves of rep- 
eated heating) on heating above the Curie point 

of this carbide. Of course the possibility of draw- 
ing curves of repeated heating is limited by the 
interval of stability of the carbide Fe,C, i.e. the 
temperature at which it starts to turn into inter- 
mediate carbide. [n carbon steel the reaction 
Fe,C-> intermediate carbide starts at a relatively 
low temperature (260-270°), therefore it is ex- 
tremely difficult to determine the magnetic pro- 
perties of Fe,C carbide directly in carbon steels. 
It is far simpler in the case of type 60S2 and 60S3 
silicon steels, since silicon in steel i# amounts 
exceeding 1.5 ner cent delays the start of carbide 
transformation to above 400°C [12]. At the same 
time silicon in steel does not form special car- 
bides, therefore the nature of the carbide nhases 
and of their transformations must be similar to 


those of carbon steels. 
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FIG.7. Curves of repeated heating of specimens 

of 60S2 steel, drawn after tempering at different 

temperatures with holding for 60 min. On the 

graph the curves are displaced in relation to each 
other along the axis of the ordinates. 


1—9: tempering at 100, 200, 300, 350, 380, 400, 
450, 475 and 500°C respectively. 


In Figs. 7 and 8 are given curves for specimens 
of 60S2 and 60S3 steel. The specimens had been 


tempered previously at the temperatures shown in 





Carbide transformations in tempering of steel 











8 





S 





by 
§ 











& 





S 


9 





Magnetometer deflexion (mm) 
N% 


SH 


10 


OQ 100 200 300 WO 50 
Temperature (°C) 























FIG.8. Curves of repeated heating of specimens 

of 60S3 steel, drawn after tempering at different 

temperatures with holding for 60 min. On the 

graph the curves are displaced in relation to each 
other along the axis of the ordinates. 


1—10: tempering at 150, 200, 250, 300, 350, 380, 
420, 450, 500 and 600°C respectively. 
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FIG.9. Magnetometric curve of tempering of speci- 
mens of hardened 60S3 steel. 


is due solely to a certain number of iron atoms 
from the ferrite (ferromagnetic state) turning into 
the non-ferromagnetic state in the carbide phase 
during the carbide transformation process. Thus 
the magnetic effect of the carbide transformation 
depends on the amount of iron passing from the 
ferrite into the carbide phase as a result of the 


transformation. 


TABLE 1 





Carbon content Value of 
in steel (%) B (%) 


Magnetic* effect 
of carbide 
transformation 


(6€}11) 














0.037 
0.034 














the figures, then curves were drawn from them. 
\nalysis of the curves convinces us that low- 
temperature carbide Fe,C is ferromagnetic, up to 
temperatures of 370—380°C (the sharp kink on the 
curves corresponding to the Curie point of the 
carbide lies around 370—380°). This is indicated 
also by the magnetometric curve drawn for speci- 
mens of hardened 6083 steel continuously heated 
to 600° and then cooled at a speed of 2~3 degrees 
per minute (Fig.9). Here the distinct fall in mag- 
netic intensity of the specimen on heating to 
above 250°, that continues to 380°, occurs as a 
result of coming near to-the Curie point of the 
carbide FeyC formed on tempering. It is also from 
this that in high-silicon steels carbide transforma- 
tion takes place above the Curie point of the car- 
bide FeyC. In this case the fall in the magnetic 
intensity of the specimen on heating above 400°C 





* It is convenient to calculate the value Seyyy from 
the difference in the ordinates of the magnetometric 
curve of heating and cooling at the temperature at 
which the carbide transformation starts (from the differ- 
ence in the deflections of the instrument indicator), by 
using the functiona] relationship: 


2R3 
A 
HV, +21,V, 
HV,+a1,V,¢ 


where (A are the indications on the instrument scale; 





R3, (12) 





1 +c? 


Seq] was calculated according to a similar relation- 
ship: 
(HV, + HV, + 2al, V,)? 


Sey, = 8A, (12*) 
4R8 (HV, + al, V,) (2HV, + a/, V.) 





obtained by splitting the function A = f €) into a Taylor 
series in the neighbourhood of the point € = 1. 
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Since the carbide transformation is displaced to 
beyond the Curie point of the carbide Fe,C, it is 
possible according to equation (2) to calculate the 
index x in the carbide formula, since the second 
unknown ee in this case becomes zero. 

Our calculation of the index x for 60S2 and 60S3 
steel gave the following results. 

The mean value of x for the steels investigated 
was 2.04. The results obtained, although they 
cannot pretend to be highly accurate, enable the 
iron carbide forming at low tempering temperatures 
to be given the provisional formula Fe,C indicat- 
ing approximately the ratio of the number of iron 
and carbon atoms. 

After calculating the composition of the low- 
temperature carbide Fe,C it was possible to esti- 
mate its specific magnetic intensity. For this 
purpose, to describe the magnetic effect of the 
first transformation on tempering of hardened 
steel (equation (3) similar to equation (2) was 
derived). Solving this for Ske we get: 

°f 
: a ail 10? |— 
c.-U 
a SS 
Po 


Here % and Sf are the specific magnetic inten- 
sities of carbide Fe,C and ferrite at room tempera- 
ture; U is the percentage of carbon remaining in 
the solid solution after tempering in the interval 
of the first transformation; a is the percentage of 
residual austenite in the hardened steel; 6, in the 
change in the ratio of the magnetic moment of the 
specimen to the magnetic moment of the standard 
as the result of tempering in the first transforma- 
tion region. The rest of the terminology has the 
same significance as in equation (2). If the com- 
position of the carbide phase precipitated during 
the first stage of tempering remains unchanged on 
heating to the temperature at which carbide trans- 
formation begins*, the specific magnetic intensity 
0, of the low-temperature carbide can be calcu- 
lated using eq uation (3). 

The value of de, was determined by us accord- 
ing to the curves in Figs. 4, 5 and 6; x was taken 
as being equal to 2 and the value of U was selec- 





* Investigations made so far indicate that no principal 
changes in carbide phase take place in the interval 
150—260°C, 


ted according to the data in [21]. [t was found 
that to the low-temperature carbide Fe,C there 
should be attributed a specific magnetic intensity 


of 100-110 Gem*/g. 


CONCLUSIONS 


1. The carbide of the low-temperature temper- 
ing of steel, usually described by the formula 
Fe,C, is different in composition from cementite 
Fe,C. 

2. The value of the index x in the formula 
Fe,C is near to 2. 

3. The specific magnetic intensity of low- 
temperature carbide is estimated approximately at 


100—110 Gem’/g. 
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INVESTIGATION OF THE CARBIDE PHASES OF TEMPERED CARBON 
Steel * 


N.V. GUDKOVA, E.I. LEVINA and V.A. TOLOMASOV 
(Received 9 January 1957) 


So far there is no general agreement concerning the nature and composition of the 
carbide phases precipitated in tempering carbon steel [1!. The present work describes 
an investigation into the carbide phases of tempered carbon steel (1.15 per cent carbon) 
by means of electron-diffraction, chemical and magnetic studies. 

After hardening from a temperature of 1100°C,steel speciméns were tempered for one 
hour at 150, 200, 250, 300, 350, 400, 500 and 650°C. For the magnetic measurements 
solid specimens were used. The objects of the electron-diffraction and chemical in- 
vestigations were carbide precipitates deposited by anodic solution according to the 


method described in [2!. 


MAGNETIC STUDY 


Measurement of the magnetic intensity was car- 
ried out on the pondermotive magnetometer [3] in a 
field H = 8000 oersteds during rapid heating (at a 
speed of 12°C /sec). Heating was carried out to a 
temperature of 425°. Reducing the time that the 
specimen remains at temperatures greater than the 
tempering temperature diminishes the phase trans- 
formations taking place during the heating process 
to a low value comparable with the error of measure- 
ment. 

The data obtained confirm the results of pre- 
vious investigations [4] concerning the presence 
of intermediate carbide phases with Curie points 
of 380 and 270°C in tempered steels. From the re- 
versibility of the f, (7) curve there is every jus- 
tification for interpreting the kink at the tempera- 
ture 380°C as in fact being the Curie point of an 
unknown phases, and not as the result of phase 
transformations in the specimen taking place on 
heating. 


CHEMICAL STUDY 


The iron content in the electrolytic precipitate 
was determined photocolorimetrically from reaction 
with sulphosalicylic acid. For each tempering tem- 
perature the iron was determined for two succes- 
sive solutions of the steel specimen. The data 
obtained were related to the sample taken of the 
steel. 

It was assumed that the amount of free carbon 
in the precipitates corresponds to the amount of 





* Fiz. metal. metalloved. 4, No. 3, 500 — 504, 1957 
[Reprint Order No. POM 81]. 


carbon in solid solution, determined by an X -ray 
method in [5], for steel containing 1.18 per cent C 
and in [6] for steel containing 1.09 per cent C. 

The iron content in the carbide precipitates and 
the amount of combined carbon, calculated accord- 
ing to the concentrations of free carbon in the 
solid solution [5-6] are shown in Table 1. 

As will be seen from the table, in carbide pre- 
cipitates deposited from specimens tempered at 
200, 250 and 300°C, the ratio of carbon to iron is 
near to the stoichiometric formula Fe,C (1:9.4). 

In the precipitates obtained from specimens tem- 
pered at 350°C and higher, this ratio correspond 
to the formula of cementite F'e,C (1:14). The re- 
sults obtained are entirely different from those of 
Popova [7], who found a cementite ratio of carbon 
to iron in carbon steels at all tempering tempera- 
tures. 

Since chemical analysis gives amounts of iron 
present in the entire series of carbide phases, it 


is impossible to propose any stoichiometric formula 


for the intermediate carbides. The results of the 
chemical study indicate that the chemical compo- 
sition of the intermediate carbides differs from the 


chemical composition of cementite. 
ELECTRON - DIFFRACTION STUDY 


For the electron-diffraction study, dry electro- 
lytic precipitate or suspensions of it in alcohol 
that had stood for different lengths of time were 
spread on a celluloid film. As a result three 
phases: hexagonal, rhombic and cementite were 
discovered. 

The hexagonal phase has unit dimensions a = 
6.27, c = 21.4 Aand is found after tempering at 
150°C and higher. 





Investigation of the carbide phases of tempered carbon steel 


TABLE 1. 





Tempering Fe content Free C 
temperature, in carbides, content, 


(°C) (%) (%) 


Ratio 

F of 

Combined Mean of 
carbon 

C content, two 


content : ‘ 
(%) ; determinations 
to iron 





200 7.60 0.39 
200 7.84 


250 8.57 
250 8.96 


300 10.51 
300 10.16 


350 14.13 
350 14.34 


400 15.22 
400 15.68 


500 16.04 
500 16.20 











0.76 1:10 1: 10.2 


1: 10.4 


0.87 : 9.8 210.1 
: 10.3 


0.97 : 10.8 
: 10.4 


1.06 213.5 
: 13.7 


: 14.2 
: 14.6 


714.5 
1214.7 











The rhombic phase has unit cell dimensions 
a = 3.82, b = 4.72 and c = 12.5 A and is found 
after tempering at 200°C and higher. 

Cementite is found only after tempering at 350°C. 

ilexagonal and rhombic phases form texture of 
the type: plane (001) parallel to the underlayer. 
This justifies the supposition that crystals of 
these phases are in the form of platelets. 

The interplanar spacings for hexagonal and 
rhombic phases are given in Tables 2 and 3 res- 
pectively. The interplanar spacings of hexagonal 
phase agree very well with the interplanar spacings 
for the low-temperature carbide discovered by 
Arbuzov and Kurdyumov [8! and Jack [9] in solid 
steel specimens. (Table 2). Similar agreement is 
seen for rhombic phase and high-temperature car- 
bide [10]: Jack’s “percarbide” [11] and Hage’s 
carbide [12] (Table 3). For the reflexions given 
in the literature referred to, but absent from our 
photographs, (in the intensity graph) the inter- 
planar spacings are calculated theoretically. 

Such agreement, and also the fact that hexagonal 
phase appears before rhombic phase permits the 
hexagonal phase to be identified with the low- 
temperature carbide and the rhombic phase with 
the high - temperature carbide. 

Owing to the accuracy of the electron-diffraction 
method (possibility of investigating 10°’ g of 


material), metastable carbide phases were dis- 
covered in a wider temperature interval than by 
other methods. 

The unit cell dimensions of hexagonal phase 
a and ¢ are in ratios of 4/3 and 5 to the corres- 
ponding dimensions of the low-temperature 
carbide [9] (a = 2.72, c = 4.34 A). The fall in the 
dimensions is clearly due to the author of [91 
being unable to discover the weak internal re- 
flexes. So far the lattice of the high-temperature 
carbide has not been determined accurately, 
although the number of reflexes, that were deter- 
mined by previous investigators and ourselves, is 
about the same. Our indication was aided by the 
presence of texture. 

It must be mentioned that, although two carbide 
phases were discovered in tempering at above 
200°C and three in specimens tempered at above 
350°C, at the same time it was not possible to 
obtain a clear diffraction from the three phases. 
This is due to differences in the degree of dis- 
persion of these phases (as is known, crystals 
measuring 10 — 10° cm give clear electron dif- 
fraction. In order to obtain clear diffraction of 
each of these phases it was necessary to vary 
the time in solution. For example in the carbide 
precipitate from a specimen tempered at 650°C 
the hexagonal phase gave good diffraction after 
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TABLE 2. 





Data in [9] Data in [8] 





Zz 
° 
e 


d 





100 
104 
110 
113 
200 
201 
202 
204 
108 
116 
205 
210 
207 
214 
208 
300 
303 
217 
218 
220 
223 
226 
400 
404 
229 
408 


COON A US WH & 


409 
424 





600 























* here, and later, 
vw = very weak, 


w = weak, m = moderate, 


2 hr in solution. To obtain good diffraction from 
the rhombic phase the solution time had to be 
raised to four hours. Clear diffraction from ce- 
mentite was only obtained after grinding the pre- 
cipitate in an agate mortar. This pattern of va- 
riation in the diffraction picture can be explained 
by the degree of dispersion of the phases increas- 
ing in the order: cementite, rhombic and hexagonal 
phases. The fact that the cementite particles are 
excessively large apparently also explains the 
absence of diffraction from it at low tempering. 


CONCLUSIONS 


The studies carried out showed that : 
1. There are two intermediate carbide phases 


mw= moderately weak, 


vs = very strong, 
sp = sharp 


ms = moderately strong, 
Ss = strong, 


in tempered U12 carbon steel : 

(a) low-temperature hexagonal phase with 
Curie point at 380°C and lattice dimen- 
sions a= 6.27 and c = 21.4 \; 

(b) high-temperature rhombic phase with 
Curie point at 270°C and lattice dimen- 
sions a = 3.82, b = 12.5 A and cementite. 

2. The chemical composition of the carbide 
phases differs from that of cementite. 

3. According to increase in the degree of dis- 
persion the carbide phases can be arranged in the 
series cementite, rhombic, hexagonal of platelets. 

In conclusion we feel it our duty to express 
our gratitude to B.A. Apaev, Z.G. Pinsker and 
S.V. Kaverin for their advice and the interest 
they have shown in our work. 
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TABLE 3. 





Data in [ 11] 








NSN OO & Wh eS 


403 
602 
522 
621 
710 
612 
503 
711,540 
333,004 
630 
631 
720,622 
523 
550 
811 
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SOME POINTS CONCERNING THE ELECTRICAL RESISTANCE OF NICKEL 
CHROMIUM ALLOYS * 


S.D. GERTSRIKEN and A.V. PROGRUSHCHENKO 
(Received 27 June 1956) 


Certain experimental results are reported that were obtained in the study of alloys 
of the Ni,Cr type and also alloys of the Ni,Cr type with addition of about 7 per cent 
Mo. It is shown that in the alloys studied, on holding them for a long time (up to 
300 hr) in the region of 1200° there is a fall in the electrical resistance. Annealing 
of the alloys in the region of 500° leads to a noticeable rise in their electrical resis- 


tance. 

In hardened specimens of alloys the electrical resistance at room temperature is 
6 per cent lower than in unhardened specimens. On subsequent isothermal holding in 
the region of 500° of alloys hardened from 950° there is a considerable rise in the 
electrical resistance towards the equilibrium value. The speed with which the equi- 
librium values of electrical resistance are reached depends very greatly on the tem- 
perature of the isothermal holdings. Certain points concerning the kinetics of the 
process of attajning equilibrium values of electrical resistance are studied and the 
activation energy of the process is estimated. It is shown that addition of about 
7 per cent Mo to alloys of the Ni,Cr type greatly reduces the speed with which the 
equilibrium values of electrical resistance are reached. 

Curves are obtained of the equilibrium values of electrical resistance for the 


temperature region from 440 — 545°. 


Several works have been devoted to the experi- EXPERIMENTAL RESULTS 
mental study of transformations in nickel-chromium 
alloys on the basis of the electrical resistance. 

It has been shown [1] that in an alloy of the Ni,Cr 
type on cooling below 800-900° an anomalous rise 

in the electrical resistance takes place. The latter 
leads to the appearance of a maximum (in the Pantie calumnt< 
region of 800°) on the electrical resistance-tem- 


perature curve. 

I.I. Kornilov and R.S. Mints [2] have studied a 24.85 | 75.13 | 0.02 - - 
series of Ni-Cr alloys. They regard the presence ar as “ me ee 
of a singular minimum for an alloy containing 
24 per cent Cr on “electrical resistance-composi- Specimens were prepared in the form of wire of 
tion” and “coefficient of linear expansion-c omposi- diameter from 1.5 to 0.5 mm and 500-700 mm long. 
tion” curves as proof of the formation of the chemi- The electrical resistance of the specimens was 
cal compound Ni,Cr in the process of prolonged measured in the special vacuum apparatus des- 
annealing at 480°. 

The effect of anomalous rise in the electrical 
resistance on cooling below 800° appears: most 
distinctly on the equilibrium curve of the electri- 
cal resistance for an alloy of stoichiometric com- 
position [3}. It is not seen at all in alloys con- 
taining less than 25 per cent [3]. 

The present work reports certain experimental 
data obtained by us in studying alloys of the Ni,Cr 
type and these data are also compared with those A 


of other authors. 


In the work three alloys of the nickel-chromium 
system were investigated, the chemical composi- 
tion of which (wt.%) is shown in Table 1. 


TABLE 1. 








Ni Cr C Si Mn 






































— 
“o-o 
> 



































0 20 400 600 800 1000 1200 


“* Fiz, metal. metalloved. 4, No. 3, 505-510, 1957 Temperature °C 
[Reprint Order No. POM 82]. FIG. 1. 





96 Some points concerning the electrical resistance of nickel-chrome alloys 


cribed in [4]. The relative error in measuring the 
electrical resistance does not exceed 0.05 per 
cent. 

Fig. 1 shows typical curves of the change in 
electrical resistivity with temperature for alloy 
No. 1 on heating and cooling at a speed of 4°C/ 
min. Before measurement, the specimen was 
quenched from 1000° in water. As can be seen 
from Fig. 1, the decrease in the electrical resist- 
ance of the hardened specimen compared with 
the specimen that was not hardened reaches 6 
per cent at room temperature. 

Thus the existence of an anomalous rise in the 
electrical resistance in hardened specimens of 
Ni,Cr alloy after heating and cooling, discussed 
in [1] is confirmed. The effect of fall in the elec- 
trical resistance in hardened specimens is also 
noted in alloys No. 2 and No. 3. We draw attention 
to the intersting effect discovered experimentally 
by us of fall in the electrical resistance in speci- 
mens severely deformed by drawing. This is clear 
from Table 2. 

TABLE 2. 





R. 10° © after 

No. of R.10°Q in| relief of residual 
deformed stresses 

specimens (annealing for 


3 hr at 900°) 


specimens 





2689 2961 
2692 2965 
1951 2186 
1955 2190 














The fall in the electrical resistance, as can be 
seen from Table 2, reaches 12 per cent for alloy 
No. 3 and 10 per cent for alloy No. 1. It should 
also be pointed out that the maximum R on the 
curves in Fig. 1 corresponds to a temperature 
of 500-510°, and the minimum to 860- 870°. 

The effect of lengthy annealing at 500° on the 
electrical resistance of alloy No. 3 is illustrated 
by the curves in Fig. 2. 

Here curves 1 and 2 correspond to the case of 
heating and cooling at a speed of 4°C /min for a 


specimen that has not been annealed; curve 3 
corresponds to heating of a specimen from room 


temperature to 1130° after holding for 164 hr at 
500°; curve 4 corresponds to subsequent cooling. 
Considerable increase in R is seen for the tem- 
perature region 20-500° in an annealed specimen. 
also the maximum of curve 3 for an annealed 
specimen moves to the lower-teinperature side 
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in relation to the maximum of curve 2 for a speci- 
men that has not been annealed. The minimum on 
the curves of electrical resistance-temperature 
for alloy No. 3 occurs at a temperature of 990- 
1030°. 

Thus it can be seen that addition of about 7 wt. 
% Mo to an alloy of the Ni,Cr type leads to the 
minimum of R on the curve moving 150-170° to the 
higher temperature side, while the maximum on the 
curve does not change noticeably. 

For alloys No. 1 and No. 2 arise is also seen 
in R for the temperature region 20-500°C in speci- 
mens annealed at 500°, and the maximum on the 
R curves to the lower-temperature side. 

The effect of lengthy annealing at 1200° on the 
electrical resistance of alloy No. 1 is shown in 
Fig. 3. Curve 1 corresponds to the original un- 
annealed state; curve 2 to annealing for 170 hr 
at 1200°; curve 3 to annealing for 300 hr at 
12009 
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As can be seen from the Fig. 3, annealing for 
300 hr at 1200° leads to a fall of about 2 per cent 
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in the electrical resistance of alloy No. 1 over 
the whole temperature region (20-1100°). 

A similar effect of fall in the electrical resis- 
tance as a result of lengthy annealing at 1200° is 
found also in alloy No. 3. This can be seen from 
Fig. 4, in which curve 1 relates to alloy annealed 
at 1200° for 150 hr. 
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It would be best if it were possible to study the 
effect of lengthy annealing at 1200° on the elec- 
trical resistance of alloy on one and the same 
specimen. This is not so, however, in the case 
being considered, since specimens in the prepared 
form cannot be annealed for long periods at 1200° 
owing to their small diameter (0.5 mm). To elimi- 
nate these difficulties we resorted to the follow- 
ing method. 

Alloy No. 1 was annealed at 1200° for 300 hr 
in the form of disks 35 mm in diameter and 15 mm 
long. After annealing, the top layer of the disks 
was removed to a depth of 1.5 mm. From the an- 
nealed disks, by hammering and drawing, three 
identical specimens were prepared 786 mm in 
length and 0.5 mm in diameter. Three such speci- 
mens were also made from disks of alloy No. 1 
that had not been annealed. The 6 specimens 
prepared in this way were then placed in vacuo 
and annealed at 950° for 3 hr to relieve the resi- 
dual stresses. After annealing, the specimens 
were taken out and the electrical resistance of 
each specimen was measured separately at room 
temperature. 

The results of these measurements are given in 
Table 3. 

The weights of the specimens prepared from 
unannealed alloy also did not differ from each 
other by more than 1.5 mg. 

On the basis of the close similarity between 
the electrical resistances and weights of each 
set of three specimens, it can be supposed that 


TABLE 3. 





Alloy No. 1 


Alloy No. 1 
(annealed for 300 hr at 1200°) 


(not annealed) 





No. of No. of Weight of 


specimens| R. 10° Q) |specimens| R. 10° Q)| specimen (mg) 





1317.5 
1316.5 
1317.2 


1 4281 1 4215 
2 4285 2 4213 
3 4280 3 4210 

















the geometrical dimensions of all 6 specimens 
were identical, since they were all 786-mm long 
and were drawn through the same calibrated open- 
ing. After such treatment the electrical resistance 
of specimens of annealed and unannealed alloys 
can be compared. 

In drawing the curves in Fig. 3 the resistance 
of a specimen of unannealed alloy at room tem- 
perature Ro = 4282. 10°) was taken ag the basic 
value. The ordinate axis represents the value 
(Rr i Ro)/Ro per cent, where Rr is the resis- 
tance of the specimen at the temperature men- 
tioned. A similar procedure for making specimens 
was also used for alloy No. 3. 

The fact that in the process of lengthy anneal- 
ing at temperatures of the order of 450-500° a con- 
siderable rise in the electrical resitance of an- 
nealed alloys takes place compared with unan- 
nealed alloys gives grounds for supposing that 
unannealed alloys are in a condition of non- 
equilibrium. Ilowever, on studying the transforma- 
tions in alloys, the alloys must be in an equili- 
brium condition. Therefore, on measuring the 
quantity R of alloys in relation to temperature 
the specimen has to be held at the given measure- 
ment temperature until the resistance becomes 
constant. This makes it necessary to measure R 
during isothermal annealing. 

For alloy No. 1 isothermal annealing with simul- 
taneous measurement of R was carried out at the 
following temperatures: 546, 520, 494, 469 and 
443°C. The results of the measurements are re- 
presented in kinetic curves in Fig. 5. 

In the original condition before each measure- 
ment (for a given temperature) the specimen was 
water quenched from 950° and its resistance at 
room temperature in this condition was taken as 
the initial Rp. The ordinate axis represents the 
value Rr/Ro per cent, where Rp is the resistance 
of the specimen on isothermal annealing at a given 
moment of time. The abscissa axis represents the 
value log 7, where 7 is the time of measurement in 
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minutes after the start of isothermal annealing. 

Similar kinetic curves were also obtained for 
alloy No. 3. 

It follows from observation of the curves in Fig. 
5 that in the course of isothermal annealing at a 
given temperature there is a rise in the electrical 
resistance towards the constant equilibrium value. 
The speed at which the equilibrium values of R 
are reached depends very greatly on the tempera- 


log 7 (min) 


ture. 

To reach equilibrium at 443° takes 1300-1400 
min, at 469° 330 min, at 494° about 80 min and 
at 520° 25 min. At higher temperatures equili- 
brium is reached even more quickly, as is illus- 
trated by the kinetic curve for 546°. 

It should be noted that in the measurements 
made to draw the curves in Fig. 5 the same speci- 
men was used. 

The data of the measurement of R on isothermal 
annealing with simultaneous measurement of the 
resistance were then used in drawing equilibrium 
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curves of the specific resistance of alloys No. 1 
and No. 3. These curves are shown in Fig. 6. 
Unfortunately, owing to the very great increase 
in the length of time taken to reach equilibrium 
with decreasing temperature, it was not possible 
to continue the curves of resistance equilibrium 
values to lower temperatures. 

According to the data in the curves in Fig. 5 
we calculated the activation energy of the rise 
in electrical resistance at temperatures of the 
order of 450-550°. It was found to be U = 60 kcal/g 
mole for alloy No. 1 and U = 46 kcal/g mole for 
alloy No. 3. 


CONCLUSION 


1. In the paper an experimental study is made of 
certain points concerning the electrical resistance 
of these alloys of the nickel-chromium system. It 
is shown that the position of the maximum on 
curves showing the electrical resistance in rela- 
tion to temperature is not constant and may be dis- 
placed to the lower-temperature side as the result 
of lengthy annealing of alloys at temperatures of 
the order of 500°. This is apparently due to the 
fact that after preparation the alloys are not in a 
condition of equilibrium. 

2. Experiments have revealed an effect of a con- 
siderable decrease in the electrical resistance of 
the alloys as a result of their severe deformation 
by drawing. The magnitude of the effect reaches 
10-12 per cent. Further investigations are neces- 
sary to explain this phenomenon. 

3. Points were studied concerning the kinetics 
of the process characterized by rise in the elec- 
trical resistance of alloys No. 1 and No. 3 on 
isothermal annealing in the region of 500°. From 
the kinetic curves obtained is calculated the acti- 
vation energy for this process. It was found to be 
U = 43 kcal/g mole for alloy No. 3 and U=60 
keal/g mole alloy No. 1, which agrees satisfac- 
torily with data published in [3]. 

4. The effect was studied of lengthy annealing 
at 1200° on the electrical resistance of alloys 
No. 1 and No. 3. It is shown that lengthy anneal- 
ing of alloys of the Ni,Cr type at this temperature 
leads to a noticeable decrease in their resistance. 


Further investigations are necessary to explain 
this phenomenon. 

5. Equilibrium curves are obtained of the c! ange 
in electrical resistance with temperature for al- 
loys No. 3 and No. 1. The data obtained do not 
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make it possible to establish the critical order- 
ing temperature at 544°, as had been discussed 


in the literature (1). 2. I.I. Kornilov and R.C. Mints, Dokl. Akad. Nauk 
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LAWS GOVERNING COMPACTING AND SINTERING OF 
COPPER-BASE METAL-CERAMIC MIXTURES 


T.N. ZNATOKOVA and V.I. LIKHTMAN* 
(Received 5 May 1956) 


In metal-ceramic systems where there is interaction between the components, the mechanism 
by which the structure is formed during sintering depends on the degree of dispersion of the 
original powder materials, A study of this mechanism is essential] for controlling the proper- 
ties of sintered parts, improving their q uality and explaining the changes in properties that 


often occur in service. 


One of the metal-ceramic systems where there is interaction between the components and in 
which the mechanism of the structural transformations is not explained sufficiently is the sys- 
tem copper-tin - graphite. This system is of practical! interest, since it is widely used in the 
electrical and mechanical] engineering industries as a brush and antifriction material. 


Existing theories relating td the mechanism of structural] transformations in the system are 
contradictory and it is not possible from present experimental data to solve this q uestion 


categorically it; 2]. 


The present work describes investigations that we made into the laws governing compacting 
and sintering of copper-graphite, copper-tin and copper-tin-graphite powder mixtures. 


LAWS GOVERNING COMPACTING AND SINTERING 
OF COPPER-GRAPHITE MIXTURES 


For the investigation were selected electroly- 
tic copper powder, dry granular weight 1.61—1.68 
g/cm* and natural Taiginsk graphite of two frac- 


tions, particles coarser than the copper particles 
(“Coarse” graphite) with a weight when dry of 
0.41 g/cm’, and particles finer than the copper 
particles (“fine” graphite) with a weight when dry 
of 0.34 g/cm? The copper and graphite powders 
were carefully mixed dry and cylindrical speci 
mens | cm high of section ]cm? were prepared in 


a hydraulic press. The porosity, strength and 
electrical resistance of the compacts were deter- 
mined. The porosity was determined by calcula- 
tion, from the size and weight of the compacts; 
the strength was determined by compression to 
rupture. 

The electrical resistance was determined under 
pressure according to the method developed by 
Likhtman and Nazarov [3]. 

The compacts were sintered in graphite powder, 
after which were determined the linear shrinkage 
according to height and diameter, the compressive 
strength and the microstructure. 

iiere special attention was paid to explaining 


the laws governing compacting, since graphite 





* Fiz. metal. metalloved. 4, No.3, 511—518, 1957 
[Reprint Order No. POM 83]. 


does not react with copper on sintering. 

The porosity of copper-graphite compacts as a 
function of the compacting pressure is illustrated 
in Fig. 1, a- 6. The presence of graphite in the 
furnace charge considerably reduces the coeffi- 
cient of friction of the powder on the walls of the 
mould and gives close packing of the mixture 
without any very great deformation of the copper 
particles even on using relatively high pressures. 
Thus for the system copper-graphite the following 
very simple differential law can be postulated for 
the fall in porosity with rise in pressure: dll = &ll 
dP, where IJ is the relative porosity and P is the 
pressure. From this we get an exponential low 
for the compactibility, that may be expressed by 
the equation log [I = log II,- &P, where Il, is the 
porosity corresponding to P = 0, i.e. the porosity 
of a freely poured mixture of copper and graphite 
powder. Such a law was first obtained by . 
Konopicky [4] and proved experimentally on iron 
and iron-graphite powders. 

The results given in Fig.1 show that this law 
is also valid for copper-graphite mixtures over 
quite a wide interval of compacting pressures, the 
coefficient k remaining practically constant for 
the mix compositions investigated, with from 5 
to 40 wt.% of graphite. Assuming that k = 1.34. 
10 kg/cm?, the error in calculating the porosity 
according to the equation 


log Il = log il, - 1.34. 10-*P 
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FIG.1 a, b. Porosity of copper-graphite compacts 

in relation to pressure; 1—2% C, 98% Cn; 2—5% C, 

95% Cu; 3—-10% C, 90% Cu; 4—15% C, 85% Cu; 
5—25% C, 75% Cu. 


does not exceed 5 per cent (P measured in kg/cm’). 
This law was proved to be valid not only for the 

small specimens of section 1 cm? mentioned above, 

but also for specimens of section 7 cm? and also 


mixtures with graphite of various degrees of dis- 


persion. 

The strength of the copper-graphite compacts at 
different compacting pressures is represented by 
the data in Table 1. 

The strength of copper-graphite compacts varies 
considerably with the degree of dispersion of the 
graphite. In Fig.2 are given the strengths of com- 
pacts for the system 5 per cent C - 95 per cent Cu 


in relation to the compacting pressure for different 
degrees of dispersion of the graphite. From this 
it follows that on compacting copper-graphite mix- 
tures the strength of the compacts is determined, 
not by the absolute dimensions of the graphite 
and copper particles, but by the ratio of their dim- 
ensions. Bal’shin [5] was the first to show that 
the reduced strength of compacts with coarse 
graphite is due to the graphite particles covering 
the copper particles separating them, whereas the 
fine graphite particles (finer than the copper par- 
ticles) fill up the spaces between them and do not 
have this “harmful” influence on the strength. 


TABLE 1. 





Composition of C-5 
mixture (%) Cu-95 








C-10 5-2! C-30 
Cu-90 


Cu-70 














Compacting pressure 


(kg/cm?) 


Ruvture stress on compression ((kg/cm*) 
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FIG.2. Compressive strength of copper-graphite 
compacts; 1- fine graphite, 2- 50 per cent mixture 
of fine and coarse graphite, 3- coarse graphite. 


For copper compacts the electrical conductivity 
has been found to be directly proportional to the 
compacting pressure [3, 11]. The same relation- 
ship has been found for graphite [6]. From the 
graphs in Fig.3 a, 6 showing the electrical con- 
ductivity of copper-graphite mixtures as a function 
of the compacting pressure, it will be seen that 
for the system mentioned in the region of compac- 
ting pressures 500 < P < 3000 kg/cm?,+ is direc- 
tly proportional to P according to the eq uation 


b 


> 


valid for the mixtures investigated with contents 
of from 2 to 25 per cent graphite. 

The electrical resistance of mixtures of copper- 
graphite powders at low compacting pressures is 
determined mainly by the resistance of the areas 
of contact between the homogeneous and hetero- 
geneous particles. Here a vital part is played by 
oxide films on the copper particles creating a 
transitional resistance between these particles, 
and also between the copper and graphite 
particles. Thus it is the degree of oxidation of 
the copper powder that determines the nature of 
the relationship of the electrical resistance of the 
mixture, as can be seen from our results shown in 
Fig.4 (compacting pressure 100 kg/cm?) . 

The resistance of mixtures containing freshly 
deoxidized copper powder rises continuously with 
increase in the graphite content up to 100 per 
cent. Quite a different picture is seen for oxi- 
dized copper powders. With a low (0.3 and 0.5 
per cent) oxygen content the oxide films are weak 
and on pressure being applied they partly break 
at the points of contact between the copper 
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particles; the resistance of such copper powder 
without graphite is thus relatively low (although 
the resistance of copper powder containing 0.5 
per cent oxygen at the compacting pressure men- 
tioned is 2 to 3 times that of pure graphite powder). 
On the addition of graphite,areas of contact appear 
between the copper and graphite particles, whose 
resistance on the whole is determined by that of 
the oxide films that do not break here owing to the 
low hardness and the high plasticity of the graph- 
ite. With incfeasing graphite content the number 
of such contacts rises sharply and the resistance 
of the mixture increases accordingly. In addition 
the number of contacts increases between graph- 
ite particles, where the resistance is considerably 
lower than in contacts between oxide film and 
graphite. The existence of these two factors, 
acting in opposite directions, leads to the appear- 
ance of a maximum on the diagram “resistance- 
mixture composition”, that approaches nearer to 
the copper side of the diagram the greater the 
degree of oxidation of the powders. 

Where there is a high oxygen content (0.8 per 
cent) the oxide films are sufficiently strong and 
do not break at the areas of contact under a pres- 
sure of 100 kg/cm?; thus the resistance of the 
copper powder is very high, 9 times that of freshly 
deoxidized copper powder. Addition of graphite 
to such powder continuously lowers its resistance 
owing to areas of contact forming between the 
graphite particles. 

From 40—50 wt.% of graphite upwards the elec- 
trical resistance of copper-graphite mixture is 
determined entirely by the areas of contact bet- 
ween graphite particles (the copper particles are 
separated and their contribution to the electrical 
resistance of the mixture can be ignored) and on 
further rise in the graphite content the curves for 
all four grades of copper practically unite. 

In electrical brush manufacture, during the pro- 
cess of hot pressing at relatively low temperatures 
the deoxidizing processes characterizing high- 
temperature sintering do not occur and thus the 
properties of such a mixture, depending on the 
original state of the powders, undergo only minor 
changes. From this it is clear that the specific 
electrical conductivity, which is one of the criti- 
cal parameters of electrical brushes, can be con- 
trolled by selecting one or other graphite content 
mixed with metal powder of a given degree of 


oxidation. 
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FIG.3 a, b. Electrical resistance of copper-graph- 

ite mixtures under pressure: }—2% C, 98% Cu; 

2—-10% C, 90% Cu; 3-15% C, 85% Cu; 4—25% C, 
75% Cu. 


























FIG.4. Electrical resistance of copper-graphite 
mixtures in relation to composition: 1- freshly 





deoxidized copper powder, 2- with oxygen content 
of 0.3%, 3- with oxygen content of 0.5%, 4- with 
oxygen content of 0.8%. 
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STRUCTURAL TRANSFORMATIONS ON SINTERING 
COPPER-TIN MIXTURES 


The original materials used were copper powder, 
dry granular weight 1.62—1.68 g/cm? and tin pow- 
der, obtained by sputtering, dry granular weight 
3.95 g/cm*. From these powders by dry mixing a 
mixture was obtained by composition 90 per cent 
copper and 10 per cent tin. The specimens 
(cylinders 1 cm high, section 1 cm?, compacted at 
a pressure of 3,000 kg/cm?) were sintered in a 
graphite charge in the temperature interval from 
100 to 850°, after which a microscopic investiga- 
tion was made and the microhardness was deter- 
mined on a PMZ instrument under a load of 5 g. 

uring sintering of a copper-tin mixture the 
constituents diffuse into each other leading to the 
formation of intermetallic compounds and, in the 
long run, to the formation of a homogeneous solid 
solution of tin and copper (at a content not ex- 
ceeding 14 per cent). 

From preliminary tests on model specimens it 
was found that in the temperature region 200—235° 
copper diffuses into tin forming new phases on 
the copper-tin boundary and within the volume of 
the tin. In these tests the surface of a copper 
membrane was cleaned carefully and coated with 
a layer of tin up to 1 mm thick by electrolytic pre- 


cipitation. These specimens were annealed in a 
reducing atmosphere at different temperatures and 
holding for different times at a given temperature. 
At temperatures below the melting point of tin a 
transitional diffusion layer is found, consisting 
of two phases: ¢€ -phase bordering upon the 
copper and n -phase bordering upon the tin. Such 


a layer can be seen in Fiig.5a. 

The structure of the transitional layer formed 
at the melting point of tin (232°) is shown in 
Fig.5b. Here the transitional layer on the tin 
side has an uneven edge, with stretched and often 
torn crystals of 7 -phase. 

An investigation made on compacts in the same 
temperature region (200—235°) showed that even 
here on the boundary between the copper and tin 
particles processes develop that are exactly simi- 
lar to those observed on the models. At 200° 
after only 4 hr around the periphery of the tin par- 
ticles there forms a thin white layer of n -phase 
richest in tin. 

At the melting point of tin such a layer is found 
after only a few minutes, and after holding for 30 


min at this temperature in the areas where there 
was formerly tingthere form continuous areas of 
brilliant white 7 -phase, on the periphery of which 
is seen a thin gray layer of ¢ -phase. After 2 hr 
the structure is more sharply defined (Fig.6a). 
These new phases differ from tin not only in their 
colour but in their microhardness. The micro- 
hardness of the white phase is 460-610 kg/mm?, 
that of the gray phase 179-285 kg/mm?, whereas 
that of tin is 16-25 kg/mm’, and of copper 80— 
110 kg/mm?. Exactly the same structure is ob- 
tained at a temperature below the melting point of 
tin (200°) and on holding for 12 hr. 

Thus in compacts as well as in model binary 
specimens in the temperature region mentioned 
reaction diffusion takes place with the formation 
of solid 7 -phase; where this adjoins the copper 
there gradually forms a new phase, a compound, 
poorer in tin. This process may take place not 
only on fusion of the tin, but also while it is in 
the solid state on diffusion continuing long 
enough. 

On further rise in temperature the process 
develops in the direction of an increase in the 
volume of ¢ -phase, both through decrease in the 
volume of 7 -phase and through the surrounding 
copper (Fig.6,b). At this stage there is still no 
noticeable penetration of tin into the copper with 
the formation of solid solution; the microhardness 
of copper remains the same both far from the 
particles rich in tin and near to them and is 80— 
110 kg/mm?. 

On heating to 400° the traces of n -phase disap- 
pear from the areas rich in tin that now consist 
entirely of « -phase. After heating to 420° (Fig.6c) 
on the periphery of these areas there appears a 
thin layer of a new compound 6 -phase, still rich- 
er in copper, also white in colour like the first 
7 -phase that has now disappeared. With increas- 
ing temperature this layer extends deeper, ab- 
sorbing the « -phase. At 500° in many areas this 
process is complete and they turn entirely into 
5 -phase, the ¢ -phase remaining only in the 
largest areas (Fig.6d). 

In addition in the temperature region 400—500° 
there is extensive a -solid solution formation 
through diffusion of tin and copper, accompanied 
by breakdown of the intermetallic compounds that 
have formed. 

At 600° this process is pretty well complete, 
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solid solution forms everywhere with traces of 
crushed a -phase (or 6 + a eutectoid). Such a 
structure is shown in Fig.6e. At this stage the 
solid solution is still heterogeneous; its micro- 
hardness varies between 165 and 233 kg/mm?. At 
700° (Fig.6f) the solid solution is homogenized, 
the 6 -phase is restricted to very small areas of 
eutectoid ; at 800° (Fig.6g) a homogeneous 


a -solid solution is obtained, Hy = 213—233 
kg/mm?. 

Many writers here and abroad [5, 8—10] are of 
the firm opinion that during sintering the copper- 
tin system should be regarded as a system con- 
taining a liquid phase within quite a wide tem- 
perature interval. According to them after melting, 
the tin is drawn by capillary forces into micro- 


FIG.5. Diffusion layer on copper-tin boundary. 
x 480, a- 215° - 10 hours, b- 232° - 2 hours. 


F1G.6. Microstructure of copper-tin mixture after 
sintering. Holding at sintering temperature for 2 


hr (X 480). a - 232°, b - 300°. 
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pores between the copper particles, spreads over 
the surface of these particles and envelopes them 
in a thin film. Furthermore with increasing sinter- 
ing temperature the process of diffusion penetra- 
tion of tin into copper is intensified and leads to 
the formation of new phases and finally to the 
formation of homogeneous a -solid solution (at a 
tin content in the furnace charge of up to 14 per 
cent). 

However, as can be seen from the work carried 
out, this theory does not conform with what actual- 
ly happens. The process of sintering the copper- 
tin system cannot be considered as taking place in 
the presence of a liquid phase. Even if heating 
is sufficiently rapid for the tin to remain up to the 
melting point, then the liquid phase forming is 
immediately enveloped in a thin but rapidly thick- 
ening layer of solid a -phase, arising as a result 
of diffusion of copper in tin, and preventing the 
tin from spreading. Thus it is not possible for 
liquid phase to remain for any extensive length 
of time at temperatures above 232°, since 7 -phase 
disappears at 400°, i.e. below the melting point, 
and is replaced by the more refractory e- and 6 
- phases. The latter also break down, forming 
a -solid solution at 600°, i.e. again below the 
melting point. 

It should be pointed out that the boundary tem- 
peratures of the formation and breakdown of new 
phases in our experiments are only provisional, 
since they depend very largely on the time that 
the specimen is held at a given temperature. 

The whole process of sintering copper-tin mix- 
tures up to the formation of homogeneous solid 
solution may be considered as having four stages 
according to the composition of the phases partici- 
pating in the diffusion processes: 

(a) tin melts and the liquid phase rapidly disap- 
pears as the result of formation of 7 -phase, that 
is solid under these conditions; 

(b) « -phase appears and spreads at the boundary 
between the 7 -phase and the copper as the result 
of diffusion continuing; 

(c) € -phase disappears, 5 -phase appears and 
spreads at the boundary between the ¢ -phase and 


the copper, the solid solution is enriched with 


tin; 


(d) the 6 -phase dissociates owing to all the tin 
passing into the solid solution, and the solid solu- 
tion becomes homogeneous. 

Graphite has the same effect on compacting 
copper-tin-graphite mixtures as on compacting 
copper-graphite mixtures, i.e. it considerably in- 
creases the density and lowers the strength of com- 
pacts, as can be seen from the data in Table 2. 


TABLE 2 





Rupture stress on 
Porosity compression 


(% (kg /er? ) 


Composition of 
mixture (%) 





Sn 
10 2255 1677 





10 eet 4 1073 
10 : 13:5 564 

















On sintering,graphite only has the effect of 
mechanically retarding the diffusion processes 
through: screening the areas of contact between 
the copper and the tin. The general nature of the 
process of transition from a mixture of individual 
particles to a homogeneous alloy on sintering 
remains unchanged by the presence of graphite, 
since graphite does not interact either with copper 
or tin, but the separate stages of sintering are 


accomplished in a higher temperature region. 
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THE STRAINED CONDITION OF THE SURFACE LAYERS OF BODIES IN 
FRICTION UNDER OSCILLATING SLIDING * 


K.V. SAVITSKII and I.P. GERASKEVICH 
(Received 14 May 1956) 


A study is made of the character of the cold-working of surface layers and the temperature 
stability of strain distortions which arise during unidirectional and oscillating friction. A com- 
parison is made with the softening curves of the facing surfaces of cylindrical test-pieces after 
static reduction by 60 per cent. It is demonstrated that changing the sign of sliding leads to a 
diminution of strain hardening, but does not exert any notable influence on temperature stability 
in the field of distortions as a whole. From analysis of the curves of the intensity of diminution 
of surface friction it is established that the decreasing hardness of contacting surfaces during 
reversal of sliding direction occurs because of the unloading of part of the less stable distortions. 


In [1] it was shown that the working of metals 
by friction is accompanied by plastic deformation 
of the surface layers and by their being consider- 
ably hardened. It was established that the removal 
of strain hardening from the surface layers of 
bodies in friction proceeds in a much wider tem- 
perature range than on the facing surfaces of 
statically or dynamically compressed test-pieces. 
To explain the results obtained it has been sug- 
gested that the change of qualities of the surface 
layers of a metal in the process of friction is con- 
ditioned by the individual mechanism of plastic 
friction, in which along with the development of 
texture due to the changes in the size of grains and 
the development of oxidising processes there can 
arise qualitatively different disturbances of hemo- 
geneity of the structure of their crystal lattices, 
as compared with plastic compression or tension. 

The purpose of the present work was the study 
of the character of the cold-working of surface 
layers and the thermal stability of strain distor- 
tions which arise under conditions of oscillating 
friction. 

Study of the nature of the change in properties 
of the surface layers in metallic bodies subjected 
to oscillating sliding is of very practical interest 
since in various branches of machine-construction- 


many machine parts operate under similar conditions 


of stress patterns. Furthermore, the solution of the 
given problem, it seems to us, can be very useful 
in selecting a hardening technique suitable to the 
individual parts, and can create a clearer appre- 
ciation of other factors of production practice and 
laboratory tests. An analysis of references shows 
that in a series of cases previous deformation of 
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opposite sign sometimes leads to a decrease in 
the strain hardening in a metal during its sub- 
sequent deformation. 

The comprehensive works of Bridgman [2, 3] on 
the study of plastic flow in previously deformed 
metals, the tests of Degtiarev [4] on the measure- 
ment of energy adsorption during the compression 
of previously extended copper test-pieces, the 
tests of Vasil’ev [5] on the extending of drawn tin, 
the X-ray investigations of Iveronov and Akimov 
[6] on the distribution of stress in rails under 
operating conditions, and many other studies, 
leave no doubt that with a change in the pattern 
of the stress state there occurs the formation of 
its own field of stress distortions, a field inherent 
to the given form of deformation. Furthermore, 
stress flow during subsequent deformation common- 
ly increases with the coincidence of the directions 
of the previous and subsequent deformations and 
can significantly decrease when the directions of 
both deformations are mutually opposed. The 
mechanism of this decrease has not been suffi- 
ciently studied. Nevertheless, the most likely 
cause for the decrease of stress during the defor- 
mation of previously deformed metals seems to be 
the unloading of distortions during plastic shear 
in microscopic areas [7, 8, 9] a field of distortions 
which were already unstable in the new pattern 
of strain conditions [10, 11]. 

Proceeding from these considerations, the re- 
moval of strain distortions, associated with pre- 
vious cold-working, does not succeed in compen- 
sating for the additional distortions, which occur 
during subsequent deformation and will be accom- 
panied by a lessening of deforming stresses so 
long as such a degree of deformation is not reach- 
ed in which there is complete reconstruction of 
the field of distortions and the character of the 
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latter will correspond to the given type of defor- 
mation. Tests show [11], 4] that the lessening of 
flow stresses in previously deformed test-pieces 
depends on the degree of previous cold-working 
and the rate of subsequent deformation. The small- 
er the degree of previous deformation and the rate 
of subsequent deformation, the sooner (i.e. at 
smaller degrees of subsequent deformation) is com- 
pleted the reconstruction of the distortion field 
under conditions of a given pattem of stress con- 
ditions. 

If each type of deformation has its own proper 
field of lattice distortion, differing from all other 
individual types, it can be expected that a change 
in the character of friction must lead to the forma- 
tion of a new distortion field and, consequently, 
to a change in the stress conditions of the surface 
layers. From this it can be supposed that in os- 
cillating sliding, other parameters and conditions 
of friction being equal (rate, load, lubrication, 
properties and state of frictional bodies) strain har- 
dening of the surface layers must be less than in 
a case where the relative displacement of surface 
friction occurs in one direction. To prove the afore- 
mentioned suppositions friction tests were made in 
iron, copper, aluminium and duralumin test pieces 
under directional and oscillating sliding. Given be- 
low are data about the chemical composition of the 
test materials: 


TABLE 1. 





Iron Copper Aluminium | Duralumin 





C 0.02% 
Si Trace 


Pb 0.05% Fe 0.2% 
S 0.05% Si 0.3% 
O 0.08% C 


Cu 4.3% 
Fe 0.4% 
Si 0.5% 
Mn 0.7% 
Mg 1.5% 


Mn Trace 
S 0.02% 
P 0.05% 


u 
Bi 0.002% 70-08% 














Tests were carried out on a device employing 
the principle of reciprocating motion constructed 
by the Siberian Physico-Technical Institute. To 
act as mating surface, steel platens were used 
measuring, 25 x 70 x 300 mm with finely ground sur- 
faces, prepared from spring steel (Hg = 320 kg/mm’). 

Cylindrical specimens (d = 8mm, h = 13mm) of 
test metal after preliminary finishing and anneal- 
ing in a vacuum, were subjected to friction on the 
ends at a.sliding speed of 0.39m/min under pressure 
of 5 kg/mm? for iron pieces, 2.5 kg/mm? for alu- 
minium and duralumin and 2.8 kg/mm? for copper. 
For all cases of friction,facial lubrication by 


Vaseline grease was applied after every 200 pass- 
ages of the platens. For oscillating friction the 
same number of passages was given in such a 
manner that after each passage in a single direc- 
tion there followed a transition to reverse stress. 
Friction of the test-pieces at each passage was 
effected in a new position of the plate; this was 
achieved by a transverse movement of the platen 
relative to the test-piece by means of a hand 
operated crank. 

Measurements of the frictional force were taken 
only in the working direction of the table, using 
a spring dynamometer;no differences in the mag- 
nitudes of the frictional force were found either 
at the beginning or the end of the tests. 

The estimate of the strain hardening of the 
frictional surfaces was made according to the 
microhardness values measured on a PMT —3 
under loading of 50 g for iron and 20 g for alu- 
minium, duralumin and copper. 

The table shows the results of measuring the 
microhardness of frictional surfaces of the test- 
pieces under unidirectional and oscillating sliding. 
For comparison the values of microhardness of the 
facing surfaces of the test-pieces are also given, 
after static reduction of 60 per cent. 

It is apparent from the table that friction with an 
alternating direction of sliding actually leads to 
a decrease in the hardness of the surface layers 
of frictional bodies. Nevertheless, in spite of some 
decrease, the hardness of surfaces undergoing os- 
cillating friction still remains significantly greater 
than the hardness of the facing surfaces of test- 
pieces statically, deformed by 60 per cent reduc- 
tion. Apparently, the displacement of metal near 
the contacting surfaces in the opposite direction 
under the action of tangenial forces in the presence 
of oscillating sliding is accompanied by intra-crys- 
talline shift of opposite sign, producing and un- 
loading of part of the strain distortions. Since the 
temperature and other conditions in both cases of 
friction do not change, it can be supposed that the 
reduced cold-hardening arose as a result of quali- 
tative changes in the distortion field, i.e. at the 
expense of a reduction in the number of less stable. 
distortions which arise in the contact zone during 
its original displacement. If, moreover, along with 
quantitative changes in the distortion field a re- 
versal of sliding direction brings additional 
changes of the qualitative order, e.g. change of 
temperature stability, the latter must have an 
effect on the character of recrystallization curves, 
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TABLE 2. 





Microhardness (kg/mm? ) 





Material After After static | Unidirectional | Oscillating 


reduction Pat ai 
friction friction 


annealing Senco 





Iron . =... ae 91 182 249 209 
ae 52 109 128 119 
Aluminium. . . . 26 4] 91 79 
Duralumin. . . 62 97 159 131 
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rate of softening and the magnitude of the tempera- 
ture range of recovery. 

To solve the question of the nature of the 
changes, effected by oscillating friction in the 
strain conditions of the surface layers of metallic 
bodies by comparison with ordinary unidirectional 
friction, we made a study of the thermal stability 
of surface cold-working. To this end, test-pieces 
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contact surfaces was measured. For comparison FIG. 1. Iron. Softening curves for contact surfaces. 
observation was made of the softening of the 
facing surfaces of statically deformed test-pieces 
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of iron and duralumin. 
The curves in Fig. 1, 2 and 3 show the soften- 
ing of the surface layers of test-pieces of iron, 
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duralumin and aluminium during annealing, where 








curve. ] corresponds to unidirectional friction, 
curve 2 to oscillating friction and curve 3 to static 
reduction by 60 per cent. The curves show that 
variations in the hardness of surface layers, 
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ment, are qualitatively conserved over the whole . 2. Duralumin. Softening curves for contact surfaces. 
temperature range of annealing, including also the 





recrystallization temperature. 





Fig. 4 shows curves of hardness variation of 
copper disks rolled to various degrees of deforma- 








tion in relation to annealing temperature [12]. It is 
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apparent from this figure that with an increase in 





the degree of deformation at a rolling temperature 
during which there occurs a softening of the rolled 
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metal, the curve is displaced towards the side of 
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much lower temperature. 




















Comparing Fig. 4 with the results of our tests, 
it is not difficult to see that frictional treatment 
is associated with qualitatively different changes 
in the condition of the surface layers as compared FIG. 3. Aluminium. Softening curves for contact surfaces. 
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with other types of deformation. [t seems that one 
of the peculiarities of deformation of metal in the 
friction process, is that strain hardening of con- 
tact surfaces is controlled by cold-working not 
only of the less stable distortions, but also of the 
more stable, temperature-wise, distortions of the 
crystalline lattice. This extension of an assort- 
ment of possible distortions is associated with 
heterogeneity of deformation at various points of 
contact and therefore can vary with change in the 
parameters and conditions of friction. 

Reduction of the microhardness of surface layers 
under oscillating friction, as compared with uni- 
directional friction is affected, as already noted 
above, by the removal of part of the strain dis- 
tortions during teverse plastic shears. 

A similar phenomenon was observed in the work 
of Koniakhin whilst he was studying the pattern of 
micro-displacement in opposed directions, starting 
from bodies in contact. It was demonstrated that 
under an identical compressive load the resistance 
to micro-displacement in the opposite direction was 
always less than the displacements in the original 
direction. This affect, termed by the author the 
“Verkhovsky” effect was observed in multiple 
micro-displacement of opposite sign. If the reduc- 
tion of microhardness of surface layers with change 
in the sliding direction is conditioned by partial 
unloading of strain distortions then this must also 
be indicated in the degree of relative intensity of 
softening at various annealing temperatures. [t can 
be expected that with oscillating friction the rela- 
tive degree of recovery must be less than that 
under unidirectional friction. To pursue more ac- 
curately the variation of the relative intensity of 
softening (Figs. 1, 2 and 3) were graphically pro- 
differentiated and calculated according to the 
values of the temperature coefficients 
(1/H)AH/AT. 

Figs. 5, 6 and 7 show curves for the relation- 
ship of the temperature coefficients of recovery 
to the annealing temperature of test-pieces under 
the types of friction being studied. It is apparent 
from the Figures that curves 2, referring to oscil- 
lating friction, lie for the most part below curves 
1, referring to unidirectional friction. As was ex- 
pected, the relative intensity of softening of sur- 
face layers with variation in sliding direction, out- 
side the limits of errors of measurement, is less 
than that in the case of,ordinary friction. It is al- 
so to be noted that the temperature, corresponding 
to the maximum degree of recovery, and the width 
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FIG. 4. Variation in hardness of strengthened 
electrolytic copper during annealing 12). 


of the temperature range in both types of friction 

is practically one and the same. This shows that 
the lessening of hardness of surface layers comes 
about basically at the expense of a reduction in 
the number of strain distortions, and not at the 
expense of qualitative (in the sense of temperature) 


stability and variation. 
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FIG. 5. Iron. Relationship of the temperature 
coefficient of recovery at contact surfaces to 
annealing temperature. 

1- unidirectional friction; 
2- oscillating friction; 
3- static reduction of 60 per cent. 


The somewhat unusual behavior of the recrystal- 
lization curves for aluminium specimens, in which 
complete recovery of original properties is dis- 
placed to a zone of much higher annealing tempera- 
tures (500-600°C), was also observed in an earlier 
series of experiments [14-'15]. The horizontal 
course of the softening curves (and occasionally 
a rising) at the end of the recovery range and also 
the displacement of the final dip of the curves in 
an area of high temperature, have been explained 
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by individual authors [15] as due to the dissolving 
of impurities (in particular, silicon) at high anneal- 
ing temperatures and possible consequent ageing. 
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FIG. 6. Duralumin. (as in Fig. 5). 
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FIG. 7. Aluminium. Relationship of temperature 
coefficient of recovery at contact surfaces to 
annealing temperature: 


1-unidirectional friction; 
2- oscillating friction. 


Such an explanation is not to be doubted, more es- 
pecially since the authors substantiate their con- 
clusions not only by observations of the change 
of stable characteristics but also by changes in 
electrical resistance. If this explanation is ac- 
cepted, then the existence of inversion of the 


curves (Fig. 3) and some inadequacy of tempera- 
tures at the final dip of the curves warrents the 
supposition that variation in the character of 
friction, possibly, has an effect both on the solu- 
tion of impurities during annealing and on the pro- 
cess of subsequent ageing. 

Comparing curves 1] and 2 (Figs. 5, 6, 7) of the 
intensity of softening of test-pieces which have 
been given frictional treatment with the corres+ 
ponding curves for the case of static compression 
(curve 3), we are once again persuaded that the 
removal of strain distortions, arising during the 
frictional process, occurs in a much wider tem- 
perature range as compared with deformation in- 
duced by simple compression. As has already been 
noted we attributed the cause of this to the vari- 
able character of the strain distortions and their 
temperature stability at particular temperatures. 
If we admit the existence in a deformed metal of 
a certain mixture of distortions according to the 
degree of their thermal stability, we suggest that 
the joint effect of normal and tangential forces in 
the working of metals by friction assists the 
spread of this mixture both on the side of less 
stable and more stable distortions. The results of 
the tests expounded in our work show that change 
in the sliding direction during the friction of 
metallic bodies leads to a marked decrease of 
str ain hardening of surface layers and to a lessen- 
ing of the relative intensity of their softening. An 
analysis of the results obtained also allows the 
conclusion to be drawn that change in sliding 
direction does not lead to an additional accumu- 
lation of qualitatively different strain distortions 
of the lattice. 
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PRINCIPLES OF GROWING ZINC MONOCRYSTALS BY THE 
METHOD OF ZONE CRYSTALLIZATION * 


V.N. ROZHANSKI, N.V. DEKARFOVA and I.A. BAKEEVA 
(Received 12 July 1956) 


A study was made of laws governing the growing of monocrystals by the method of zone 
crystallization. A relationship was found between the orientation of monocrystals and the 
speed of furnace travel, which is a function of the relative speed of crystal grain growth and 


that of the furnace travel. 


Monocrystals with random orientation were produced at low speeds of furnace travel. This 
is because the growth rate of all grains in a crystal is greater than the rate of furnace travel. 


The method of growing long metallic mono- 
crystals from polycrystalline wires [1,2], as 
suggested by Likhtman and Maslennikov, finds 
wide application in scientific research labora- 
tories because of its simplicity and reliabi lity. 
A drawback of the method is that it gives mono- 
crystals with random orientation. The growing of 
a monocrystal with a given orientation, by mod- 
ified versions of the above method, is connected 
with a considerable complication of the experi- 
mental set up, which cancels the two basic ad- 
vantages of the method: its simplicity and con- 
venience. 

We were successful in determining a number 
of principles involved in the preparation of mono- 
crystals using the above method. 

Vonocrystals, with a length of up to 30 cm. 
were grown from a wire containing 99.99 per cent 
zinc, aud in other tests, from alloys of zinc with 
cadmium. The orientation and quality of the 
monocrystals prepared were determined by X-rays. 

During the growing of metallic monocrystals 
for mechanical testing, the retention of identical 
orientation of the crystallographic axes with 
respect to the specimen axis, and all the way 
down the crystal, is of extreme importance. In 
the presence of a single effective slip system, 
the constancy of mechanical properties in a uni- 
form crystal is ensured by preserving the con- 
stancy of the angle of ruclination of test specimen 
axis to the slip/plane y°, and of the angle be- 
tween the direction of slip and the axis of test 
specimen A 

It is of a considerable importance from the 


viewpoint of constancy of crystal orientation 
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that the monocrystal is rectilinear along its axis. 
During the growing of monocrystals in air, the 
oxide film cover, formed around the crystal, 
favours the preservation of basic crystal rectil- 
inearity. The oxide film, surrounding the mono- 
crystal, may affect its mechanical properties, and 
before testing, it is best to remove it from the 
surface of the crystal either by etching it away, 
or — what is much more preferable, by its re- 
duction and volatilization in silent electrical 
discharge in an atmosphere of hydrogen, 

followed by a prolonged storage of the mono- 
crystals in vacuum. 

In the process of growing long monocrystal 
wires in an atmosphere of inert gases, hydrogen 
or in ¢icuum, it is not always possible to en- 
sure thal the crystals are of the basic form 
(rectilinear and circular cross-sections). 

In the case of monocrystals grown in air, it 
is rarely that large variations are found in 
crystal orientation along the wires. 

The variations observed in the slip plane 
inclination angle to the test specimen axis, y,, 
along the test-specimen length (for length of 
about 30 cm) for zinc monocrystals, are given 
in Fig. 1. 

During mechanical testing it is often assumed 
that A, = y,, which is far from being always 
true. The relationship between angles \, and y 
can be represented in the form of a ratio based 


0 


on the elementary concepts: cos r, = COS Vy 
cos a where a— angle between the direction of 
slip and that of the projection of test-specimen 
axis on the slip plane (direction of the greatest 
slope). 

For hexagonal crystals a < 30°. The maximum 
divergence of A, from y, depends on angle y, 
and this is shown in Fig. 2, by a continuous 
line. The experimental points are distributed in 
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a more or less uniform way over the area con- 
tained between the co-ordinate and that line. 

It is clear from Fig. 2, that for y, < 45°, the dif- 
ference A, — y, is quite considerable for most 
crystals and that due allowance should be made 
for it. 

A prefential orientation of crystals is often 
observed during their growing from melts, and it 
was found to depend on the rate of monocrystal 
growth [ 3, 4]. The appearance of an analogous 
phenomenon was observed also during the grow- 
ing of monocrystals by the method under consider- 
ation. In this method, the boundary between the 
solid metal and melt is displaced down the wire 
axis at the rate of furnace travel with respect to 
the stationary wire. At higher furnace travel rates 
(v > 3 cm/min) there is no growth at all of zinc 
monocrystals; instead there is formed a coarsely 
crystalline specimen. Obviously, this can be ex- 
plained by the fact that, for all crystal faces, the 
speed of crystallization is, under such conditions, 
much lower than the speed at which the boundary 
between the melt and metal moves, and none of 
the grains formed in the process of crystal nuclei 
solidification is capable of growth along the 
whole of the wire length. 

Preferential orientation of the basic crystal 
plane parallel to the wire axis (Fig. 3) is ob- 
served during the growing of a monocrystal at 
the rate of v © 2 cm/min. 

This crystal growth pattern is well explained 
on the assumption that at the ends of the grow- 
ing monocrystal there are, at first, formed, some 
crystal nuclei with different orientations. If the 
speed of crystal growth proves to be lower than 
that of the face growing at a highest speed, 
while being greater than the speed at which the 
remaining faces are growing, then the nucleus, 
in which the face with a highest growth speed is 
arranged perpendicularly to the specimen axis, 
finds itself in a much more favourable position 
than its neighbours and grows along the length 
of the wire. In hexagonal crystals, the base plane 
has a slowest growth speed and, therefore, with 
the relatively high speed of furnace travel, there 
result preferentially monocrystals, which are 
characterized by the angle y, with a value close 
to zero. 

This viewpoint is also confirmed by the fact 
that X-ray photographs of the ends of mono- 
crystals grown at the above speeds, show, at a 
distance of about 5 mm from the wire end, the 


presence of several crystallites from which only 
one goes on growing. 

With a further reduction of the speed of furnace 
travel, the preferential orientation disappears, 
and with a speed of v < 0.8 cm/min the prob- 
ability of obtaining a monocrystal with any 
orientation is the same. .it such low speeds, the 
possibility of a full completion of the collective 
crystallization in the metal-melt boundary be- 
comes real, and as a result the polycrystalline 
inclusions in the starting end of the metal wire 
disappear and the whole of it becomes mono- 
crystalline [1]. 

In the presence of small alloying admixtures 
of cadmium, the process of monocrystal for- 
mation becomes more difficult and the rate of 
growth of its faces slows down, as it can be 
seen from the following data. The upper limit 
for the speed of furnace travel during the growing 
of zinc monocrystals containing 0.2 per cent 
cadmium was found to lie at 0.2 cm/min; The 
predominant crystal orientation at this speed 
lies close to 0°, and polycrystalline inclusions 
are formed at the wire end. As the speed of the 
furnace travel is reduced, the angle of the base 
plane inclination to the wire axis increases, and 
reaches a value of 20 — 25° at a furnace speed 
of 0.05 cm/min; the polycrystalline inclusions 
are still present in the initial end of the wire. 

If the cadmium concentration in zinc is in- 
creased to 0.5 per cent, the upper limit of fur- 
nace travel during the growing of such crystals 
was found to be v ~ 0.05 cm/min. At such speed 
the predominant orientation of monocrystals lies 
close to 0°C. On lowering the speed of furnace 
travel to 0.02 cm/min, the base plane inclination 
to the wire axis increases to 13— 18°, while 
polycrystalline inclusions are still present in the 
initial wire end. 

Thus, during the grqwing of monocrystals by 
zone crystallization method, it is necessary to 
take into consideration both the competing pro- 
cess of grain growth and the process of collective 
crystallization. At comparatively high speeds of 
furnace travel along the polycrystalline wire, 
the first of these processes, this is, the com- 


peting process of grain growth, is of a decisive 

influence as far as the formation and growth of 

the monocrystal are concerned, since the process 

of collective recrystallization cannot, under 

these conditions, be completed for kinetic reasons. 
At low speeds of furnace travel, the collective 
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FIG. 1. Variation in the inclination angle of 

plane (0001) to the zinc monocrystal specimen 

axis along the specimen length (for a test-specimen 

length of about 30 cm); n = number of test-speci- 

mens grown with a given change in the value of 
inclination angle —Ay,. 
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FIG. 2. Deviation of the value of angle A, from 

that of angle \, for test-specimens with different 

values of the angle X,° The maximum theoretical 

deviation of A, value from y,, is shown by a thick 
continuous line. 
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FIG. 3. Orientation of zinc monocrystals grown at 
furnace travel speed of 1.7 cm/min; n - number of 
monocrystals with the values of angle y, falling 
into the corresponding interval. 
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APPARATUS FOR INVESTIGATING THE MECHANICAL QUALITIES 
OF METALS UNDER HIGH HYDROSTATIC PRESSURE * 


V.A. GLADKOVSKII and M.I. OLEINIK 
(Received 2 August 1956) 


Described here is the design of a new apparatus for studying the plastic qualities of metals 
by elongation tests of specimens under hydrostatic pressure up to 10,000 kg/cm?, with auto- 


matic recording of a test-diagram. 


A very limited number of experimental works 
have been devoted to the study of the mechanical 
qualities of metals extended under conditions of 
high hydrostatic pressure, and this is connected 
with the serious difficulties which arise in the 
measurement of the various strength characteris- 
tics of metals under pressure. 

The first trials in the study of the action of 
high pressure on the mechanical qualities of 
various steels were made by P. Bridgman between 
1942- 1944, but a description of his apparatus and 
trial results were not published until 1952 [1]. 

The apparatus devised by Bridgman permitted 
the testing of specimens under pressures of up to 
30,000 kg/cm?, but unfortunately did not succeed 
in obtaining consistent hydrostatic pressure at the 
time of the trials. 

In 1949 Ratner [2] carried out extension tests 
on various non-ferrous alloys under extemal hydro- 
static pressure up to 4,000 kg/cm?, Ratner’s ap- 
paratus enabled pressure to be maintained at one 
level for the whole duration of the tests. Further- 
more, the force acting on the test-piece was applied 
not inside a chamber, as was the case with 
Bridgman, but from the outside, and this, seemingly, 
cannot but affect the accuracy of the results of ex- 
periments. 

In the types of apparatus described above, load 
was applied by degrees with the idea of making it 
possible forreadingsto be taken. Then astrain dia- 
gram was built up from experimental points. Natural- 
ly, forthe widest scope in testing the mechanical 
qualities of metals under high pressure the appara- 
tus should embody automatic recording of the dia- 
grams of extension. Such as apparatus would first 
of all reveal certain general laws of behaviour of 
metals and alloys under load in conditions of high 
hydrostatic compression: for exampie, the effect 
of the rate of deformation of test-pieces etc. 





* Fiz. metal. metalloved. 4, No.3, 531—535, 1957, 
{Reprint Order No. POM 86] 


Apparatus intended for work under high pressure 
must satisfy the following requirements: (1) guaran- 
tee the attainment of high hydrostatic pressure; (2) 
guarantee adequate accuracy in plotting curves 
with force- strain co-ordinates; (3) make it possible 
to carry out extension tests of specimens in a 
chamber not only under pressure, but for compari- 
son, under atmospheric pressure. 

The Metals Physics Institute of the Urals branch 
of the Academy of Sciences of the U.S.S.R. built 
and prepared an apparatus which permits tests to 
be made on metals under pressures of up to 10,000 
kg/mm?. The apparatus consists of a high pressure 
chamber, a small hydraulic press, a high pressure 
compressor and electrical gear. Fig. 1 shows a 
schematic drawing of the general arrangement of 
the apparatus. The high pressure chamber 6 has 
the form of a thick-walled steel cylinder with ex- 
ternal diameter of 200mm, and internal diameter of 
20mm and a length of 230mm. The test-piece 
under study 8, in diameter 5 mn, is inserted in 
the channel of the pressure chamber and con- 
nected by one end to the fixed obturator 9, and by 
the other end to the spindle 11, which must move 
freely in anaxial direction. The spindle protrudes 
outside the chamber and rests with its end against 
the piston of the hydraulic press 1. Sealing of the 
spindle is achieved by using a set of Babbit-metal 
rings, which can be tightened up as they wear. 

The pressure developed by the high-pressure 
compressor of L.F. Bereshchagin’s system is 
supplied to the chamber through the fixed obtura- 
tor, which has holes to admit liquid. The opera- 
tion of the compressor is controlled in such a 
manner that within the chamber hydrostatic pres- 
sure is kept at one level for the duration of the 
tests. As a pressure-giving medium a mixture of 
transformer oil and kerosene is used, which has 
sufficiently good dielectric qualities. 

Under the action of pressure the spindle 11 tries 
to move out of the chamber channel. However, this 
movement can take place only if the supporting 
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FIG. 1. Schematic diagram of the general arrange- 

ment of the apparatus: 

8, test piece; 

9, fixed obturator; 

10, electric leads; 

11, spindle; 

12, connecting collar; 

13, cylinder of hydraulic press. 


1, piston of hydraulic press; 
2-5, detail of the device for 
measuring displacement of 
spindle; 

6, high pressure chamber; 

7, contact resistance; 
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pressure of the hydraulic press is removed.Hence 
the straining of the test-piece is carried out by 
gradually withdrawing the supporting pressure. E:x- 
tension tests of specimens at atmospheric pressure 
are carried out in the same apparatus by means of 
an additional adaptor. 

Automatic recording of the curves of the force- 
strain co-ordinates, is achieved with an apparatus 
consisting of wire contact resistances a single- 
channel electronic amplifier, an oscillograph cir- 
cuit and other gear, assembled as in the diagram 


given in Fig. 2.* 
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FIG. 2. Electrical circuit diagram of the apparatus. 


The first channel of the circuit is designed to 
measure the deforming force applied to the test- 
piece. A measuring bridge is connected to-the 
wire resistance contacts. One of the bridge arms 
consists of a working contact, pressing against 
the surface of the spindle 11 which transmits the 
extending force to the test-piece. The elastic 
strain thus arising in the spindle is received by 
the working contacts. The strain on the contact 
produces a change in its resistance and leads to 
a small current forming on the measuring diagonal . 
Alternating current of the frequency of sound is 
fed to the input diagonal of the bridge. The elec- 
tronic amplifier has two functions: firstly, it supp- 
lies the measuring bridge with current at about 
five volts at a frequency of 5,000 c/s and second- 
ly, amplifies, detects and filters the current led 
off from the measuring diagonal of the bridge. 





* M.G. Kozhukhov took part in the arrangement and 
setting up of the electrical circuit. 


To remove the effect of pressure on the neigh- 
bouring bridge-arm a compensating contact is in- 
cluded, attached to a disk made of the same 
material as the spindle. Both contacts are placed 
within the high pressure container and are con- 
nected to the outer part of the system by tapered 
electric leads. To ensure identical temperature 
conditions the working and compensating con- 
tacts are placed in series. The remaining arms of 
the bridge circuit were designed with constant re- 
sistances each of which is equal to the value of 
the nominal resistance of the contact. 

Calibration of the contacts is done at atmos- 
pheric pressure according to the compressive 
force measured by a control dynamometer. 

The second channel of the system is designed 
to measure the deformation of the test-piece, the 
degree of deformation of a test-piece was measured 
by the deflection of a small beam closely connect- 
ed to the lower end of the moving spindle. To con- 
vert the mechanical deformation of the beam to 
electrical oscillation a special measuring bridge 
is used, also connected to the wire resistance con- 
tacts. The contacts (working and compensating) 
are attached to the horizontal surface of the beam. 
Calibration of the beam with its contacts is done 
by indicator readings with an accuracy of 0.01mm. 

The third channel of the system is used to 
measure the variation in hydrostatic pressure in 
the chamber by means of a manganin pressure 
gauge. Further, fluid pressure within the chamber 
is additionally tested by the readings from a mano- 
meter for super-high pressure, rated for pressures 
up to 16,000 kg/cm’. 


1, stress; 


2, pressure; 


3, deformation. 


FIG. 3. Oscillogram obtained during the deforma- 
tion of hardened beryllium bronze under a pressure 
of 3000 kg/cm’; 


From the oscillograms values are determined 
for force, strain, pressure and the nature of their 
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variation from time to time, also the construction 
of general curves for the extension of the test 
pieces, with stress-strain co-ordinates. A typical 


60 


p =3000 atm 
WA 











Ss 





ra 


al 





Stress 0 (kg/mm?) 


S 




















J 10 1 20 
Relative elongation e (%) 


FIG. 4. Relationship of stress to deformation 

during tension in a test-piece of hardened 

beryllium bronze under all-round hydrostatic 
pressure. 


oscillogram, taken during 20 per cent extension of 
hardened beryllium bronze under a pressure of 
3000 kg/cm? is given in Fig. 3. From the results 
of the tests the first part of the curve for the ex- 
tension of beryllium bronze, hardened at 800°C in 
water, has been constructed (Fig. 4). As is evi- 
dent from the diagram, hydrostatic pressure 
markedly increases the limits of flow. Neverthe- 
less, the growth of stress with an increase of 
strain at a pressure of 3000 kg/cm? proceeds 
notably more slowly than at atmospheric pressure. 
We express our thanks to Professor 
L.F. Bereshchagin for his valuable advice. 
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INFLUENCE OF THE MUTUAL ORIENTATION OF CRYSTALLITES 
ON THE PHENOMENA OCCURRING IN THE GRAIN BOUNDARIES* 
1. Investigation of the influence of the orientation of neighbouring 
crystallites on the intercrystallite diffusion, 


A.A. PEN’TINA 
(Received 18 February 1957) 


[he problem of the disorientation of grains 
affecting the properties of solids has received a 
lot of attention within the last decade. This 
includes the influence of the grain disorientation 
on the energy of the transition zones, mechanical 
properties, diffusion in polycrystalline solids, 
adsorption, corrosion and a number of other pro- 
perties of polycrystals and the phenomena occurr- 
ing in them. Also, the solution of the problem of 
structure of the zones linking crystallites should 
be considered. 

Our laboratory has started a systematic study 
of the phenomena which occur in the intercrystal- 
lite transition zones (on crystallite boundaries) 
at predetermined orientations of the neighbouring 
crystallites. 

In the present paper methods are described 
which are necessary in the study of the influence 
of disorientation of adjacent crystallites on the 


intercrystallite diffusion. 


GROWING OF LARGE GRAINS 


Large crystal specimens, 2 mm. in diameter or 
more, are required for this study because it is 
necessary to determine crystallographic orienta- 
tion of each grain individually. 

Generally, the difference in orientation of 
neighbouring crystalline grains is determined by 
three degrees of freedom. This is very inconven- 
ient in the study of the intercrystallite joints 
because it makes very complex the comparison of 
individual results and their general treatment. 
Therefore, the large crystal specimens studied 
should have some axial or limited tecture in order 
to decrease the number of possible orientational 
variations. 

Simple comparisons can be obtained by using 


Chalmers [1] method of controlled solidification 
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in growing of large crystals, by which it is pos- 
sible to obtain bi- and tri-crystals with general 
crystallographic orientation parallel to the direc- 
tion of growth. 

It is possible to use a still simpler method. In 
our study large crystals were obtained by recrys- 
tallization of rolled plate, thus making sure that 
the resulting large crystals had recrystallization 
texture determined by the rolled texture. The 
plane (101) was parallel to the plane of rolling (or 
to the surface plane of the plate) in all grains of 
the specimen. 

In metals which contain even small amounts of 
contaminations (much smaller than their limiting 
solubility) the recrystallization is often severely 
slowed down making difficult the growing of large 
grains by the method of critical deformation fol- 
lowed by annealing. The alloy Cu + 0.25 per cent 
Sb studied by us can serve as a typical example. 

Pure copper (not containing antimony) could 
easily be recrystallized after only 5 per cent de- 
formation by rolling, with formation of large grains 
during annealing at 850°C. This is not possible 
in the case of the Cu-Sb alloy. 

The specimens were subjected to various rela- 
tive deformations (0.3 to 99 per cent) and various 


annealing temperatures and times were tried. 
However, sufficiently large grains could not be 
obtained in spite of such variations in the experi- 


mental conditions. 

This fact can be explained as follows. Arkharov 
and his collaborators [2, 3] have established that 
antimony is horophilic towards copper. In our 
case, antimony enriches the boundary of the grow- 
ing grain during annealing owing to its adsorption 
ability. This results in the decrease of the 
“surface energy” on the grain boundaries (or more 
strictly of the excess energy of the inter-crystal- 
lite transition zones) and as the movement of 
boundaries during recrystallization depends on the 
excess energy it is obvious that the presence of 
a horophilic element in the alloy will weaken the 





Influence of the mutual orientations of crystallites 123 


tendency to recrystallization. 

This difficulty in growing of large grains in the 
Cu-Sb alloy was overcome by the following heat 
treatment. The alloy Cu + 0.25 per cent Sb was 
subjected to 80-90 per cent deformation by rolling 
and was then heated from the room temperature to 
1,000°C at a sufficiently high rate (200°C min) 
and annealed at that temperature. This heat treat- 
ment was based on the assumption that in such a 
short time antimony will not be able to diffuse to 
the grain boundaries in sufficient quantity to res- 
trict the movement of boundaries during grain 
growth. This assumption was confirmed experi- 
mentally and grains 4—10 mm in diameter were ob 
tained in this way. 


DETERMINATION OF GRAIN ORIENTATION AND A 
METALLOGRAPHIC METHOD TO STUDY DIFFUSION 


a. Determination of the grain orientation by an 
X-ray method. Several methods can be used 
to determine the preferential orientation of grains 
of a polycrystalline aggregate. The most effec- 
tive are X-ray methods described in detail in [4]. 
In this work the Laue method of inverted expos- 
ure was used with construction of standard polar 

diagrams [5, 6]. It is more simple than other 
methods and providing the habit is known it is 
possible to determine the preferential orientation 
of grains sufficiently quickly. 

The difference in orientation between the 
neighbouring crystallites was determined by 
measuring the angle between the analogous crys- 
tallographic directions in them. To facilitate and 
speed up the calculations Sachs grids were used 
recalculated for the distance between the speci- 
men and the film. Even greater speeding up was 
possible by constructing the Greninger diagram 
and taking into account the diameter of the camera 


used (distance between the specimen and the film). 


b. Study of the diffusion zones by a metallograph- 
ic method. This method is used to detect both 
the intra- and the intercrystallite diffusion. We 
were interested especially in the diffusion bet- 
ween the grains of different orientation determined 
by the above X-ray method. By taking off a layer 
(5y) of material from the surface opposite to the 
surface on which a layer of the diffusing metal 
has been deposited and by preparing polished 
specimens by the method described in [7] it was 
possible to determine the depth of penetration of 


the diffusing substance by etching. It was essen- 
tial to choose an etching agent which would etch 
differently (with a sufficient contrast) the chief 
component and the solid solution formed as a 
result of diffusion. [In our case an etching agent 
of the following composition was chosen: 15 g 
ammonium persulphate, 6 cm? ammonium hydroxide 
and 79 cm? water. 

This agent brings out in full relief the grains 
of the specimen preserving the yellow colour of 
the Cu + 0.25 per cent Sb alloy and imparting a 
light brown colour to the solid solution formed as 
a result of diffusion of silver into the alloy. This 
fact enabled us to determine with the accuracy + 
5p. the depth of Ag penetration in the intercrystal- 
lite zones (and in the grain itself). By determin- 
ing this depth for various grain orientations it is 
possible to find the relationship between the grain 
disorientation and the intercrystallite diffusion. 


METHOD OF CARRYING OUT DIFFUSION OF A 
SUBSTANCE FROM OUTSIDE 


In order to study the relationship between the 
grain disorientation and the intercrystallite diffu- 
sion, the diffusion of one metal into another (or 
into an alloy) was obtained as follows: 

1. The simplest method consisted of putting 
together alternatively thin plates of the metal or 
alloy in which the diffusion was studied (e.g. 
Cu-Sb) and the diffusing substance (e.g. Ag). 
Thus, a number of layers was formed. In our case 
the first layer consisted of silver plate (0.2—0.5 
mm. thick) the second of rolled and recrystallized 
plate of the Cu-Sb alloy (2—4 mm. thick), the 
third one of silver plate again, and so on. These 
plates were gripped between iron clamps and 
subjected to a diffusional annealing in an inert 
atmosphere or in vacuum (10° mm Hg). Owing to 
the complete immiscibility of silver and iron no 
diffusion of iron into silver took place even during 
a prolonged annealing, which in turn excluded the 
possibility of iron diffusion into the Cu-Sb alloy. 
After the annealing the plates were taken out from 
clamps. The small deformation caused by com- 
pression in clamps did not spoil the grains grown 
previously by the method déscribed above and did 
not alter the texture, the shape or the size of the 
grain during the diffusional annealing. Obviously, 
this deformation was much smaller than the critic- 


al deformation which causes recrystallization. 
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2. A second method was also used. [n order to 
obtain best possible contact between the layers, 
the Cu-Sb plates were covered with silver electro- 
lytically or by condensing silver vapours in vacu- 
um. The electrolytic deposition give better 
results than the vacuum method because, firstly, 
better adhesion was obtained electrolytically and 
secondly, because it was easier in this way to 
get solid, uniform and finely crystalline deposits 
of greater thickness. 

The electrolytic deposition of silver on Cu-Sb 
plates was carried out in the bath of the following 
composition: 


AgCl 39 g/l. 
K,CO, 38 g/l. 


The current density was 0.3 A/100 cm? and the 
bath temperature 20°C. High purity silver was 
used as anode. 

A number of experiments were carried out in the 
bath of the following composition [8]. 


AgCl 40 g/l. 
K.Fe(CH).3H,0 200 g/l. 
K,CO, 20 g/l. 
1.2 A/100 cm? 


Current density 


Bath temperature 70°C 


STUDY OF THE INTERCRYSTALLITE DIFFUSION 
OF THE COMPONENT-INDICATOR INTO AN 
ALLOY CONTAINING A HOROPHILIC ADDITION 


As a result of the diffusional annealing the com- 
ponent indicator diffused into the alloy containing 
a horophilic addition (which tended to accelerate 
the diffusion), and formed a diffusion zone with an 
uneven front. Besides the solid, more or less uni- 
form zone passing through the bulk of grains, 
several protruding areas along the intercrystallite 
transition zones were observed, which did not ex- 
tend uniformly along the various joints owing to 
different grain orientation. 

Diffusion of the component indicator into the 
alloy was estimated from the depth of its penetra- 
tion in the grains and in the joints between the 
grains. Diffusion of the indicator into the pure 


solvent component was estimated similarly. 
The penetration was determined in the following 
way. 


A layer of material was taken off from the sur- 
face of the specimen after annealing by polishing 
with fine emery paper. The plane of the taken-off 
layer was perpendicular to the direction of diffu- 
sion, and its thickness was 5y. After removal of 
each layer the surface of the specimen was pol- 
ished and etched. 

On the initial surface of the specimen there 
remained after annealing a solid layer of the dif- 
fusing element. After repeated polishing a layer 
of uniform diffusion of the component indicator 
into the alloy or pure dissolving metal was expos- 
ed without any difference between the body of the 
grains and the intercrystallite transition zones. 

After removal of several layers the zone of uni- 
form diffusion ended but the intercrystallite diffu- 
sion continued. The depth at which the uniform 
diffusion ended was taken as the depth of pene- 
tration of the diffusing element in the grains. It 
was characteristic of the bulk diffusion in grains. 

When more successive layers were taken off 
gaps began to appear in areas corresponding to 
the centre parts of grains, and the areas in which 
the diffusion continued, begun to form a network 
of wide bands along the grain boundaries. At 
first (at smaller distances from the initial surface) 
this network was continuous and visible on all 
grain boundaries. After fusther layers were taken 
off the width of these bands started to decrease 
and on some boundaries (intercrystallite joints) 
the bands disappeared altogether, i.e. the diffusion 
ceased to be visible. 

The distance between the layers in which the 
intercrystallite diffusion started and ended was 
defined as the penetration depth of the indicator 
along each concrete boundary. This penetration 
depth was characteristic of the intercrystallite 
diffusion and was determined twice for each boun- 
dary because further removal of layers exposed at 
first zones not affected by diffusion and then 
zones of diffusion along the same boundaries from 
the other side of the plate. Here, the order of the 
penetration zones was reverse when compared 
with the initial order of observations. 

It was found experimentally that the penetration 
depths measured from each surface were the same 
both for each individual boundary and also for the 
grain (the penetration depth of diffusion inside 
the grains was the same for all grains independen- 
tly of their orientation). 





Influence of the mutual orientation of crystallites 


The methods described here can be used not 
only in the study of the influence of crystallite 
orientation on the intercrystallite diffusion, but 
also in other studies. 


In conclusion [ should like to express my deep 


gratitude to professor Arkharov for his constant 
help during this work. 
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LETTERS TO THE EDITOR 


EQUILIBRIUM CONDITIONS IN A SHORT CHAIN OF ATOMS* 


A.N. ORLOV, Yu. M. PLISHKIN and I.M. SHEPELEVA 
(Received 5 January 1957) 


1. It is shown by simple considerations [1] that 
all interatomic distances in a short chain of atoms 
are identical under equilibrium conditions, provi- 
ded that the atoms are not acted upon by external 
forces. If the chain of atoms is stretched to a 
sufficiently high degree, the equilibrium spacing 
of atoms beeomes asymmetric. For example, in a 
highly stretched chain of three atoms, the prefer- 
ential position of the middle atom will be close to 
one of the end atoms rather than in the middle 
between them. I[t appears that, so far, it was not 
realized that, with a sufficiently great atom chain 
length, a disturbance of the ideal periodicity, in 
the form of anomalously great distances between 
some atoms, corresponds to an energy minimum 
even though the actual extension of the atom 
chain is insignificant. 

In the present communication some results are 
reported from an investigation on the atom chain 
stability conditions for a given type of relation- 
ships of the potential energy of interaction bet- 
ween neighbouring atoms. No consideration will 
be made here of the interaction between atoms 
that are farther apart from one another. 

2. The potential energy of interaction between 
two atoms V; and its dependence on the inter- 


atomic distance xj, is given by 


A B 
ieee, (1) 
OX; 
where A, B, » and v are positive constants, and 
u<v. In the absence of external forces, the 
equilibrium interatomic distance is defined from 


the condition that 0V;/dx; = 0 and equals 


Vj +o when x; > 0, it has a single minimum 
corresponding to x; = /, and tends to zero when 
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%j +0. The above conclusions are correct for. any 
form of function V; (xj) possessing the character- 
istics as enumerated previously. Potential energy 
of an atom chain comprising V + / atoms is given 


by the expression 


where, L is the total length of atom chain, / is 
the mean interatomic distance. 

The condition for a minimum of function 
V.[x},x9,....,.%y (%1,%9,....,.xy-])] is in the form 
of 


V 
+ ay (i= 1,2, ...,.N—1), (5) 
OX; 


while, according to Sylvester’s theorem, all prin- 
cipal minors in a matrix constructed from second 


derivatives 
||02V/0x;0x;\ly_ xo, (6) 


should be positive. The sum of values x),x9...., 
xy.) is denoted by X, while X = X° is root of 
eq uation (5). 

3. Let us investigate the system (5), and let 
the following definition be made: 


uA vB 


2 (x) = —- — — 
¥ 
x? +1 yrtl 


On substituting (3) into (5) and taking (4) into 
account, it is possible to transform eq uation (5) 


into the following form: 


2 (xi) = 9 (ty), @ = 1,2, ..., N— 1). (8) 


Obviously, one of solutions of equation (8) is 


Xj = Ay =. (9) 





Equilibrium conditions in a short chain of atoms 127 


In this case, all the interatomic distances 
are equal. An investigation of matrix (6) shows 
that, when l < M lo, where 


(10) 


there occurs a minimum at the point x; = /V, and 
when |> Ml,, there is a maximum at the same 
point. 

In passing to a determination of the other solu- 
tions of system (8), we shall note that d(x) passes 
through a maximum at the point where x = M/,, and 
that it takes on twice all the values between d 
(lo) = 0 and d(M1,) (see Fig.1). Hence it follows 
that, if x; and x, belong to X° series and if both 
of them are different from xy, then they differ from 
each other. In actual fact we have, according to 
equation (8), that d(x;) = d(xy). From the con- 
ditions that xj; = xy and x, = xy, we get that x; = 
Xx, or-f assumes the same value only at two points. 
Thus, only such series of X can serve as roots of 
system (8) which possess the characteristics of 
2) = 89 =... = Sy = Xe] = = xy. Without 
restricting the general applicability of the argu- 
ment, a series can be chosen so that: 


x; = xy so XK < XK4] = 
ee Or ae (11) 


When /<J,, system (8) has only one root (9), 
because function ¢(x) is rectilinear for values 


of x < l,. 


a 























FIG.1. 


It can further be shown that roots of system 
(8) have the following characteristics: 

(a) [If 2 > loand Ml, >1, then for any whole 
number Q there exists such a value of NV and such 
a value of K < N that system (8) has as its root 
the series of values as given in equation (11), 


while N—K=(Q. 


(b) If <M land K < N/2, there are no solu- 
tions of type (11). 

(c) Iflo> Af lo, there is a root of type (11) for 
any value of N and K < N. 

(d) For N > 3 and N/2 < K <N, there exists 
such a mean value of the interatomic distance 
L< M1, that system (8) has a root of the type as 
given in equation (11). 

4. We shall now consider under what conditions 
roots of the type (11) correspond to extreme points 
of V. The derivatives involved in equation (6), 
when applied to points (11) become: 


a?V 


where by a dash is indicated differentation with 


respect to x. Let us denote that: 


WARD. eine es ¢” (Xy) ¢” (Xy) «-- 2¢" (xy) 
— K 





—> +—N—|!—K——> 








A calculation of the determinant shows that the 
principal minor of the K + n order, where, O<¢ nc 


N—1-K, equals 


Ban = [¢’ exp" [o’ (xy)]” . 


-[(n + lo (4) + Kg’ (xy)] (14) 


Starting with this expression and making use of 
the fact that d (xy) < 0 (see Fig.1), it can be 
shown that, if 1 < K < N— 1, there is neither a 
maximum nor a minimum at point (11). Thus, the 
extreme position can be attained only if K = N —1. 
hen the following cases are possible: 

(a) 1>Mlo. Here N points of the type 


correspond to minimum points in V (it should be 
noted that each of the interatomic distances can 


occupy the position with number JN). 
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(b) 1 <Mdy. In this case it can be shown that, 
for any value of 1 > lo, it is possible find so big a 
value of N that a minimum results at the point of 
type (15). Conversly, for any value of N > 3, there 
exists such a value of l=ly < Mi, that a minimum 
of V occurs at point (15). The critical value of 


Ly is equal to: 


| 
i sak =. 
In = ry [fo (@)/fr | , (16) 


where, u — root of equation f5 — fj f/f; = 0 that 
is greater than unity, and 

u te 
N-—l4u4 


giritn. 4 


(uy) = , (= Xpy/X. 
fy (u) corer ( n/ 


St, (u) =( 


For sufficiently large N, ly differs little from 
the normal interatomic distance Jp. 

As an example let us consider the case when 
p=1, v=2, (M=1.5), N=3 and N=1000. For 
N = 3, Iy = 1.468, since roots of the type (15) 
appear at an atom chain elongation of nearly 1.5 
times its length in free state. When N = 1000, l/y= 
= 1.017, while 7 = 1.02, x = 1.003 and xn = 18.10. 
With different values of y and v constants, the 
above results can be considerably modified. 

5. We shall now summarize the results obtained 
for the.equilibrium condition in a chain of atoms 
with a length of L = Nl. 

(a) when / = 7d, (free state of atom chain), there 
is only one minimum corresponding to x; = x = lo: 

(b) when | < J, (compressed chain), there is one 


minimum corresponding to xj =... = xy =1; 


(c) when 1)<1 <M, and ly < /< ly (slightly 
stretched chain), there is one minimum; for 
ly <1 <M I, (moderately stretched chain), there is 
one minimum x} = ...=xy = land N minima of the 
type (15). 

(d) when l > M lo, there are N minima of the type 
(15). 

Case (c) above is of a special interest when in 
a moderately stretched chain the atoms are in a 
metastable equilibrium configuration, with the 
result that the interatomic distance xy exceeds 
considerably at a particular point of the chain, the 
other values of interatomic distances (“break”). 
Break migration along the atom chain was investi- 
gated by quantum mechanics. It is clear that the 
existence of a single break only is characteristic 
of a one-dimensional model, and that it is connec- 
ted with the assumption that all the atoms in a 
chain are identical and that only one linear con- 
dition of bond was imposed on the interatomic dis- 
tances x; (4). In a three-dimensional case, the 
bond conditions are far more complex. Therefore, 
on the basis of results obtained so far, it is, as 
yet, impossible to draw any definite conclusions 
with regard to disturbances in the periodicity in a 
stressed, three-dimensional ideal crystal. 

An investigation of these processes, and also 
a more detailed proof of thé results given above, 
will be made in future reports. 
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THERMODYNAMICS OF IRREVERSIBLE PROCESSES IN 
A POLARIZED MAGNETOELASTIC MEDIUM 1* 


K.B. VLASOV 
(Received 21] March 1957) 


Let the state of a system be defined by the 
variables q ;, characterizing its departure from 
some initial state. The forces associated with 
these variables are Q;. Then for small departures 
from the initial state (cf e.g. (2), (13) in [1]) we 
have: 

945 9j + bij 97 = Qi 
qi = Lif (Qj — ajk 9k); (1) 


where Lj; are the Onsager coefficients, In (1) and 
later we designate summation by identical sub- 
scripts. 

Let us consider an isotropic magnetoelastic 
medium, polarized in the initial state by a magnet- 
ic field H, (directed along the z axis). Let the 
deviation of the system’s state from the initial be 
determined only by the magnetization vector /,, 
and the strain vector ¢;. No allowance is made for 
thermal and electrical conductivities, hysteresis 
and other irreversible processes. The associated 
forces are the magnetic field stress vector Hp and 
the mechanical stresses tensor Oj. Im: €j, Hn and 
oj should be small. Then in (1) qj diabe for Im 
and ¢; and Qj for Hp and oj. 

With 9; = 0 


Qj = Fk, (2) 
which in the present case is an equation of state 
for reversible processes. (1) becomes: 


byw 01 Ht, — Fi) + tL)? (6, 4). 
&; = Lin (Hm — Am) + L7? (aj— 3). 


(3) 


where in e.g. [2], neglecting the difference in 


hmji* and hm: 


Fin = Yarn ten + Majtj: 
qj = Hl Im + ¢;/¢;. (4) 
(3) can also be obtained from the definition of the 
entropy of a non-equilibrium state given by 
Leontovich [3]. The subscripts m and n may be 
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1,2,3 and the subscripts i and j may be 1, 2....6. 
Let us henceforth, in writing explicitly the com- 
ponents of thé tensor coefficients when there are 
simultaneously present subscripts of the type m, 
n, and i, j, put in the first place the numbers for 
mand n. Since for example, in the general case 
Li = Lim we Shall have to introduce a new not- 
ation Lm} = Lim: 

The Onsager relation in the present case be- 
comes [4]: 

EA (Ho) = Li (~ H,): tS (Hy),= a 


mn 
A 
21 12 
zs Lim (+ ,) = = Lini (— Ao), 
L?? (H.) = L7? (— Hy). 


Let us use in addition the symmetry property of 
an isotropic polarized medium. From symmetry 
considerations we can establish additional rela- 
tions between the components of the tensor co- 
efficients and the parity of these components with 
respect to the directionality of the polarizing 
magnetic field. Hence, in the light of (5), we find 
that the following components of the Onsager ten- 
sor coefficients are non-zero; 

Li = 259i L353 Lip = — L313 


22, ,22. ,22 
Lig: Li3; £34 are even func- 


tions of H, and, at H, = 0, non-zero, with 
4 


L435 (0) = Li} (0); L322 (0) = L?? (0) 
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L 23 (0) = L23 (0); 


| 
22 So 22 22 : 
L435 (0) = : [eT (0) = L735 (0)| 


while coefficients of the type 
1. yl. 712. 742. 722. 722 
Lig; Lai; £33) Lis; Lig: L45- 


are odd functions of H, and at H, = 0 are zero; 
the coefficients of the type Lii are even functions 
of H, and are zero at H, and are zero at H, = 

Let us solve the system of eq uations (3) for 
Hm and o; assuming that J, and ¢; vary sinusoidal- 
ly with time at the cyclic frequency w; using (4) 
and (6) we obtain the following equation of “state” 
for the steady state processes, allowing for their 
irreversibility. 


Hn ™ ae I+ Rmj &;: tag 


A 
= Ap; In + ci &. (7) 


Th = Yoo = Tt + Mrs 33 = 133 + 
aoe er 
+ f@¥33) Tro = — Yo = Ht: Ani = 
a , 
= Nini Nyy = hy, = hy, = Agp = hg, + 
” A ‘ e ” 
+ fwhg;; As, = Nyy = hgg + iwhgs: 


A A , ae 
his = hog = yy = Ny = Ais + iwhy 5: 


A A a 
hig = — Ngg= —hyy = hs = iwhy,: cy, = 
cP SPP ee ee Oe, eS 
© Egg yy 1 Ome ggi Cag ™ Egg tgs 

/ FL EO Pet RIE yee 
Cio = Co, = S10 T Cig, Cig = Cog = 


I ee. Se” aa 
py Oty S Cig Fy: fag OH > 


ie '] , ‘ ” cl. i 
= Cag T 1OCgg, CEG 


] 
3 (C12 “ie = 


a I er ae” 
= = Cog © — Ce, © “eg * Cg “ag = 


i ae 
= Co4 = 1WCas. 
The components of the double primed tensor 


constants are expressed by the completely deter- 
minate relations between the components of the 


Onsager tensor coefficients. From these relations, 
(6) and considerations about the parity of the 
Onsager coefficients with respect to H, it follows 
that the constants of the type 


« a as i zs 
Cry) $337 Cros Cy3) Cag: 
are even functions of H, and non-zero 
at H,= 0, with 
15g () = 14 (Os C3 (0) = Cy, (0); 


c13 (0) = C9 (0); 


440) = > (1, O— C12 O)). 


while constants like 

Tho! M315 Masi Ais: C16) Cas: 
are odd functions of H, and for H, = 0 are zero; 
constants of the type A {, are even functions of H, 
and zero when H, = 0. 

The steady equations of state (7) describe the 
magnetic and magnetomechanical processes in a 
polarized magnetoelastic medium, not having ther- 
mal nor electrical conductivity, nor hysteresis. 

In particular they describe spin-spin relaxation, 
[5], magnetic resonance and magnetomechanical 
resonance, the possibility of whose existence has 
already been indicated [6]. 

The author thanks S.V. Vonvovskii for his con- 
stant interest in this work. 
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THE EFFECT OF THE TEMPERATURE VARIATION OF THE INVERSION 
EQUILIBRIUM ON THE SPECIFIC HEAT OF SPINELS* 


A.N. MEN’ 
(Received 28 February 1957) 


This note is to discuss the vibrations of a 
linear chain model of an ordered solid solution. 

If it is accepted that an analogous relationship 
holds for the three dimensional lattice, the value 
of the maximum frequency @, of this chain will 
permit conclusions to be drawn as to the heat 
capacity. 

Since ions of different kinds can change their 
positions in the lattices of these complex oxides, 
their structures can be compared with those of 
ordered metal alloys in which analogous inter- 
changes are possible. Since the oxygen atoms do 
not take part in these rearrangements, they can 
generally be ignored when lattice properties of 
spinels which are controlled by the metal ions 
are being studied, and the theory of ordered alloys 
can be applied. Consequently, we have the rela- 
tionship 

katt 00-9, (1) 


between the long range order y (measured by the 
extent to which the a-nodes are occupied by A 
atoms and the b-nodes by B atoms in a binary 
alloy AB) and the degree of inversion A (measured 
by the distribution of A atoms between the a- and 
b- nodes: c (1) is the concentration of A atoms. 

This is the factor which will be used in this 
study of the vibration of a linear model of a com- 
plex spinel lattice: a one-dimensional chain, can 
of course, be used to demonstrate a series of 
relationships typical of a three dimensional crys- 
tal. 

It has been shown [1] that a linear chain con- 
structed of two kinds of atoms arranged at the 
nodes and with an arbitrary degree of long range 
order 7 and an arbitrary concentration c and elas- 
tic interaction, can with certain approximations 
be discussed as an ordered chain composed of the 
effective atoms. When this method is applied to a 
chain of atoms of mass M (oxygen), with atoms of 
mass m, and m, (metals) arranged at the nodes 
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with an arbitrary degree of inversion A and with 
an arbitrary concentration c, an expression relat- 
ing the maximum frequency to the degree of inver- 


sion is obtained viz. 





Dh 2 
is gl “f 





2h 
9is +44 (1 aa eae 7 


\ 





Qh 
— 417 {a4 qis (1 5. 





gitda(I— 2 


, 9). h2 ed Vite 
{ax sd (a <a aalll | 


iC (1, — im); 





where 711 == 2M [m, - 


Jig = 2M (m, — m,)? (q —c)?; 


9is == 2 [x (1 —c) + fre] [mg — c (mtg — 
— m,)| + 4M [amy (1 —c)? + c(1 — 
— C) (am, + Brg) +48r,c2]; 7,44 = 2 (mm. — 
— M) (q — ¢)* { (mg — m,) [a (lL —e) + 
+ fe] + 4M (a—8)}; gis= [2 —c (2 — 
—.B)]*} 71g = (2 — B)* (9 —2); Qs = 
= 8[m,c + my (| —c)+ MI; 


| 
[2 force < — 


iia l 
: for c > i 


where (3, a are the elastic coefficients. 
In the general case, the specific heat of a one- 
dimensional model can be expressed [2, 3] approx- 


imately as the sum of two terms 


kT + ho 
Cy = 2NkKD ( 4 + 2NK f, (== (3) 
I ie i 


1m 


where D is the Debye function and ff is the 
Kinstein function. 
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The first of these expresses the heat capacity 
in terms of the continuum theory and refers to low- 
frequency vibrations, while the second is con- 
cerned with the optical vibrations characterized 
by the frequency @,. The roughness of the approx- 
imation in (3) hardly justifies the increase in 
accuracy which would be obtained by calculating 
a lot of optical frequencies. 

If the maximum frequency found (2) is identified 
with both the Einstein and Debye terms and the 
dependence wm (A) is examined, we should be able 
to explain the effect of the arrangement of the ions 
in the chain on the thermal capacity within the 


framework of our model. 

Since the expression in (2) for the amount of 
inversion at equilibrium depends on the tempera- 
ture [4], AC, the change in the thermal behaviour 
of the heat capacity, can be predicted for some 


spinels when @max = const. 

In normal and inverted spinels, ACy is of the 
same sign but refers to different temperatures. 

The non-ferromagnetic ferrite ZnFe,0, [5] 
could not be used to test these values: up to now, 


as far as we know, it has been only once studied: 
it becomes ferromagnetic when A>O and thence 
the course of the heat capacity depends on the 
basic changes of the magnetic energy.* 


I wish to convey my thanks to my senior scien- 
tific co-worker, A.H. Orlov for discussion and 


helpful advice. 
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*Anomalous specific heats between 150 and 190°K 
have been detected in the compounds CaFe,0, and 
CaFe,0, [6], but there are no data as to the structure 
of these crystals. 








THEORY OF ELECTRONIC PLASMA IN A SOLID * 


V.L. BONCH - BRUEVICH 
(Recieved 23 December 1956) 


There has in recent years been considerable 
discussion about plasma type vibrations in solids 
[1-5]. They are important both intrinsically and in 
connexion with screening of the mutual interaction 
of fermions and of their interaction with an external 
field, as is particularly obvious in the formulation 
of the problem by the “superfluous variables” pro- 
cedure. However, the Bose-Fermi interaction in the 
latter method should not be too small. Also, the 
introduction of a limiting Bose quantum pulse, 
hk, is logically not entirely satisfactory. The limi- 
tation of the possible wavelength of the plasma 
vibrations should not be imposed but should be 
implicit in the theory itself. Again in all the 


papers referred to only the isotropic case is studied. 


The above complication can be avoided by using 
Green’s functions. A polar of a Green function 
(considered as a function of frequency w and a 
wave-vector k) has been shown [6] to be directly 
connected with the frequencies of the correspond- 
ing excitations. The problem thus reduces to a 
study of the singularities of the Bose -Green func- 
tion for a Fermi gas plus electromagnetic field 
system. Of course in the non-relativistic approxi- 
mation we shall be interested only in the longi- 
tudinal field. The Lagrange interaction in the case 
envisaged is: 


L(x) =A, (x) (j, +4,) ~ 
~{gbs (x) bs (x) +p (x)} 9 (2), (1) 


where / is the external current, Ay is the 4-poten- 
tial, s the spin quantum number 


x= (x, %}, p= —ily, 9 = —iAg, 
j= elyy, gt = net. 
The packets of the free fields are given by: 
< T{A, (x) A, (y)} >o= 


k, k, 
— ih |3,. ———= ] Dn (xy). 
- k2 ks 
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< T (hs (x) be (Y)} >o= 
ne Boos Go (x — y) 


and in the Heaviside system have the. form 
Dy (x) = J dkdwexp (— iwxy + 
+ ik X) Dy (k, »), 





ip d 
oP oP exp (- ipoXo'h + 


Gy (x) = hs 


iene ai 
+ i px Go (Pp. Po), 


> l 


Go (Pp, Po) = — (nyt ‘ 
1 
po—W(p) + W p+ine|W(p)—Wp| 
l, “22> 6, 
—j] «< 0. 








e (u) = (6) 


Here Wy is the Fermi energy, W(p) is the special 
value of the single-electron problem in an ideal 
crystal. With W = p74, m (5) is obvious (and is 
actually used, e.g. in [7]); with a more complicat- 
ed dispersion equation it is found by applying 
Slater’s method [8] that is by ignoring the virtual 
interzonal transitions. The equation for the comple 
Bose-Green function given by the equations: 
b¢ (x) 
en ae 
, Sin< Sdo 


bp (x) 


® (x) = 


(S is the S — matrix),can be written [9]: 


D (x, y) = Do (x, y) + { dzdz'Do (x, 2) > 
- P(z, 2’) D(z’, y). 
P(?z,2)=—- 2ig? | dx’ dx”G (2, x’) - 

3G! (x’, x”) 


‘ Gite’. 2): 
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Let us solve (8) by expanding the polarizational 
operator P(z,z’) in powers of g? (cf an analogous 
procedure in [7]). In the first non-disappearing 


approximation we get: 
P (2, 2') = — Qig*G, (2, 2’) Go (2’, z) (10) 


and as can easily be shown (Wp = h = 2m = 1 where 


m is the true electronic mass): 


Ds (k, ) 





D (k, o) = ma 
1 4ng*D, (K, w) (iy + 19) 


1,=\dp(we) Wwe—kh—k + 


+ ing (W(P—k)— 1"! Wop st. (11-12) 


I, is obtained from /, by making the substitu- 
tions f>—k ky + -ko. For the study of a plasma 
spectrum the k’s are very small and the k,’s 
finite, and the denominator in (12) can be expand- 
ed in powers of k. Let us introduce tensors (we 
indicate in parentheses at the right their values 
when W(p) = p?; all the integrals are for W(p) 
<1, 4.7=123): 
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and, consequently, the denominator in Eq. (11) has 
the real root: 


a — 
pea Bi7 + Vijma Km Kp 4: 
ke 


tanta tj an 
Bij hy ky 
On the other hand, by calculating /, + /, for large 
k’s we can easily show (for W = p?) that the de- 
nominator of (11) then has no réal root, that is the 
Bose excitation wavelength for the system always 
exceeds some critical value. (17) determines the 
spectrum of plasma vibrations in a crystal with an 
arbitrary (non-degenerate) surface energy. When 
W = p? it reduces to the equation obtained in [3] 
and differs from the results in [2] and [5] because 
of the difference in the allowance for the Fermi- 
Bose interaction. In the case of germanium or 
silicon type anistropy (iso-energic surface with 
many minima) the integrals in (13-15) contain sum- 
mations over all minima. If we assume 
Pi +P3 
2m, 





W(p) = 


we obtain; in the usual units: 


4nne® 


ae. (18) 
(in a semiconductor e? + e?/e where ¢ is the die- 
lectric constant). The screening problem can 
easily be solved in our approximation as soon as 
D has been computed. This matter will be the sub- 
ject of another paper. 
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THE INFLUENCE OF THE PARTICLE SIZE ON THE COERCIVE FORCE 
OF COBALT AND COBALT -CHROMIUM ALLOY POWDERS * 


G.S. KANDAUROVA 
(Received 26 December 1956) 


1. It is known that the coercive force of ferro- 
magnetic powders increases to a definite limit 
with the decrease in the particle size [1,2]. The 
physical nature of this phenomenon is not yet 
completely clear but it is obviously connected with 
specific changes in the magnetic structure of par- 
ticles during the process of. their comminution. It, 
has been reported, however, that if a strong in- 
fluence of other factors is superimposed on the 
basic effect of the coercive force increase with the 
reduction in particle size, then the function H_, (d) 
changes its character [3,4]. The problem of the in- 
fluence of various factors on the character of the 
relationship between the coercive force and the 
particle size of powders has not been studied 
thoroughly. The object of the present work is to 
determine on the example of Co and Co-Cr alloy 
powders the relationship between the coercive 
force and the particle size and to study the in- 
fluence of the crystalline structure of powders 
on this relationship. 

2. Cobalt and Co-Cr (9.6 per cent Cr) alloy 
powders were studied. They were prepared by 
mechanical comminution. The separation into 
fractions was carried out by means of sieves (to 
~ 50y ) and further by air elutriation in a special 
apparatus. The average particle size of the frac- 
tions varied between 1250 and 1.5y. Heat treat- 
ment of powders was carried out in vacuum at 
600 and 900°C for 1 hr. The fractions which were 
going to be compared were annealed together. The 
coercive force (H,) was measured by the ballistic 
method of breaking. 

3. The principal results of these measurements 
are shown in Figs. 1 and 2. Fig. 1 shows curves 
which illustrate the relation between the particle 
size of Co powder and H, for two series of speci- 
mens : before annealing (curve la) and after anneal- 
ing at 600°C (curve 1b). Curve la shows that the 
coercive force increases monotonically when the 
particle size is decreased from 1250 to 250p. In 
the interval 250-23y, H, is practically independent 
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of particle size. Between 23 and 1.5p a small de- 
crease is observed at first which is followed then 
by further increase of H,. Annealing at 600°C 
leads to a substantial decrease of the absolute 
value of H,. The coercive force increases mono- 
nically with the decrease in the particle size, 
but the greatest increase in 1, occurs between 
23 and 1.5p (curve 1b). 

Fig. 2 shows curves which illustrate the rela- 
tion between the particle size of Co-Cr alloy 
powder and H_, for three series of specimens: 
before annealing (curve 2a), after annealing at 
600°C (curve 2b) and after annealing at 900°C 
(curve 2c). Curve 2a shows that, on decreasing 
the particle size from 720 to 2H, increases conti- 
nuously. After annealing at 600°C the H,, of coarse 
powders changes very little and 1, of fine powders 
decreases rapidly. The general character of the 
function H, (d) becomes more complex. The coer- 
cive force does not change much~between 500 and 
30u, for smaller d values 17, decreases initially, 
but between 7 and 1.5y it increases again. 

In the Co-Cr alloy powders annealed at 900°C 
the usual relationship between //,, values of pow- 
ders annealed at 900°C are much lower than of 
powders annealed at 600°C especially for larger 
particle sizes. 
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4. The results reported here can be explained 
as follows. The rapid increase of the coercive 
force in the large particle size range of non- 
annealed Co and Co-Cr alloy powders is caused 
not only by the increase in inner stresses but 
also by a specific heterogeneity of the material 
which is due to the simultaneous existence of two 
crystalline phases; hexagonal and cubic. It was 
shown by means of X-ray analysis [5] that both 
these phases exist in Co powders. In spite of the 
lack of similar data for the Co-Cr alloy poder it 
can be assumed that the heterogeneity of the crys- 
talline structure exists also in this case. Both 
phases possess different magnetic properties and 
their relative concentrations could vary in dif- 
ferent powder fractions. This fact is responsible 
for the complex character of the function H,(d) 
observed in non-annealed Co powders. 


H, (oersted) 
2h 


The complex charater of the H., (d) curve (Fig. 
2b) obtained with Co-Cr powders annealed at 600°C 
is caused by the fact that at that temperature the 
recrystallization took place only in the smallest 
strongly deformed particles. In the larger particles 
only partial relaxation of internal stresses occur- 
red. As a result of this H, did not change much 
in the coarse powders, but decreased rapidly in 
the fine ones. 

In this way the relationship hetween H, and d 
can have a different character depending on the 
crystalline stricture of Co and Co-Cr powders. 
However, if the main cause of change in H, during 
comminution of powders is the decrease of the geo- 
metric dimensions of particles and connected with 
it change in the magnetic structure, then an in- 
crease of the coercive force will be observed when 
the particle size is reduced. 
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After annealing of Co and Co-Cr alloy powders 
at 600 and 900°C respectively, the function Hd) 
had a normal character, i.e. in the range of large 
- varied very little but increased 
rapidly in very fine powders (curve lb and 2c). In 
agreement with the phase diagram [6] each of the 
above temperatures lies above the phase trans- 
formation temperature of the corresponding mater- 
ial. One can expect therefore that during anneal- 
ing recrystallization occurs, caused by structural 
transformation. As a result of this, relaxation of 
practically all internal stresses takes place. 
Apart from this, various fractions assume more 
homogeneous crystalline structure during anneal- 
ing. The increase of H,, with the decrease in the 
average particle size is caused in the cases con- 
sidered by the change of the magnetic structure 


particle sizes H 


during comminution. 
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FIG. 2. 
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MAGNETOCALORIC EFFECT DURING PHASE TRANSFORMATIONS IN 
FERROMAGNETIC ALLOYS * 


V.I. IVANOVSKII and P.P. DENISOV 
(Received 10 April 1956) 


The study of the variation with temperature of 
the magnetocaloric effect the reversible increase 
of temperature A I’ of the specimen during its adi- 
abatic magnetization has been carried out with a 
very limited number of materials only; with pure 
ferromagnetics (iron and nickel!) and some homo- 


geneous alloys [1-4]. 

The measurement of the temperature dependence 
of the magnetocaloric effect in a ferromagnetic 
permits accurate determination of the Curie point, 
where the curve A7(T) has a sharp maximum due 
to a strong decrease in the interaction energy 
caused by the ordering of spins in the magnetic 
field. During an adiabatic process the energy 
evolved heats up the ferromagnetic. The highest 
temperature increase, AT, occurs in the vicinity 
of the Curie temperature at which a large number 
of atoms possess opposite spins in the regions 
of spontaneous magnetization. 

In this work results of our determinations of 
the magnetocaloric effect at various temperatures 
in the ordered Fe,Al (25 at.% Al) alloy and in the 
highly coercive Alnico alloy are given. To find 
out whether it is possible to determine Curie 
points of the ferromagnetic phases in alloys of 
multi-phase structure the change of the magneto- 
caloric effect with temperature was studied. 

If there are several phases in an alloy with dif- 
ferent Curie points then on the curve A7(7), apart 
from the main maximum corresponding to the trans- 
ition of the alloy into the non-ferromagnetic state, 
other secondary maxima should appear which cor- 
respond to Curie points of individual ferromagnetic 
phases. 

The experiments were carried out on specimens 
in the form of balls 5 mm in diameter. A hole 1 mm 
in diameter was drilled in each ball into which 
the end of a eopper-constantan thermocouple was 
pushed tightly. It was possible to use this thermo- 
couple in high vacuum up to 900°C. The ball was 
placed in a quartz holder (Fig. 1) on which the 
thermocouple was wound in a bifilar way in order 
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FIG. 1. 


to reduce the ballistic residue of the galvanometer 
coil. The holder together with the specimen studied 
was then inserted into a quartz tube connected to 
a glass flask with a ground glass joint and to 
vacuum backing and vacuum diffusion pumps. 

With both pumps in operation pressures as low 

as 10° — 10“ mm Hg were reached at high tem- 
peratures (~ 900°C). Pressure was measured by 
means of vacuum-meter UT'V - 49 working with 
thermocouple gauge LT -2. The ends of the thermo- 
couple were taken out through a picein sealed con- 
nexion in the glass flask to a high resistance po- 
tentiometer PPTV-1. Galvanometer M21/4 was 
used as a zero instrument. High temperatures were 
cbtained by means of a nichrome bifilar winding 
forming a tube furnace. The furnace was fixed to 

a ground glass stopper (fitted to the quartz tube) 
with sealed molybdenum terminals. The quartz 
tube with the ball specimen was placed between 
the poles of an electromagnet producing fields 

up to 8000 oersteds. On imposing the magnetic 
field the balance of the setting was disturbed 
owing to the increase in temperature, causing a 
jump of the light pointer on the galvanometer 
scale. The scale was calibrated in degrees by app- 
lying known e.m.f’s. and comparing them with the 
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thermocouple calibration curve. The change of the 
specimen temperature during magnetization was 
determined to an accuracy of 0.005°C. 
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Fig. 2 shows results of our magnetothermal 
effect measurements with Fe,Al. The magnetic 
properties of this alloy at high temperatures were 
studied in a detailed way by one of us [5]. It was 
shown in particular that a sudden increase of the 
coercive force occurs at 400°C. The coercive force 
of this alloy between 400 and 590°C (the Curie 
point) is several hundred times higher than at 
lower temperatures. It was found impossible to 
maintain the alloy in this highly coercive state 
at low temperatures in spite of various heat treat- 
ments tried. It is possible that one of the reasons 
for this anomalous behaviour of the coercive force 
at various temperatures'is the presence in Fe,Al 
of two phases of different Curie points. Our results 
of the magnetothermal effect measured at various 
temperatures confirm this viewpoint. Curve AT (T) 
in Fig. 2 shows a second maximum in the tempera- 
ture range 400-550°C besides the maximum at 
590°C. The anomalously high values of the coer- 


cive force were observed in the same temperature 
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Also, we have studied the magnetothermal ef- 
fect as a function of temperature in the highly 
coercive Alnico alloy of the following composi- 
tion: 12.5 per cent Ni, 64 per cent Al, 3.5 per 
cent Cu, 23.3 per cent Co, 0.04 per cent C, 0.4 per 
cent Si, 0.3 per cent Mn, balance Fe. Detailed 
structural data, magnetic properties and methods 
of treatment of this alloy used to obtain optimum 
magnetic properties are described in the [6,7]. 

To obtain the original state, the alloy was. 
quenched from 1300°C and the curve AT (T) 

(Fig. 3) determined. Two maxima occur on the 
curve A7(T) in Fig. 3 which enable us to assume 
that two ferromagnetic phases are present in 

this alloy with Curie points at ~ 800 and at 900°C. 

As stated above, the authors of this work in- 
tended to show that the magnetocaloric effect 
can be used to determine Curie points of ferro- 
magnetic phases in heterogeneous alloys. Up to 
now the temperature dependence of the sponta- 
neous magnetization /, has been used for this 
purpose. If there are several Curie points in an 
alloy corresponding to various phases, then an 
inflexion appears on the curve /, (7) from which 
it is possible to estimate Curie point of the ferro- 
magnetic phase which separates as a result of 
decomposition of the supercooled solid solution. 

The method based on the magnetocaloric effect 
permits more accurate Curie point determination 
of individual ferromagnetic phases in an alloy 
than could be obtained from the inflexion on the 


I, (T) curve. 
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THE EFFECT OF MAGNETIC NON -LINEARITY OF THE MATERIAL OF 
ARTICLES ON THE FIELD OF CRACK- TYPE DEFECTS * 


V.V. VLASOV and E.E. STOINSKAIA 
(Received 30 November 1956) 


The revealing of defects in the form of cracks in 


ferro-magnetic articles with the aid of a constant 
magnetic field comes about, as we know, through 
the formation of a supplementary field (“defect 
field”) in the region of the defect zone of a body; 
this is a field of induced magnetization in the 
object under inspection. 

The defect field is composed of a field of ma- 
gnetic surface charges which arise indirectly on 
the walls of the defect, and of a field of volu- 
metric charges, which are formed through the 
magnetic non-linearity of the material of the 
article. The exposure of the role of magnetic non- 
linearity of the substance of articles in forming 
defect fields was first made and qualitatively in- 
vestigated by R.I. Yanus [1], but further analysed 
in greater detail by A.B. Sapozhnikov [2]. A very 
valuable conclusion for practical defectoscopy 
followed from their theories, namely, that the 
magnetic non-linearity in the substance of an 
article must improve the revelation of defects in 
areas where a field exceeds the field which has 
the maximum permeability. Interest centered on 
the investigation of defects in those cases where 
the defect occurs at varying depths from the sur- 
face, since it is then to be expected that there 
will be a significant effect on the defect-field of 
that part of an article which lies between the de- 
fect and the surface of observation. 


FIG. 1. 
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To investigate defect fields, test pieces were 
prepared from steel 30; their construction is shown 
in Fig. 1, with a simulated defect inside it. The 
test-piece consists of two solid cylinders 1 and 2 
and six hollow cylinders — “jackets” — 3 — 7, of 
which five only are shown in the diagram. Part of 
the body of a jacket is shown cut away in the dia- 
gram so that the position of the defect in the test- 
piece may be more clearly seen. The defect, which 
simulates a transverse fatigue crack in a rail, has 
the appearance of a slit between the end surfaces 
of the solid cylinders 1 and 2, which are separated 
by a sheet of paper 0.02 mm thick. Part of the cir- 
cumference of the defect is shown in the diagram 
in the form of a curved line between cylinders 1 
and 2. The surface of these cylinders is enclosed 
by a suitable sequence of the jackets mentioned 
above; hence the aggregate thickness of a certain 
number of these jackets constitutes the depth at 
which the defect occurs from the outer surface of 
the test piece. Cylinders 1 and 2 are 25 mm in 
diameter and 60 mm long, the thickness of each 
jacket is 1.5 mm and the length 120 mm. 

Looking at the construction of the test-piece, a 
point of interest occurs in that, in addition to the 
transverse defect between cylinders 1 and 2, there 
is also an intervening air-gap between these cy- 
linders and the jacket (No. 3) which is adjacent 
to them, and also between each pair of jackets. If 
the test-piece is positioned with its surface field 
directed along its axis, then the intervening air- 
gap becomes a non-uniform local field in regard to 
the transverse defect. As a result of this, certain 
supplementary fields arise of which the first is 
the field of the defect under investigation. If it is 
intended to measure the tangential component of 
the field’ upon the surface of the test-piece, then 
all the above-mentioned gaps (as follows from the 
elementary analysis of surface charges) make up 
a field whose tangential component on the surface 
has an opposite direction from the similar com- 
ponent of the defect field under study. Consequent- 
ly, the tangential component of this field will have 
a lesser magnitude in reality. However, this cir- 
cumstance played no significant part in our trials. 
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In the presetit work the study of the tangential 
component of the defect field is made directly on 
the surface of the test-piece. The external field 
is created with an electromagnet, between whose 
poles the test piece is clamped. To measure the 
field a small flat coil is used, whose spindle ex- 
tends 4 mm along the length of the test-piece. 
Measurement is carried out by switching current 
through the electromagnet. 
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The results of the trials are given in Fig. 2 and 
3, where the magnetic defect fields are positioned 
along the y — axis i.e. the variation between the 
resulting and original fields, in oersteds. Current 
intensity in the windings of the electromagnet is 
shown along the x — axis in amps in Fig. 2. The 
curves shown in this figure relate to the varying 
depths at which the defects occur: the curve 
nearest the x — axis, to judge from the right-hand 
straight-line part of the curves, relates to a de- 
fect which comes out openly on the surface (depth 
of occurrence z = 0). All the remaining curves in 
order of distance from the x — axis, relate to in- 
ternal defects, lying at depths of 7.5, 4.5 and 
1.5 mm. 

It follows from this figure, that the relationship 
of an interior defect field to an external field by 
comparison with the similar relationship for a de- 
fect which opens out to the surface, differs firstly 
in the long part of the curves which are non-linear 
along the x — axis, and secondly, in the steep 
slope of the linear portions in relation to the x — 
axis. Both the length of the non-linear parts of the 
curves and their slope increase as the position of 
the defects changes from the greatest depth to 
the smallest (where z = 1.5 mm). The increase of 
the length of the non-linear portion of the curves 
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FIG. 2. 


in the case of internal defects, in comparison with 
the corresponding part of the curve which desig- 
nates the open defect, shows, we think, the in- 
crease in the role of the non-linearity of the me- 
dium during the formation of interior defect fields, 
as compared with the fields of an open defect. 
The increase of the slope of the straight-line 
portion of the curves in comparison with the cor- 
responding portion of the open defect indicates, 
seemingly, a certain approximation to the linear 
relationship of a defect field to a field character- 
istic of defects which have comparatively small 
magnitude. The seeming increase of size is ex- 
plained, apparently by the increasing share in- 
duced in the field of a latent defect by volumetric 
charges as compared with the share which affects 
the field of an open defect. 


In Fig. 3 the defect field is shown along the 
y — axis, and the depth at which the defect occurs 


(in mm) along the x — axis. The curves, reckoning 
from the x — axis, were obtained with induction 
of 6, 9, 12, 15 and 18 kG on the test-pieces. The 
dotted line in this figure is the locus of points 
having internal defect equal to the field of an 


opén defect. 
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From Fig. 3 it follows, firstly, that the defect 
field depends on the depth of the metallic layer 
which separates the defect from the surface of 
observation, and has a peak where the depth of 
occurrence of a defect z = 1.5 mm. Certainly the 
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thickness of the jackets used in the experiment 
exerted a considerable effect on the depth at 
which the peak of a defect field is found. Never- 
theless the general appearance of the curves, 
when Fig. 3 is examined, indicates that the layer 
of metal lying directly adjacent to the defect 
periphery plays a significant part in the formation 
of the defect field. This is quite natural, since an 
investigated field in the vicinity of the walls of 
a defects has, we know, a sharp gradient. It is 
also evident from the figure that there is a quite 
distinct depth of occurrence of defects within the 
limits of which the internal defect field is no 
less thn the open defect field. This indicates 
essentially the fact that there is better revelation 
of internal defects than open defects, through the 
non-linearity of that part of the material of an 
article which lies between the defect and the 
surface of observation. We must also take into 
consideration that the depth, within the limits of 
which we find this better exposure of internal 
than external defects, increases proportionately 
with the increase of induction in an article. 
Thus, the tests completed by us are found to be 
in qualitative agreement with the Yanus — Sapoz- 
hnikov theory, and can evidently, be taken, in 
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their first approximation, as experimentally con- 
firming this theory. Further, it has been shown 
that the layer of material which is directly adja- 
cent to the walls of a defect exerts an essential 
influence on the formation of defect fields; also 
that better exposure of internal defects is found 
within the intensification limits of a determined 
depth, which increases with the intensification 
of the external field. 

There emerges from this work the possibility 
of increasing the field of open defects through the 
use of simulated defects which are small in com- 
parison with the thickness of the ferro-magnetic 
liners between the observer and the defect. 
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EFFECT OF ELASTIC STRESSES ON THE ELECTROMAGNETIC 
PROPERTIES OF ELECTROTECHNICAL STEEL * 


A.D. SOKOLOV 
(Received 10 September 1956) 


The surface of electrotechnical steel in sheet 
form, as produced by rolling plants, is not ideally 
flat. The requirements of the current standard 
specification GOST 802-54 permit the presence of 
some surface deformation and edge waviness in 
stee! sheets: in the case of hot-rolled transformer 
steel, the permissible edge waviness is up to 
18 mm, and surface deformation up to 10 mm per 
running metre. At the same time, the length of a 
wave, or of a deformed surface region, should 
exceed its depth by at least ten times. With 
steel sheets for use in the manufacture of power 
transformers and large electrical machines, the 
corresponding requirements are somewhat higher. 
More or less analogous restrictions with respect 
to the permissible surface deformation and edge 
waviness are imposed on the quality of generator 
steel by the relevant standard specification. 

The positioning of magnetic conductors with 
dimensions comparable with those of steel sheets 
from which they made, may, in some cases, 
help in the retention of such deformation and 
waviness. If an attempt is made to straigthen out 
the steel section with surface deformation and 
waviness, it leads to the development of stresses 
with a complex distribution pattern. Some areas 
of a steel section that has been levelled up, 
together with the adjacent zones of the metal, may 
be in the state of elastic tension, other areas — 
in elastic compression, while still other region 
may be in a state of plastic deformation. Thus, 
with dense packing of magnetic conductors (which 
is necessary for increasing the “filling coeffi- 
cient”), the steel sections with uneven surface in 
the free state will be present in a state of elastic 
stress, or even in a state of plastic deformation. 

The magnetic characteristics of electrotechnical 
steel are extremely sensitive to elastic stresses, 
and even more so to plastic deformations. As it 
is known [1] the application of elastic tension 
along the direction of magnetization leads to a 
certain increase permeability of chrome steel, 
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and that of elastic compression, on the other 
hand, to a considerable reduction in permeabi- 
lity. 

The coercive force increases with elastic 
tension. In the case of chrome steel, the effect of 
elastic stresses on its magnetic properties is 
relatively much stronger in a weak field than in 
a strong one. 

The effect of a non-uniform distribution of 
elastic stresses on the magnetic properties of 
transformer and generator steels was investigated 
using an apparatus designed for testing whole 
sheets of stee! [2]. No determination was made of 
elastic stresses distribution within the volume of 
the metal, or the value of such stresses. 

The apparatus mentioned above was designed 
for the determination of specific losses (Lo 
and L,,) and of the basic magnetization curve. 
The dimensions of steel sheet specimens were 
750 x 750 mm. During tests, each sheet of steel 
was held, over an area of 15 x 750 mm at each 
end, between the ribs of a two-part yoke, which 
is shown diagrammatically in Fig. 1. The upper 
half of the yoke was placed with all its weight 
(of the order of 200 kg) acting on the lower yoke 
half and on the ends of the steel sheet test-speci- 
men compressed between them. If there is any 
waviness of the sheet ends, it is straightened 
out under the weight of the upper yoke half. It is 
clear that, with such an arrangement, the relevant 
sections of metal will also be in a state of elas- 
tic stress (not only the parts of the metal in 
direct contact with the yoke, but also those out- 
side it). 

The apparatus was used for the determination 
of specific losses L,. and L,,, of a number of 
generator and transformer steel sheet test speci- 
mens of various steel grades (mainly steel grades: 
F11, E31 and E41), all sheets being 0.5 mm 
thick. The waviness of surface deformation of 
all steel sheets tested was within the permis- 
sible limits as specified in GOST standad speci- 
fication. In some steel sheets such deviations 
from an ideally flat surface were more pronoun- 
ced, and in some other — less. 
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FIG. 1. 1 — steel sheet under test; 2 — two part yoke. 


After determination of the losses, the sheets 
were cut (along the direction of their magnetiza- 
tion) into strips each 30 mm wide. The strips 
were then inserted in the apparatus, in the same 
order with respect to one another in which they 
were in the sheet prior to its cutting, the yoke 
was fastened and the losses determined. The 
strips showed no noticeable curvature, since the 
length of waves originally present in them was 
many times greater than the width to which they 
were cut in this particular case. It was, therefore, 
possible to assume that almost no elastic stresses 
were present in the strips during their testing. 

From test results obtained in both determination, 
it was possible to assess the effect of elastic 
stresses, present in the steel sheets with a wavy 
surface, on the value of losses. 

The determination of losses was made several 
times, both before and after the steel sheet was 
cut into strips in order to obtain more reliable 
data, which are shown* in Table 1, in the form of 
an arithmetic mean for each specimen tested. It 
is clear from the table that there is a reduction in 
the specific losses after the stee] sheets were 
cut into strips. Namely, for transformer steel! this 
reduction is of 4.5 per cent, for the value of Lyo, 
and 1.5 per cent for L,,. With the generator steel, 





* The first results obtained in the present investigation 
can be affected considerably by the usual type of ex- 
perimental error. fiowever, it was found experimentally 
that the error involved is small, and the reproducibility 
of test results is extremely satisfactory. Thus, for ins- 
tance, a repeated determination of the losses on the 
same steel specimens gave mean arithmetic and mean 
quadratic deviations not differing by more than 1 — 1.5 
per cent from the mean arithmetic value of test results 
from the original test measurements. 


the value of L,. is reduced by 1.5 per cent, and 
that of L,, increased by 3 per cent. The actual 
value of the loss varies from one steel sheet to 
another, which is caused by differences in the 
value of the elastic stresses present in each 
specimen because of different degrees of wavi- 
ness of the steel sheets tested. Additional losses, 
caused by cold working of the edges during cutt- 
ing of sheets into strips, should also be consi- 
dered. No determination was made of these addi- 
tional losses ** for each individual steel sheet 
and, therefore, such losses can be assessed only 
for the mean values of L,. and L,, by making use, 
for this purpose, of approximate data found for 


analogous materials (see Table 1). In doing so 
the increases in losses, brought about by cold 


working during cutting, should be added alge- 
braically to the mean value of differences between 
losses as determined for steel in the form of sheet 
and strip test specimens. 

In this way, by taking into consideration the 
additional losses caused by cold working of strip 
edges, an approximate value is obtained for the 
increase in L,,. and L,, losses connected with 
the presence of elastic stresses during the testing 
of specimens in the form of steel sheets with a 
wavy surface. This increase in the specific losses 
is of the order of 2 — 10 per cent, as it follows 


from Table 1. 


The increase in the value of losses observed 
during tests of whole steel sheets with some sur- 
face waviness, points also to the fact that, among 
the randomly distributed elastic stresses, there is 
a clear predominance of the effects of the compres- 
sive stresses, which results in a rapid reduction 
in permeability of chrome steel. 

During determination of the L,. and L,, losses 
a parallel measurement was made of the field 
strength for the same values of induction. The 
results obtained in these measurements, expres- 
sed in the form of the ratio 


OF ies =[(Anax)2 —(max):}/(A max) A 


wherein, (7, ,), is the amplitude of field strength 
during tests on whole steel sheets, and i a © 
is the amplitude of field strength after the test 
specimens were cut into strips, and are as given 





** The value of the losses caused by cold working of 
strip edge during cutting is not constant, since it de- 
pends on the material (steel grade, grain size, etc) and 
on the quality of the cutter used. 
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Electromagnetic properties of electrotechnical steel 


TABLE 2. 





Sheets of transformer steel, 


0.5 mm thick 


Sheets of generator steel, 
0.5 mm thick 





(H ax)? — (max)? 


(Hmax)? — max)! 








(%) 


(H 


max)? 








during 
measurement 


of Lio 


during 
measurement 


of L,; 


during 
measurement 


of L,; 


during 
measurement 


of Lio 





— 16 
— 16 
— 10 
- 10 
-—12 
— 22 
2 
— 26 


RK OODN AU S&S wWHD 


— 


26 
13 

5 
23 

9 
14 
16 

7 
13 
17 
14 


KF OOD N AU RWNH 


— 





Mean algebraic difference 
between test results 




















Note: (H 
(A 


max? 


max) 


in Table 2. It is seen from the table that there is 
a reduction in the value of field strength during 
the measurement of L,, losses after the steel 
sheets were cut into strips (as a result of elastic 
stress relaxation brought about by the straighten- 
ing during tests of the curved sheet section), and 
an increase in the value of field strength during 
the determination of L,, losses. As already men- 
tioned above, the effect of elastic stresses on the 
permeability of chrome steel is more pronounced 
in the region of weak fields with a corresponding 
induction of Pies = 10,000 G (during determina- 
tion of L,,), and it is less at much higher field 
strengths with an induction corresponding to 

B ax = 15,000G (in the measurement of L,,). 
The effect of edge cold working, caused by the 
cutting of sheets into strips, on the value of 
field strength was ignored during the measure- 
ments. It is known that the cold working of the 
specimen edges leads to an increase in the field 
strength to an extent necessary for a reaching 
given value of induction. Therefore, the field 


1 — amplitude of magnetic field strength during testing of whole steel sheet; 


2 — amplitude of magnetic field strength during testing of strips made by cutting of steel sheets. 


strength variations connected with elastic stres- 
ses in the steels tested, are in fact slightly dif- 
ferent from those given in Table 2. Namely, the 
values of 5H,,,,, for instance, should, for mean 
results, be greater in the measurement of L,, 
than for L,,. 

Results of the investigations show that the 
straightening of surface uneveness present in 
electrotechnical steel sheets has a significant 
effect on the electromagnetic characteristics of 
steel. Hence it follows that it is necessary to 
obtain steel sheets with a surface that is as flat 
as possible, in order to improve the magnetic pro- 
perties of magnetic sheet as well as to produce 
them in a straight form and thus to ensure a better 
packing. 
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THE EFFECT OF MICROSTRUCTURE ON CHROMIUM DIFFUSION 
IN NICKEL-BASED ALLOYS * 


A.D. TYUTYUNNIK and G.V. ESTULIN 
(Received 10 September 1956) 


The influence of microstructure on the charac- 
ter and parameters of diffusion processes occur- 
ring in metallic alloys at increased temperatures 
is comparatively little known. The effect of 
structure on diffusion [ 1-3] was studied in cer- 
tain investigations dealing with iron alloys. Some 
indications exist, that the diffusion coefficient 
of chromium in nickel-chromium based alloys, 
deviates from the simple temperature dependence 
(with co-ordinates of log D and 1/T), as obtained 
experimentally for the single phase region in the 


temperature interval of 950-1250°C [4], and shifts 


in the direction of higher values if its determin- 
ation is made in the two-phase region (at 870°C). 

The purpose of the present investigation was 
to study the diffusion of chromium in alloys based 
on nickel-chromium-titanium-aluminium alloy (type 
KLN80T), in both the single and two phase 
regions. As a starting material was chosen a 
series of experimental melts based on nickel, 
which contained 20.4 per cent chromium, 2.5 per 
cent titanium, 1 per cent aluminium, 0.04 per cent 
carbon and an addition of titanium varying from 
1.5 to 6.1 per cent. 

On heating above 950-1000°C, the alloys 
tested have a sirigle phase structure of solid 
solution, and at lower temperatures, they have a 
two phase structure, consisting of grains of solid 
soluiion and particles of a complex inter-metallic 
compound of nickel, titanium, aluminium and tan- 
talum, forming preferentially at grain boundaries 
(Fig. 1a, b). 

Diffusion coefficients were determined by 
means of artificial radioactive indicators using 
the method involving a consecutive removal of 
alloy layers. In the tests use was made of **Cr 
radioisotope. The duration of diffusion stabilizing 
treatment in the temperature interval of 900-800°C 
was from 100-150 hr., and in the temperature in- 
terval of from 1000 to 1200°C, 60- 20hr. The test 


procedure employed was described in detail in 


[5]. 
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FIG.1 Microstructure of type KLN80T alloys 

with an addition of tantalum and after ageing for 

15 hrat800° C (x 600). a- 3.3 per cent tantalum, 
b - 6.1 per cent tantalum. 


Numerical values of the experimentally deter- 
mined diffusion coefficients of chromium in the 
alloys investigated are given in Table 1 that 
follows, and a graphical representation of the 
test data is given in Fig. 2. The curve of the 
temperature dependence of the chromium diffusion 
coefficient is characterized by two straight line 
sections: at high temperatures in the temperature 
interval of 1000- 1200°C, and at much lower 
temperatures in the region from 800 to 900°C; the 
point of inflexion, as found graphically, lies 
close to 950°C. 





Chromium diffusion in nickel-based alloys 


TABLE 1. 





Tantalum 
concen- 
tration 


(%) 


Diffusion coefficient (cm?/sec) at temperatures (°C) 


Diffusion 
activation 


energy (kcal/g atom) 





in the temperature 
interval 


1000 — 1200°C 





1,5 
2,4 
3,3 
6,1 





ook ail 
1,9- 107! 
1,8-107!2 
2,3-107!? 
1,3 -107!2 





1 107!2 
5,2 107!? 
4.3-107!2 
2,6-10~!2 





9. 107-12 
1,7-10-!! 
1,6- 107"! 
1,4-107!! 
9.3. 107! 





66 
57 
57 
57 


3.10710 
4.8. 107! 
8,4 , Ate 10719 

Es ak 
9,4 











* Extrapolated from values obtained at high temperatures 
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FIG. 2. Temperature dependence of the chromium 
diffusion coefficient in type KLN 80T alloys con- 
taining various concentrations of tantalum. 


In the high-temperature region, the value of the 
chromium diffusion activation energy values for 
the alloys investigated, which had a tantalum ad- 
dition, are somewhat lower than the corresponding 
values obtained for an alloy of the same type but 
containing no tantalum (see Table 1). As a result 
of a different structural state of the alloys in the 
temperature interval below 1000 - 950°C, it is 
extremely difficult to obtain values for chromium 
diffusion activation energy that would be strictly 
comparable. It can be assumed that, in the single 
phase region (in the temperature interval of 1000 - 
1200°C), the diffusion of chromium in the alloys 
studied is mainly of the volume diffusion type, 
and in the two phase region (in the temperature 
interval of 800 - 900°C), it occurs predominantly 


along the grain boundary and along block boun- 
daries inside the grains.* 

It follows from the data reported here, that 
microstructure plays an important role in diffusion 
processes: by making a structure heterogeneous 
it favours an increase in the diffusion rate, 
which might be a result of a modification of the 
diffusion mechanism. It is possible that, also in 
the case of many other alloys based on the quater- 
nary nickel-chromium-titanium-aluminium system 
(of the type KhN 80T), possessing usually a 
heterogeneous structure after being subjected to 
thermal treatment (annealing and ageing) at 
temperatures below 900°C, a more careful in- 
vestigation involving a direct determination of the 
diffusion characteristics in the region of lower 
temperatures, will lead to the discovery of an 
inflexion point in the log ) - 1/T curves. 

Furthermore, the experimental data obtained 
enable us to conclude that the introduction of 
tantalum into alloys of the KhN 80T type has an 
unfavourable effect on the interatomic bond forces 
and leads to a noticeable increase in the mobil- 
ity of atomic chromium. This nature of the tantalum 
effect on the chromium diffusion constants is in 
full agreement with the influence exerted by this 
element on the high temperature strength of the 
alloys investigated. As the tantalum concentration 
in an alloy is increased (above 2.6 per cent), there 





* These assumptions require a more stringent ex- 
perimental proof by other methods of investigation 
that are capable of distinguishing between the 
volume and boundary types of diffusion. 
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is observed a gradual reduction in the period of 
strength retention, plasticity and toughness at 
temperatures in the interval of 700 - 800°C. 
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INFLUENCE OF MAGNESIUM ON THE INTERNAL FRICTION AT BOUNDARIES 
OF GRAINS AND BLOCKS OF A STRUCTURAL MOSAIC IN THE ALLOYS 
OF ALUMINIUM WITH MAGNESIUM 


A.V. GRIN 
(Received 20 December 1956) 


In order to supplement the test results pub- 
lished previously on investigation of the tempera- 
ture dependence of internal friction in recrystal- 
lized alloys of aluminium with magnesium, some 
new data will now be reported on the effect of 
magnesium on the relaxation processes. The con- 
centration of magnesium varied from 0.01 — 2 per 


Q25 


investigations by T.S. Ke that, in pure metals, 
this maximum gets slightly lower with increasing 
grain size, and that it is absent if the test-speci- 
men contains some larger grains distributed over 
the whole of its length; an increase in the impurity 
concentration in the material also leads to a drop 
in the height of the maximum. Investigation of 
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FIG.1. Temperature dependence of internal fric. 


tion in Al. Mg alloys. 


Grain size 0.15 mm. 


] - magnesium concentration of 0.01 per cent; 


2 - magnesium concentration of 0.05 per cent; 
3 - 0.5; 4 - 1.0 per cent and 5 - 2 per cent. 


cent by weight, and the test-frequency was 1.5 c/s. 


The measurement of internal friction was done 
after the test-specimen was furnace cooled to room 
temperature. 

In Fig.1 are shown internal-friction curves for 
alloys with the following magnesium contents: 
0.01 per cent, 0.05 per cent, 0.5 per cent and | 
and 2 per cent, the grain size being identical in 
all cases and equal to 0.15 mm. From the data 
reported it is clear that for low magnesium con- 
tents (0.01—0.05 per cent), there is only one maxi- 
mum in the curves, which corresponds to a temper- 
ature of 300~—320°C and is connected with the 


appearance of viscous characteristics at the metal 


grain boundaries [1]. It was shown in numerous 
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the influence of grain size on the internal friction 
was carried out for an alloy with magnesium con- 
centration of 0.01 per cent. This dependence is 
shown graphically in Fig.2. It is clear from Fig.1 
that the effect of grain size on the maximum is 
similar to that observed by Ke. The displacement 
of the maximum along the temperature axis is 
within the interval of 320 + 10°C. 

In alloys with magnesium concentrations of 0.5 
and 1 per cent (Fig.l), there appears a second 
maximum at a temperature of about 380°C, in 
addition to the first internal friction maximum 
corresponding to about 300°C. The influence of 
grain size has also a more complex character in 
this case, as it is shown in Fig.3 for an alloy 
with magnesium concentration of 0.5 per cent. 
Here, the first maximum decreases gradually with 
increasing grain size, whereas the second maxi- 
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FIG.2. Influence of grain size on internal fric- 

tion in an alloy with 0.01 per cent magnesium 

concentration; | - average grain diameter ~ 0.07 

mm; IT -~ 0.1 mm; III -~ 0.15 mm; IV -~ 0.3 
and V -~ 1 mm. 


mum remains basically at the same height and is imum can diminish as a result of purely geometric 
only slightly displaced towards higher tempera- considerations if the grain size happens to coin- 


tures, a reduction in its height setting in only cide with the diameter of the test-specimen. 

after annealing at high temperatures when the In considering possible reasons for the anoma- 
grain size is strongly increased. It should be re- lous appearance of the second high-temperature 
marked that the height of the internal friction max- maximum, one should not regard it as being asso- 
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FIG.3. Influence of grain size on internal friction 

in an alloy with 0.5 per cent magnesium concen- 

tration; | - average grain diameter of ~ 0.07 mm; 

II -~ 0.1 mm; III - ~~ 0.15 mm; IV -~ 0.3 mn; 
V -~ 0.5 mm and VI -~ 2 mm. 





Internal friction in alloys of aluminium with magnesium 


ciated with the magnesium diffusion since the 
maximum disappears when the magnesium concen- 
tration in the alloy is increased to 2 per‘cent. 
The existence of two maxima was previously ob- 
served in investigations [2] in the case of recrys- 
tallized gold of a high degree of purity of 99.9998 
per cent. The authors explain the occurrence of 
the second crystallization maximum by a higher 
stability of the grains formed after collective re- 
crystallization in comparison with that after the 
primary one. However, data obtained by us 
obtained in the case of gold as well as with the 
alloys of aluminium with magnesium, show that 
the second maximum should, undoubtedly be 
associated with stress relaxation in block boun- 
daries of the structural mosaic. 

Absence of the high temperature maximum at 
low concentrations of magnesium could be ex- 
plained qualitatively by the fact that the size of 
blocks is increased strongly during the recrystal- 
lization process, the total length of block boun- 
daries is small and, consequently their relative 
contribution to the internal friction is insignifi- 
cant. On the other hand, it is known that the 
alloying of aluminium diminishes strongly the 
block dimensions after deformation and increases 
the state of disorder of the blocks [3]; furthermore, 
it was indicated in investigations referred to in 
[4], that there is a strong reduction in the rate of 
block growth in aluminium of commercial purity, 
in comparison with that of a highly pure aluminium. 
Thus, in the case of aluminium alloyed with mag- 
nesium, there exist a possibility of obtaining in 
the recrystallized material a considerable length 
of the mosaic blocks, which form some kind of net- 
work inside each grain and give a maximum on the 
curve of internal friction that is analogous to that 
obtaining with grain boundaries. Since block 
boundaries are associated with crystalline lattice 
deformations that are of a lower intensity than 
those corresponding to grain boundaries, the 
displacement of atoms within their region, which 
leads to internal friction, should occur at much 
higher temperatures, as it is observed experimen- 
tally. 

The possibility of a non-uniform distribution of 
magnesium atoms over the volume of a deformed 
material, near to slip planes, in the boundaries of 
mosaic blocks, at the dislocations etc, was poin- 
ted out in work [5]. According to the internal 


intercrystalline adsorption theory [6], a non- 
uniform distribution of the admixed magnesium 
should be expected also in the recrystallized 
state. As the concentration of magnesium in the 
alloy is increased, there is observed a reduction 
in the height of the maximum corresponding to 
300°C, which points to a reduction in the degree 
of relaxation, or viscous slipping setting in on the 
grain boundaries, that is, it indicates an enrich- 
ment of atomic concentration in the boundaries 
(Fig.1). This dependence is shown graphically 

in Fig.4 for a grain size of 0.15 mm. Our data 
show that there are two factors that tend to 

reduce the height of the stress relaxation maximum 
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FIG.4. Dependence of the height of maximum cor- 
responding to about 300°C on the concentration of 
magnesium. Grain size of 0.15 mm. 


in grain boundaries: a geometrical factor, this is, 
in consequence of increasing the length of boun- 
daries, and a second factor, which is the redistri- 
bution of atoms of the alloying admixture during 
the process of recrystallization to various grain 
sizes. The influence of this latter factor may be 
much more pronounced than that of the first one. 

The measurement of activation energy showed 
that, during dissolution in aluminium of 0.01 per 
cent of magnesium, the value of activation energy 
for the stress relaxation process in the grain 
boundaries is approximately double that obtained 
in Ke’s investigations [1] on aluminium of 99,991 
per cent purity. 

The absence of the second maximum in internal 
friction curve for an alloy containing 2 per cent 
magnesium can also, no doubt, be explained by 
enrichment of block boundaries with the alloying 
metal, which inhibits the occurence of slip in such 


boundaries. 
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Thus, on the basis of test results obtained in 
investigations involving internal friction approach, 
it is possible to draw conclusions regarding the 
distribution of magnesium with respect to alumin- 


ium. 
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VARIATION IN THE ELECTRICAL RESISTIVITY OF CAST IRON 
BROUGHT ABOUT BY THE GRAPHITE FORMED IN IT * 


V.P. CHERNOBROVKIN 
(Received 13 December 1956) 


Graphite separates out during the cooling of 
cast iron in casting moulds. Some authors [1] con- 
sider that the separation of graphite occurs during 
solidification of cast iron, and others [2] are of 
the opinion that it takes place after the metal has 
solidified. 

It is known from literature data [3] that the elec- 
trical resistivity of iron-carbon alloys depends on 
their structure. Furthermore, it is also known that 
the electrical resistivity of graphite is consider- 
ably higher than that of ferrite, pearlite and cemen- 
tite. Thus, in the light of the above concepts one 
should expect that the electrical resistivity of 
cast iron will increase at the moment of the 
separation of graphite. Consequently, if the varia- 
tion of the temperature and electrical resistivity of 
cast iron is determined in function of time, it 
should be possible to define temperature interval 
of graphite formation, and this should enable an 
accurate fixing of the moment of its separation: 
during the solidification period of cast iron, or 
after it. 

Furthermore, an investigation of this kind would 
enable a correlation to be obtained between the 
value of increase in the electrical resistivity and 
the dimension of the graphite inclusions formed, 
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FIG. 1. Diagrammatic representation of the ex- 

perimental set-up used for the measurement of 

electrical resistivity of cast iron poured into a 
sand mould. 
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which might serve as a basis for the technological 
control of the type of graphite forming in cast iron. 

The electrical resistivity of cast iron was 
measured by fhe voltmeter-ammeter method during 
its solidification in a sand mould (Fig. 1). 

Two holes are made in the mould 580mm from 
each other. Into these holes are inserted refractory 
pipes with iron contact rods A and B pushed 
through them. The outside ends of the rods are 
connected by wires to a millivoltmeter G. 

Current from a battery source is passed through 
the cast iron filling the sand mould. A certain 
potential difference is created at pointe A and B 
because of a definite resistance offered to the 
flow of current through the cast iron, and this 
potential difference is measured on a millivolt- 
meter G, The strength of current is regulated by a 
rheostat R and an ammeter A. 

The specific resistivity of cast iron is deter- 
mined by the formula p = V/I. s/l1(2/cm), where 
p-speciiic resistivity, V-potential difference in 
mV, /- current strength in 4, s - cross-section area 
of the test specimen, in cm?, and 1 - distance be- 
tween the contacts in cm. 

The following experimental procedure was used 
in the tests: molten iron was heated to a definite 
temperature, transferred from the furnace into a 
pouring laddle and then poured into the mould. 
Just before the actual pouring of the iron, a Pt/Pt. 
Rh thermocouple heated to 900- 1000°C was put 
into the mould. The hot junction of the thermo- 
couple was placed in the mould near the pouring 
gate. At the moment of pouring a stop-watch was 
started, and readings taken of the instruments at 
various times. The experimental procedure des- 
cribed above was used in investigations of cast 
irons of different chemical composition, with a 
high and an insignificant degree of overheating 
in the furnace, with and without magnesium treat- 
ment and also in tests on cast iron subjected to 
various other types of pretreatment. 

In all, more than 100 tests were carried out. 

In this report, experimental results are given as 
obtained in tests with white iron (Table 1), grey iron 
(Table 2) and with grey magnesium iron (Table 3). 
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The series of instrument readings was taken 
immediately after the iron was poured into the mould. 
The values of electrical resistivity calculated from 
these data correspond to those of molten iron and 


were usually of the order of 145-155 p2/cm. 


It was found in the tests that an addition to iron 
of various elements has no effect on its electrical 
resistance in the molten state. 

No data have been reported in technical litera- 
ture for the electrical resistivity of molten iron, 
and no accurate determination was made of it al- 


so in our tests. 
Livshits [4] reported that, according to rough 


TABLE 1. White Iron: 3.8 per cent C; 0,2 per cent Si; 
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Vagenman’s data, the electrical resistivity of 
molten iron is 13] ~2/cem. A comparison of this 
figure with our data shows that the discrepancy is 
not very big. 

It is clear from the results obtained in this test 
series that the electrical resistivity of cast iron 
reduces slightly as the iron cools down. Such re- 
duction was found, however, only if the iron was 
poured at a high temperature. 

No reduction in the value of electrical resistivity 
was observed when the pouring temperature of iron 
was high. 


The character of the variation in the electrical 


0.2 per cent Mn; 0.1 per cent P; 0.02 per cent S. 
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TABLE 2. Grey Irom: 3.9 per cent C; 


1.3 per cent Si; 


0.2 per cent Mn; 0.1 per cent P; 0.02 per cent S. 
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TABLE 3. Grey Magnesium Iron: 3.9 per cent C; 1.3 per cent Si; 0:2 per cent Mn; 
0.1 per cent P; 0.005 per cent S; 0.05 per cent Mg. 
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Note: The time was measured from the moment of pouring the mould. 
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resistivity of cast iron during the period of its 
solidification depends on the amount and type of 
the graphite formed. 

The electrical resistivity of white iron (see 
Table 1) remains constant during the period of 
solidification; in the case of normal grey irons, 
there is observed a strong increase in the values 
of electrical resistivity, which, in some cases, 
amounts to 25 or more per cent (see Table 2); with 
magnesium grey irons, no change was observed in 
the electrical resistivity, and the same applies 
to white irons. 

If grey iron is overheated, the rate at which its 
electrical resistivity increases during solidifica- 
tion is lower than that found in a grey iron that 
was not overheated. Electrical resistivity of cast 
iron at room temperatures also depends on its 
graphite content. It follows from the experimental 
data reported, that the highest electrical resistivity 
is shown by cast iron containing a large amount of 
large graphite flakes, namely, the iron with spheroi- 
dal graphite and the pearlite- ferrite matrix. 


CONCLUSION 


1. Graphite forms in ordinary grey iron during 
the period of its solidification. 

2. The variation in the electrical resistivity of 
cast iron during its solidification stage depends 
on the form and amount of the graphite formed. 

3. By determining the electrical resistivity of 
cast iron it is possible to provide a basis for the 
technological control of the form and quantity of 
graphite inclusions separating out in the iron 
(during its solidification stage). 
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CONCERNING SOME THEORY OF ANTIFERROMAGNETISM* 


V.M. TSUKERNIK 
(Received ] November 1956) 


At present there is no thorough microscopic 
theory of antiferromagnetism. The difficulties 
which lie in the way of constructing such a 
theory are connected with finding the ground state 
of the antiferromagnetic this being a system with 
a negative exchange integral, and in such a sys- 
tem the absence of magnetization in the ground 
state does not uniquely determine the distribution 
of “right” and “left” spins, which therefore 
necessitates the calculation of all the exchange 
interactions. 

An accurate solution of the problem of finding 
the ground state was given by Bethe [1] for a uni- 
dimensional antiferromagnetic lattice. In the case 
of multidimensional lattices, in the absence of an 
accurate solution, supplementary hypotheses are 
made about the spin structure of the antiferromag- 
netic in its ground state. The existing theory is 
based on the regular alternation of “right” and 
“left” spins in the ground state. Such an hypothe- 
sis does not contradict neutronographic researches 
into antiferromagnetics at low temperatures, and 
gives a temperature curve which corresponds 
satisfactorily with experimental findings. 


With the aid of the above-mentioned model we 
investigated a number of kinetic processes in 
antiferromagnetic dielectrics at low temperatures. 
This demands first and foremost a knowledge of 
the energy spectrum and spin wave functions of 
the system. This is obtained with the help of the 
general method adopted earlier for investigating 
the thermal vibrations in crystals. This is the 
method employed by S.V. Tyablikov [2]. 

Confining ourselves to the exchange interaction 
and interaction with the external magnetic field, 
we write the Hamiltonian of the system in the 


following form: 
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where i, pe are the vector numbers of the elemen- 
tary cells; a, 8 are the numbers of the atoms in 
the cells (atoms with differing spin orientations 
in the ground state are considered to differ, me 
is the exchange integral; Sx. Sj are the vec- 
tor operators of the atom spins; g is the Lande 
factor; p. is the Bohr magneton; H is the external 
magnetic field. Hamiltonian (1) may conveniently 
be expressed by the secondary quantization 
operators aj, and a*/,,, first introduced by Holstein 
and Primakov [3]. The Hamiltonian thus obtained 
can be expanded in powers of the operators, and 
since at low temperatures only states close to the 
ground state are effective, we may confine our- 
selves to terms quadratic in relation to ajq and 
a*/,,. For the diagonalization of the isolated 
basic part of the Hamiltonian H® it is convenient 
to convert to motion equations for the operators 


> 
ala Ape 


i 
a., <= —— (N°. —a_,H}. 
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7, 

A solution of the system of linear equations 
(2) gives the energy and wave functions of the 
elementary excitations (spin waves), which are 
essential for investigating the kinetic processes. 
As a result the following formulae are obtained: 
for a simple cubic lattice the energy of the spin 
wave is - 


e.2=V (128SI)*— 16S? 








- (cos ak, + cos aky + cos ak,)* + 
+ groH, 


and the corresponding wave functions:- 
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where / is the magnitude of the exchange integral 
for the nearest neighbours, and S$ is the magnitude 
of the atom spin of the lattice. 

For a body-centred cubic lattice: 
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Formula (3) coincides with the corresponding 
results obtained by Ziman [3]. 

When investigating the kinetic processes in 
antiferromagnetics we made use of the perturbation 
theory in the same form as employed by Akhiezer 
for ferromagnetics. Hence it is necessary to 
include in the Hamiltonian a term describing the 
magnetic spin-spin interaction, as follows: 


R ~~ + " 4 
la, mB _is the radius-vector, between the atoms 


i, and h g. In Hamiltonian (1) this term is absent, 
since it has no essential influence on the energy 
of the spin wave. Terms of the third and higher 
orders relative to aj, and a*j, in the expansion 
of the Hamiltonian H +Hm describe the interaction 
of the spin waves one with another. Moreover, 
when the Hamiltonian is expanded in powers of 
the deflexion of the atoms from equilibrium, terms 
are obtained which contain these deflections 
linearly, and the operators aj, and A*j, quadratic 
ally. These terms describe the interaction of the 
spin waves with the lattice vibrations (phonons). 

With the aid of the perturbation theory the tran- 
sition probabilities for the corresponding inter- 
actions are found, and then the relaxation time is 
found from the collision integral. 

The relaxation time, controlled by the interac- 


tion of the spin waves one with another, is equal to: 


po 
where W, =~ is the magnetic interaction energy 


for the spins of nearest neighbours, 7 is the tem- 
perature, and 6, the Curie temperature. For the 
spin-wave interactjon with the phonons the follow- 
ing values of the relaxation time are obtained. 


When 
aw 
tS / ag 


the relaxation time is + 77-5, 


but when 


(6 is the Debye temperature of the lattice, & is 
the Boltzmann constant). 

A comparison of the results shows that in the 
establishment of equilibrium in antiferromagnetics 
the basic role is played by the processes of spin 
wave interaction with the lattice vibrations, whilst 
in ferromagnetics the basic role is played by the 
collisions of the spin waves one with another. 
This is connected with the fact that in antiferro- 
magnetics an essential role in the spin wave col- 
lisions is played by transfer processes leading 
to the exponential dependence of time on tempera- 
ture. In ferromagnetics these processes are 
unimportant. 

In conclusion | thank A.[. Akhieser and 
M.I. Kaganov for useful discussions on the results 


of my work. 
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